
 
 

 

DISSERTATION 

Titel der Dissertation 

„Investigations of the static and dynamic mechanical 
properties of nanostructured Cu and Cu-Al alloys  

processed by High-Pressure Torsion“ 

Verfasserin  

Mag. Jelena Horky 

angestrebter akademischer Grad 

Doktorin der Naturwissenschaften (Dr. rer. nat) 

Wien, 2015  

Studienkennzahl lt. Studienblatt: A 091 411 

Dissertationsgebiet  lt. Studienblatt: Physik 

Betreuerin / Betreuer: ao. Univ.-Prof. Dr. Michael Zehetbauer 
 
 
 





Abstract
This thesis deals with different aspects concerning the mechanical behaviour
of nanostructured materials processed by High-Pressure Torsion (HPT). Fur-
thermore, different experimental set-ups which have been developed to mea-
sure mechanical properties of small-scaled samples are presented.

Tensile tests of HPT Cu and Cu-Al alloys and their analysis using the Taylor
equation reveal that the strength of these materials is to be ascribed mainly to
the high dislocation density, and not only to the limited grain size. Moreover,
the dislocations are in a low-stress arrangement. It is shown that such an
arrangement is beneficial for the ductility. A comparison with literature data
reveals that the dislocation arrangement, which is mainly determined by the
processing parameters, has more influence on the ductility than the stacking
fault energy or the twin density of the material.

Further experiments investigate cyclic deformation behaviour in the high
cycle fatigue regime as well as crack growth in HPT Cu of different purity
and thermal stability. These dynamic mechanical properties are also studied
in a high purity HPT Cu with bimodal grain size distribution. Nanostructured
HPT Cu generally shows an enhanced fatigue strength compared to its coarse
grained counterpart. However, in case of high purity HPT processed material,
grain coarsening at high number of loading cycles occurs which markedly
deteriorates the fatigue strength. As concerns the fatigue crack growth rate,
that of HPT Cu is increased compared to the coarse grained material. Also
the threshold stress intensity factor range is lower. At low crack propagation
rates, grain coarsening also occurs during crack growth near the crack tip.
This phenomenon leads to a retardation of fatigue crack growth and takes
place irrespective of the purity of the HPT material. However, a certain level
of stored energy being connected to a certain density of deformation-induced
defects seems to be a condition for this behaviour.





Kurzfassung
Die vorliegende Dissertation behandelt verschiedene Aspekte des mecha-
nischen Verhaltens nanostrukturierter Materialien, die mittels Hochdruck-Tor-
sion (HPT) hergestellt wurden. Außerdem werden unterschiedliche experi-
mentelle Aufbauten vorgestellt, die zur Messung mechanischer Eigenschaften
von Proben mit kleinen Dimensionen entwickelt wurden.

Zugversuche an HPT Cu und Cu-Al-Legierungen und deren Analyse mit-
hilfe der Taylor-Gleichung zeigen, dass die Festigkeit dieser Materialien in
erster Linie der hohen Versetzungsdichte zuzuschreiben ist und nicht allein
der limitierten Korngröße. Die Versetzungen befinden sich außerdem in einer
spannungsarmen Anordnung, welche sich ihrerseits positiv auf die Duktilität
auswirkt. Durch Vergleich mit Literaturdaten wird gezeigt, dass die Verset-
zungsanordnung, die hauptsächlich durch die Prozessparameter bestimmt
wird, einen größeren Einfluss auf die Duktilität hat als andere Materialpara-
meter wie die Stapelfehlerenergie oder die Dichte der Zwillingskorngrenzen.

Weitere Experimente untersuchen das Wechselverformungsverhalten sowie
das Ermüdungsrisswachstum in HPT Cu unterschiedlicher Reinheit bzw. ther-
mischer Stabilität. Diese dynamischen mechanischen Eigenschaften werden
außerdem an hochreinem HPT Cu mit einer bimodalen Korngrößenverteilung
studiert. Die nanostrukturierten HPT Materialien zeigen durchwegs eine
gegenüber dem unprozessierten grobkörnigen Zustand verbesserte zyklische
Dauerfestigkeit. Allerdings wird diese in hochreinem HPT Cu durch eine
bei hoher Lastwechselzahl auftretende Kornvergröberung stark beeinträchtigt.
Andererseits ist das Ermüdungsrisswachstum in nanostrukturiertem HPT Cu
erhöht, auch der Schwellwert des Spannungsintensitätsfaktors ist kleiner im
Vergleich zu grobkörnigem Cu. Im Bereich sehr niedriger Risswachstumsraten
kommt es auch hier zu einer Kornvergröberung im Bereich um die Rissspitze.
Diese führt zu einer Verlangsamung des Risswachstums und tritt unabhängig
von der Reinheit auf. Allerdings scheint ein bestimmtes Ausmaß an gespei-
cherter Energie, die mit einer bestimmten Dichte an Verformungsdefekten
verbunden ist, Voraussetzung für dieses Verhalten zu sein.
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Introduction

This thesis deals with the mechanical behaviour of nanostructured materials. The inves-
tigated properties range from tensile strength and ductility to the mechanical behaviour
under cyclic loading with a focus on fatigue crack growth. The investigated materials are
copper and copper alloys prepared by High-Pressure Torsion (HPT), a technique which
deforms disc shaped specimens by shear under high hydrostatic pressure [1, 2]. The
materials processed by this SPD (Severe Plastic Deformation) technique have grain sizes
in the sub-micron and nanometer range and a high dislocation density and vacancy
concentration [3–5].
The effect of SPD processing on mechanical properties has been quite widely inves-

tigated by different research groups studying different metals and alloys (see for exam-
ple [1, 6–10]). However, while the drastic increase of strength is obvious, the influence of
SPD processing on ductility, fatigue strength and resistance against fatigue crack growth
is not that well investigated.

It is the aim of this work to shed more light on the relation between the microstructure
obtained by SPD and the mechanical properties of these materials. Copper has been
chosen because it is a rather simple single phase material which has been the subject of
many previous studies.

The precise research questions are derived from the literature overview (chapter 3) and
cover ductility and strength of HPT processed Cu-Al alloys as well as crack propagation in
HPT Cu of different purity and different microstructural stability as shortly summarised
here:
A lower stacking fault energy as well as a lower processing temperature both lead

to a higher twin density of SPD processed metals [11–15]. Literature reports that such
materials exhibit a better ductility [16–21]. It is the aim of this work to critically inspect
this statement and to investigate the influence of grain size, dislocation density and
arrangement as well as twin density on strength and ductility of SPD Cu-Al alloys. Own
experiments on HPT processed materials will be discussed in comparison with results
from literature using different SPD techniques.
Concerning the fatigue strength, it was observed by several authors that the stability of

the microstructure of SPD materials is a big topic in case of cyclic loading [22–26]. Strain-
induced grain coarsening was found to have a detrimental effect on the fatigue life time
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Introduction

in high purity SPD Cu. It is the aim of this thesis to investigate not only fatigue strength
but also fatigue crack growth behaviour of HPT Cu of different purity and to examine
the influence of microstructural stability on fatigue crack propagation. Furthermore,
a bimodally structured high purity HPT Cu obtained by a proper heat treatment is
investigated. This material exhibits higher microstructural stability and higher ductility
but lower strength compared to the HPT processed one.

One general issue when investigating and comparing the mechanical properties of SPD
processed materials is the usually limited sample size. Especially in case of HPT which
produces rather small disc shaped specimens, non-standard sample geometries have to
be used. The development of reliable experimental set-ups is therefore an important part
of this thesis.
A laser-speckle based sensor for contactless strain measurement was successfully

adopted to obtain tensile stress-strain curves of miniaturised dog-bone shaped speci-
mens. A set-up and sample geometry to investigate the fatigue properties in the high
cycle fatigue regime was developed within my Diploma thesis and is also used in this
work. Fatigue crack growth properties of miniaturised HPT specimens were measured
using a newly developed and carefully calibrated specimen holder and geometry.

Outline of the thesis
The thesis consists of three parts. The first part gives a general introduction to defects
in crystalline materials as well as to the mechanical properties investigated within this
work and the different ways to determine them. Furthermore, there is a chapter giving
a detailed literature review on nanostructured materials, their production, structure and
especially their mechanical properties. The precise research questions are obtained from
this literature overview.

The second part describes in detail the experiments done within this work. As all the
mechanical tests were conducted using small-sized specimens and specially adapted test
set-ups, particular emphasis is given on this chapter. Details on the sample geometry,
the sample preparation, the set-up, as well as on calibration measurements are given
separately for tensile tests, fatigue life time tests in the high cycle fatigue regime and crack
propagation tests in chapters 4, 5 and 6, respectively. The section on the laser-speckle
sensor for direct strain measurement during tensile straining has already been published
in the Proceedings of the 20th IMEKO TC2 Symposium on Photonics in Measurement in 2011.

The third part is a presentation and discussion of the obtained results. The first chapter
therein covers the tensile strength and ductility of HPT processed Cu and Cu-Al alloys.
The influence of the microstructure obtained by SPD processing (grain size, dislocation
density and arrangement, twin density) on strength and ductility will be discussed.

2



Introduction

The next two chapters within this part deal with the fatigue and crack propagation
behaviour of nanostructured Cu processed by HPT. These two chapters have already been
published in peer-reviewed international journals. The first paper “Role of structural
parameters of ultra-fine grained Cu for its fatigue and crack growth behaviour” (p. 83)
was published in Journal of Alloys and Compounds in 2011 and covers mainly the fatigue
strength and the threshold stress intensity factor range of HPT Cu of different purity and
grain size. The second paper entitled “Effect of microstructural stability on fatigue crack
growth behaviour of nanostructured Cu” (p. 91) was published in Mechanics of Materials
in 2013. It is a continuation of the research published in the first paper with focus on
the influence of strain-induced grain coarsening on crack propagation rates.
This part is completed by a detailed summary of all the results and an outlook con-

taining some remarks for possible future investigations.

Some further results which are mainly connected to the work on Cu-Al alloys (namely
details on short-range order in the alloys and a short study of an HPT processed Cu-Al-Zn
alloy) can be found in the appendix.
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Part I

Theoretical background and

literature overview

1 Defects in crystalline metallic ma-
terials

This section gives an introduction to the different types of defects existing in a crystalline
metallic material. To keep this section short, it will only deal with defects in single phase
materials. For further information on the various effects of different solute atoms, phase
boundaries and precipitates, the reader is referred to standard textbooks (e.g. [27–32]).

1.1 Vacancies

A vacancy is simply a point defect where a lattice site is vacant. A certain vacancy
concentration exists even in thermodynamic equilibrium at finite temperatures, so it
is not possible to get a vacancy-free crystal. For example, the equilibrium vacancy
concentration (vacant lattice sites per overall lattice sites) at the melting point is 2 × 10-4

for copper [27, p. 61]. At room temperature this equilibrium value is much lower (in the
range of 10-21) but one has to take into account that the mobility of the vacancies is also
markedly decreased at low temperatures. Hence, a high vacancy concentration at room
temperature can be produced by rapidly quenching a material from a temperature close
to the melting point.

During plastic deformation of a metal, vacancies can be absorbed or emitted by the
climb of edge dislocations or they can be created by other mechanisms involving the
movement and interaction of dislocations [33]. Typical vacancy concentrations after
conventional deformation are in the order of 10-5 – 10-6 [33].

Moreover, vacancies are mainly responsible for diffusion processes [29, p. 155f].
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1 Defects in crystalline metallic materials

1.2 Dislocations
Dislocations are line defects within the crystalline lattice. In case of an edge dislocation,
one lattice plane ends within the crystal as depicted in fig. 1.1a. The second possibility of
a dislocation can be seen in fig. 1.1b and is called screw dislocation.
Almost every “real” dislocation is a mixture between those two principle types but a

mixed dislocation line can always be separated within a screw and an edge part.

(a) Two-dimensional sketch of an edge dislocation.
The dislocation line is perpendicular to the image
plane at the position of the red mark.

(b) Crystalline lattice around a screw dislo-
cation. The dislocation line is marked in red.

Figure 1.1: Dislocations (after [27, p. 65f]).

Dislocations are characterised by their dislocation line vector and their Burgers vector,
the second being the length and direction the two parts of the crystal are shifted against
each other when the dislocation is moving [27, p. 66].
When a stress is applied to a crystalline material, the glide of dislocations causes

plastic deformation. The glide plane is the cross product of the dislocation line vector
and the Burgers vector [27, p. 69]. In case of a screw dislocation these two vectors are
parallel, so a screw dislocation has no well-defined glide plane and can therefore change
its glide plane easily. This is called cross slip. Edge dislocations and mixed dislocations on
the other hand can only change their glide plane through climb. This requires vacancies.
Edge dislocations can therefore annihilate and also create vacancies.
A typical value for the dislocation density of an annealed metal is 1012 m−2 [34, p. 235].

This means that within one cubic millimeter there are dislocations that have a total length
of one kilometer. Dislocations can be created and multiplied during plastic deformation,
for example by the Frank-Read-mechanism [29, p. 241]. When two antiparallel dislocations
meet, they can also annihilate.
If the movement of a dislocation is hindered by some obstacle (this can be other

dislocations, boundaries or particles), a higher stress is required to overcome this obstacle.
Introducing barriers for dislocation glide therefore increases the strength of a material.

6



1.3 Stacking faults

1.3 Stacking faults

A stacking fault is a defect in the stacking sequence of the close-packed lattice planes. It
can either be grown in during solidification or created during plastic deformation by the
movement of a partial dislocation [29, p. 40].

The specific energy of a stacking fault – the stacking fault energy (SFE) – is an important
material parameter determining the dissociation length of partial dislocations and thereby
also the slip and twinning behaviour of a material, see p. 8.

1.4 Grain boundaries

A grain boundary is the interface between two areas (= grains or crystallites) exhibiting
the same lattice structure but different orientations [27, p. 73]. The lattices of the two
grains can thereby by twisted or tilted against each other – leading to the differentiation
between twist and tilt boundaries. However, most grain boundaries have both features.

A common classification distinguishes between low-angle grain boundaries (LAGBs) and
high-angle grain boundaries (HAGBs). The first ones have misorientation angles below
10-15◦ and can be build up by parallel edge dislocations in case of a tilt boundary or by
an array of screw dislocations in case of a twist boundary [29, p. 41]. HAGBs exhibit a
larger misorientation angle and have a highly distorted structure which can in general
not be described easily.

Grain boundaries are usually rather straight, as can be seen in fig. 1.2. The point where
the boundaries of three neighbouring grains meet each other is called triple junction.

Figure 1.2: Light microscopy image of the grain structure in a magnesium alloy

revealed by etching.

Grain boundaries block the movement of dislocations, thereby increasing the strength
of the material. This is described in detail in section 2.1.1.
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1 Defects in crystalline metallic materials

1.4.1 Twin boundaries

Mechanical twinning is a deformation mechanism where a part of the crystal (or the
grain) is transformed by shear into an orientation with mirror symmetry relative to the
matrix [27, p. 207]. The boundary in between is called twin boundary and is highly
coherent, see fig. 1.3. There are different twinning systems (i.e. twinning planes and
shear directions) for different lattice types; in cubic lattices there are 12 twinning systems.
Furthermore, the specific energy of a twin boundary depends on the material.

Figure 1.3: 2D-sketch of a twin boundary.

The critical stress for twinning is generally larger than for dislocation glide. Mechanical
twinning therefore mainly occurs at high degrees of deformation or at deformation at
low temperatures – in both cases the critical stress for (further) dislocation movement is
enhanced.

Other possibilities for twins are annealing twins which can form during recrystallisation
or grain growth and twin boundaries grown in during solidification [27, p. 212]. They are
not associated with shear of the crystal.

Stacking fault energy and twinning
A lower stacking fault energy (SFE) is known to promote twinning. The reason for this

relation is the following: A full dislocation can decrease its energy through a dissociation
into two partial dislocations. Each of these partials has half of the Burgers vector (b)
of the full dislocation and due to the fact that the energy of a dislocation is 1

2Gb2

per unit length (with G being the shear modulus) [27, p. 221], the two partials have a
lower total energy than the full dislocation. A stacking fault forms between the two
partial dislocations which has a certain energy and prevents a complete separation of the
partials as depicted in fig. 1.4.

Due to the fact that the partials of a full screw dislocation are no screw dislocations
any more, cross slip of a dissociated screw dislocation is only possible if the two partials
recombine. In a material with lower SFE and therefore a larger distance between the
partials, larger stresses are necessary to recombine the partials and allow cross slip [27,
p. 240ff]. This has a high hardening effect and can lead to deformation by mechanical
twinning instead of dislocation glide [27, p. 297].
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1.4 Grain boundaries

Figure 1.4: Dissociation of a full dislocation (a) into two partials (b) generating a

stacking fault in between (after [27, p. 241]).

Another way to promote deformation by mechanical twinning is lowering the defor-
mation temperature or increasing the strain rate. With both, the dislocation motion will
be restricted and the critical resolved shear stress (CRSS) for dislocation slip will be in-
creased by a larger amount than the CRSS for twinning [17, 35]. The difference between
the CRSS values for the two deformation modes will therefore get smaller with decreas-
ing deformation temperature and twinning will occur more frequently. The influences
of strain rate and deformation temperature can be described by a single parameter, the
Zener-Hollomon parameter Z [36]:

ln Z = ln ε̇+ Q

RT
(1.1)

where ε̇ is the strain rate, Q the activation energy for diffusion, R the gas constant and
T the temperature.
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2 Mechanical properties of
metallic materials

2.1 Static properties: Tensile tests
The most common experiment to determine mechanical properties of materials is a quasi-
static (which means low strain rate) tensile test. Other static mechanical tests would be
compression tests, bending tests or torsion tests – but as they are not part of this work
they will not be described further.
In a tensile test, a specimen with the shape of a bar or rod is continuously strained

until failure. The typical result of such a test can be seen in fig. 2.1.

Symbol Name

σ stress
ε strain
σU T S ultimate tensile strength
σy yield strength
εuni f uniform tensile elongation
εtot total tensile elongation

Figure 2.1: Sketch of a typical engineering stress-strain curve of a ductile metallic

material.

Definition of stress and strain – “Engineering vs. True”
During a tensile test a certain force (F ) is applied leading to an engineering stress

σeng = F
A0
, where A0 is the initial cross-section area of the sample. As the cross-section

changes during testing – the sample gets longer and thinner – the true stress can be
defined as σtr ue = F

A , where in this case A is the actual cross-section area of the sample.
As long as the deformation is uniform and no localised deformation (= necking) occurs,

the actual cross-section can be calculated using the conservation of volume: A0 × l0 =
A × l = const ., where l0 is the initial length and l the actual length of the specimen.
This leads to a correlation between the engineering and the true stress:

σtr ue =σeng (1+εeng ) (2.1)

Similar definitions can be made in case of the strain. The engineering strain refers to
the initial length of the specimen (eq. 2.2) while the true strain is the derivative of the
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2 Mechanical properties of metallic materials

length related to the actual length (eq. 2.3).

εeng = l − l0

l0
= Δl

l0
(2.2)

dεtr ue = dl

l
(2.3)

An integration of the latter formula leads to the following:

εtr ue =
∫l

l0

dl

l
= ln

l

l0
= ln

l0 +Δl

l0
(2.4)

εtr ue = ln(1+εeng ) (2.5)

The equations 2.1 & 2.5 are often used to calculate the more physical true stress-strain
curve from the engineering one. But while eq. 2.5 is always valid, eq. 2.1 implies a uniform
deformation and is therefore only valid until the ultimate tensile strength. To determine
the true stress when necking occurs, the smallest cross-section area must be measured
in-situ during the experiment.

2.1.1 Elastic and plastic deformation

If an external force is applied to a material, it will deform. If the applied stress stays
below the yield strength of the investigated material, the deformation will be elastic,
which means that the original shape of the specimen will be regained immediately when
the stress is released. In case of a tensile or compressive force the relation between the
applied stress σ and the resulting strain ε is given by Hook’s law, where E is the Young’s
modulus or elastic modulus:

σ= E ε (2.6)

The value of the Young’s modulus is determined by the material or alloy composition
and in case of single crystals or heavily textured material also by the angle between the
applied force and the crystal orientation.
Strictly speaking, elastic deformation only takes place at strain values below 10-4 [27,

p. 190] but the first non-linear behaviour is only microscopically and technically insignifi-
cant. However, if the applied stress exceeds the yield strength of the material, the sample
starts to flow and deforms plastically.

In contrast to elastic deformation, plastic deformation of a solid leads to an irreversible
change of the specimen’s shape. The main mechanism thereby is the movement of
dislocations, see section 1.2. During plastic deformation the dislocations accumulate and
the material hardens. In a tensile test this strain or work hardening compensates the
decrease in cross-sectional area and the stress continues to rise [37, p. 3]. When the
ultimate tensile strength is reached, the hardening capability of the material is no more
able to prevent any localisation of deformation. Necking occurs and the applied load for
further deformation decreases. But taking into account the actual (local) cross-section,
the true stress-strain curve will not fall off but continue to rise after necking.
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2.1 Static properties: Tensile tests

2.1.2 Strength

To characterise the tensile strength of a material two specific values are used: the yield
strength (σy ) and the ultimate tensile strength (σU T S or just UTS). The first one charac-
terises the end of the elastic regime while the second tells the maximum stress a material
can bear before the deformation localises, i.e. necking starts.

Using the engineering stress-strain curve, the ultimate tensile strength is just the
maximum of the curve. The yield strength is not so easily to determine and for practical
reasons the so-called offset yield strength σ0.2 is used. Therefore a straight line parallel to
the elastic one starting from a strain value of 0.2% is drawn. The intercept of this line
with the stress-strain curve is the technical definition of the yield strength.

Generally, the strength of a crystalline material is increased by introducing obstacles
to dislocation motion [38, p. 163]. These obstacles can be other dislocations (= work or
strain hardening), boundaries (grain, cell or phase boundaries), solid-solution atoms or
particles. The hardening effect is in general higher if the distance between the obstacles
is smaller.

The yield strength as a function of the dislocation density was first theoretically de-
scribed by Taylor [39]. The obtained equation is named after him:

σy =σ0 +αMGb
�
ρ (2.7)

where σ0 is the friction stress, α a parameter representing the arrangement of disloca-
tions, M the Taylor factor (M = 3.06 for non-textured polycrystalline fcc materials [27,
p. 250]), G the shear modulus, b the Burgers vector and ρ the dislocation density.

Grain boundary strengthening is expressed by the Hall-Petch relation [40, 41]:

σy =σ0 +k0d−1/2 (2.8)

where d is the grain diameter and σ0 and k0 are constants depending on the specific
material. This equation can be explained by the pile-up model (see for example [38,
p. 170]): when a polycrystalline material is loaded, yielding will first occur in grains with
slip systems favourably oriented with respect to the tensile axis. Within these grains
dislocations will move but their movement will be hindered by a grain boundary leading
to a dislocation pile-up in front of the boundary. The resulting pile-up stress can cause
dislocation emission and movement within the neighbouring grain (which has a less
favourable orientation). The magnitude of the stress concentration arising from the pile-
up depends on the number of dislocations therein and is therefore larger in larger grains
where bigger pile-ups can evolve. Thus, the external stress which has to be applied to
cause yielding in the second grain is lower if the grain size is larger due to the larger
additional stress arising from the dislocation pile-up in the first grain.
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2 Mechanical properties of metallic materials

Thinking of all the possible strengthening mechanisms (and the even much larger
number of metallurgical ways to make use of them) gives rise to the conclusion that
the strength of a material is a complex issue. Additionally, the results achieved through
tensile tests depend on testing parameters like strain rate, temperature and environment
[38, p. 16].

2.1.3 Ductility

According to [37, p. 1], “ductility” is a slippery term: it “implies the opposite of brittleness,
the inverse of strength and conjures images of extensibility and ease of fabrication”. It is
basically the ability of a material to deform plastically without fracturing.

In case of a tensile test, two parameters are used to characterise the ductility: the
uniform elongation / uniform strain (εuni f ) and the total elongation / total strain (εtot ).
These values can be derived from the engineering stress-strain curve by going back along
a straight line according to the Young’s modulus from the UTS and the fracture point,
respectively, see fig. 2.1. Sometimes also the elastic part is included in the uniform as
well as in the total elongation (e.g. in [37, p. 3]), these are then the values corresponding to
the vertical dashed lines in fig. 2.1. The difference can be quite significant if the material
has a low Young’s modulus, a high yield stress or a small work hardening capability.

A different measure of ductility would be the cross-section reduction at fracture. It
describes the damage resistance of a material better than the total elongation – but
anyhow, its quantitative use is difficult because of the triaxial stress state in the necking
region [37, p. 9].

It is difficult to generalise the effects of different microstructural variables on ductility.
Although the ductility usually decreases when the strength increases, there are many
exceptions to this rule [37, p. 20]. But in general, a large uniform elongation is promoted
by a high rate of strain hardening [37, p. 6]. Or in other words, initially soft materials,
which have a high ability to accumulate dislocations, generally show larger elongation in
tensile tests.

For the total elongation of a specimen also the fracture behaviour is important. A
good ductility can be achieved in materials which are able to distribute strain and have
structures that prevent the nucleation of localised slip surfaces [37, p. 57]. This is also
connected to the sensitivity of a material to surface defects or notches. The tendency
to concentrate or distribute strain, furthermore, is related to dislocation behaviour, shear
band formation, stacking fault energy and strain hardening behaviour [37, p. 50].

Just as the strength, also the ductility of a material is not a unique property but varies
with the mode of testing (or the stress state), the strain rate, the temperature and the
environment. For example, metals generally become more ductile if the temperature is
increased above room temperature. In the so-called static strain rate range, an increase in
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2.2 Dynamic properties: High cycle fatigue

strain rate causes an increase of the uniform tensile elongation for fcc and hcp materials.
For bcc materials the effect is contrary [37, p. 27].
A special case of highly ductile behaviour is superplastic deformation. Thereby, up to

8000% elongation in tension can be achieved [42]. This is possible during high tempera-
ture and low strain rate deformation of fine grained alloys and involves mechanisms like
grain boundary sliding and grain rotation [38, p. 295ff].

Influence of specimen geometry
To get valid results from tensile tests, the sample has to be strained without any

bending stresses but also the shape of the specimen has an influence. Precisely, the post-
necking elongation – i.e. the difference between total elongation and uniform elongation –
and the shape of the engineering stress-strain curve in this range directly depend on the
ratio between sample diameter and length [43, p. 325][37, p. 7]. The reason is that in a
ductile metallic material the size of the part of the gauge length where necking occurs
depends on the cross-section area. As in this stage of the tensile test the deformation
is limited to the necking area, also Δl depends on this area and is independent of the
overall gauge length (l0). If now the initial sample length l0 is different, the strain is also
different. Testing short and thick samples leads to larger values of the total elongation
than testing long and thin samples.

For miniaturised dog-bone shaped specimens of nanostructured copper this has been
shown by Zhao et al. [44] and by Kulyasova et al. [45]. They showed systematically that
larger thickness at constant length as well as shorter gauge length at constant thickness
cause higher values of the total elongation. In [44] the values of the total elongation
varied strongly between 10% and 70%, depending on the sample dimensions.
To overcome the problem of different specimen geometries, the DIN EN 10002-1 stan-

dard gives the following correlation between gauge length l0 and cross-section area A0

to get comparable tensile test results [46, p. 100]:

l0 = 5.65
√

A0 (2.9)

2.2 Dynamic properties: High cycle fatigue
The term fatigue means that cyclic loading of a material leads to the initiation of cracks
and finally to the fracture of a test specimen or an engineering structure. The number of
cycles causing fracture can thereby vary from some few to several millions and billions.
Tests in the regime below 104 cycles are usually conducted under constant plastic strain
amplitudes and are called low cycle fatigue (LCF) tests. Tests beyond this number of cycles
are called high cycle fatigue (HCF) tests and are usually stress-controlled [47, p. 138ff].
Moreover, the regime beyond 108 cycles is often called ultra-high or very high cycle
fatigue regime.
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There are different ways to represent fatigue life time data. One is the Coffin-Manson
plot which shows the applied plastic strain amplitude against the number of loading
cycles to failure. In the HCF regime usually a Wöhler or S-N plot is used. It shows
the applied stress amplitude against the number of loading cycles to failure. A sketch
of a typical S-N curve of a metallic material can be seen in fig. 2.2. The stress varies
periodically between the lower value σmi n and the upper value σmax as shown in the
inset in fig. 2.2. The load range is Δσ=σmax −σmi n and the stress amplitude is half of
this value.

Figure 2.2: Sketch of a typical fatigue life time curve (after [47, p. 10]).

However, not only the cyclic stress amplitude, but also the mean stress is important.
The mean stress is characterised by the load ratio R :

R = σmi n

σmax
(2.10)

High cycle fatigue tests are often conducted under zero mean stress, implying that half
of the loading cycle is compressive. The load ratio is then R = −1. A larger value of
the load ratio typically shifts the S-N curve down to lower stress amplitude values [38,
p. 573].

External parameters like testing temperature or environment of course also influence
the fatigue behaviour of a material [48, p. 362ff]. Furthermore, fatigue testing can also be
done under variable amplitude loading or under multiaxial loading [48, p. 314ff].

2.2.1 Fatigue strength

It is also indicated in fig. 2.2 that below a certain stress amplitude the material does not
break at all (or at least not at a number of cycles which is experimentally accessible). This
stress amplitude is called fatigue limit, endurance limit or fatigue strength. It is between
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35% to 50% of the ultimate tensile strength for most steels and copper alloys [48, p. 128].
This also implies that materials exhibiting a high tensile strength usually show a high
fatigue strength.
There are also materials which do not show a clear fatigue limit, e.g. many high strength

steels and aluminium alloys [48, p. 128]. Interior fracture at non-metallic inclusions can
play an important role in the ultra-high cycle fatigue regime [49].

2.2.2 Stages of fatigue damage

Fatigue loading of a specimen leads in the first stage to microstructural changes of the
material. They can sum up and initiate a crack which grows during further cycling and
leads to the fracture of the specimen. When testing in the high cycle fatigue regime, the
first stage – i.e. the number of cycles before any microcracks can be detected – usually
requires most of the overall life time of the specimen.
The mentioned microstructural changes are associated with the to and fro movement

of dislocations and can lead to cyclic hardening or softening of the material. The former
is typical for initially annealed and soft materials exhibiting an initially low dislocation
density while the latter is typical for materials which previously have been mechanically
processed and hardened [47, p. 17]. Cyclic hardening and softening can be measured by
monitoring the hysteresis loop during cycling at constant stress or strain amplitude [47,
p. 14].
The dislocation movement during fatigue loading creates typical structures. This can

be planar arrays of dislocations in case of materials exhibiting a low stacking fault
energy and cell structures or persistent slip bands in case of high stacking fault energy
materials [47, p. 62].
Traces of the dislocation movement can be observed on the sample surface in form of

extrusions and intrusions [48, p. 62]. This evolving surface roughness can be seen as the
origin of microcracks. It is therefore – and also due to the fact that fatigue cracks mainly
originate from the surface – obvious that the fatigue life time can depend on the surface
state of the investigated samples [50, p. 25].

2.2.3 Effect of notches

At a notch or any general geometric discontinuity the stress is generally higher than the
nominal value [50, p. 381]. The ratio of the stress at a notch (σmax ) to the nominal stress
(σnom ) can be calculated from elasticity theory. This theoretical stress concentration factor
is defined as [47, p. 184]:

Kt = σmax

σnom
(2.11)

It depends on the geometry of the notch and the mode of testing (tension, bending,
torsion). A variety of calculated stress concentration factors can be found for example in
the handbook of Peterson [51].
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The effect of a notch on the fatigue strength, however, can be different and can also
depend on the material [52, p. 92]. The experimentally determined stress concentration
factor is usually smaller than the theoretical one but approaches the latter in case of large
notch radii and high strength materials [48, p. 272]. The ratio between experimentally
obtained and theoretically calculated effect of a notch is called notch sensitivity.

2.3 Dynamic properties: Fatigue crack growth
If a metallic material – a test specimen or a structural part in an application – contains
a crack, this crack will grow with (further) cyclic deformation if the length of the crack
and the applied load amplitude are large enough. Crack propagation rates are usually
described in terms of the stress intensity factor range ΔK , which is a concept of linear
elastic fracture mechanics. The definition of ΔK is the following [48, p. 192]:

ΔK = Kmax −Kmi n (2.12)

ΔK = f (a)Δσ
�
πa (2.13)

where Δσ is the applied stress range (σmax −σmi n ), a the crack length and f (a) is a
geometrical factor which depends on the ratio of the crack length to the width of the
specimen. If σmi n is negative, ΔK is considered to be equal to Kmax [53], assuming that
the crack is closed and does not grow when the stress is compressive.

A typical curve, which is obtained when analysing the fatigue crack growth behaviour,
shows the crack propagation rate (crack advance per number of loading cycles, da/dN )
as a function of ΔK in a double logarithmic way and can be seen in fig. 2.3.

Figure 2.3: Typical fatigue crack growth curve of a metallic material [48, p. 203].
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Three stages of crack growth can be distinguished: regime A, the so-called near-
threshold regime, regime B, also called Paris-regime, and the high growth rate regime C.
Below a certain value of ΔK , the crack does not grow at all. This value is called

the threshold stress intensity factor range ΔKth . The existence of such a threshold value
implies that at a certain applied stress range there are cracks which are too small to grow.
Or in other words, for each crack length there exists a critical stress amplitude which is
necessary for the growth of the crack.

Regime A is characterised by a non-continuous failure process where the crack advance
per loading cycle is in the order of one lattice spacing or even considerably lower. Failure
mode is the so-called Stage I, meaning single shear in the direction of the primary slip
system leading to a crystallographic and tortuous crack path as depicted in fig. 2.4. Crack
growth in the near-threshold regime strongly depends on microstructure, load ratio,
environment and crack closure effects [48, p. 204]. The cyclic plastic zone, i.e. the zone
around the crack tip which is plastically deformed, is typically smaller than the grain size
(or the characteristic microstructural dimension).

Figure 2.4: Stage I crack growth [48, p. 195].

Crack growth in regime B can be described by the Paris law:

da/dN =C (ΔK )m (2.14)

where C and m are constants characterising the material. m is typically between 2 and
4 for ductile alloys [48, p. 193]. Crack growth occurs in this regime via Stage II failure
mode, which is a duplex shear mechanism (see fig. 2.5), where the plastic zone at the
crack tip encompasses many grains. The formation of striations on the fracture surfaces
and a crack path normal to the loading axis are typical features of Stage II.
In regime C, Kmax reaches the fracture toughness of the material. Here again large

microstructural and load ratio effects can be observed [48, p. 204].

2.3.1 Influence of load ratio

The load ratio (R ) is a further important parameter in addition to the stress intensity
factor range:

R = Kmi n

Kmax
= σmi n

σmax
(2.15)
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Figure 2.5: Stage II crack growth [48, p. 196].

Fig. 2.6 shows three different types of loading curves with the same Δσ (and therefore
in case of equal crack lengths also the same stress intensity factor range) but different
load ratios. It is obvious that mainly due to the different values of σmax resulting in the
same ΔK , the stress intensity factor range alone is not enough to fully characterise the
testing conditions. Fatigue crack propagation experiments are usually conducted under
positive load ratio.

Figure 2.6: Sketch of fatigue loading curves having the same stress range (Δσ) but

different load ratios (R ).

The effect of the load ratio on the measured crack growth curves is especially high in
regime A and C, see fig. 2.7. A higher R-value leads to a smaller threshold stress intensity
factor range and a faster propagation rate in the near-threshold regime due to smaller
crack closure effects [48, p. 245]. Crack growth in the high growth rate regime is also
increased because a higher value of R means that Kmax reaches the fracture toughness
of the material at lower values of ΔK .

2.3.2 Retardation of crack growth & crack closure effects

It is obvious that a fatigue crack can only propagate during the fraction of the loading
cycle in which the crack faces are completely separated [48, p. 228]. The phenomenon
that a fatigue crack can be closed even under tensile load is called crack closure. A
variety of mechanisms can cause such a behaviour, a detailed description can be found
for example in the book of Suresh [48, p. 222ff]. The most prominent closure effects
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Figure 2.7: The effect of load ratio (R ) on fatigue crack growth curves [48, p. 220].

are plasticity-induced crack closure, where the zone of residual strain, which is left in
the wake of the fatigue crack, causes premature contact between the faces of the crack,
oxide-induced crack closure, and roughness-induced crack closure. The latter means that
deflections of the crack path, which particularly form during crystallographic Stage I crack
growth, lead to a certain roughness of the crack path. The smallest mismatch between
the fracture surface asperities can now lead to premature contact of the crack sides.
All these crack closure effects cause a retardation of the fatigue crack growth. They

are generally more prominent at low ΔK and at small load ratios [48, p. 252].

By determining the stress intensity factor above which the crack is fully open (Kop ),
e.g. by measuring the crack opening displacement [48, p. 225ff], it is possible to calculate
the effective stress intensity factor range [48, p. 228]:

ΔKef f = Kmax −Kop (2.16)

The effective threshold stress intensity factor range ΔKth, ef f determined this way shows
no dependence on the load ratio [54, p. 37], confirming that the R-dependence of the
threshold value is due to crack closure effects.
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3 Nanostructured materials by Severe
Plastic Deformation

In this work the terminus “nanostructured materials” is used for materials – more pre-
cisely metals – exhibiting grain sizes in the range of some tens to some hundreds of
nanometer. Several authors distinguish between ultra-fine grained materials having grain
sizes between 100 nm and 1 μm and “truly” nanocrystalline materials possessing grain
sizes below 100 nm [55]. As there is usually no reason for an explicit distinction (no
discrete change of properties at this point), the terminus “nanostructured” will be used
in a more general way within this chapter.

3.1 Production techniques
There are several methods for the production of bulk nanostructured materials. They can
be separated into the two big groups of top-down and bottom-up techniques [10]. Top-
down techniques start with a bulk, coarse grained piece of metal and introduce defects
and grain boundaries until the material becomes nanostructured. This can be done either
by Ball Milling [56] (which usually results in powder samples which have to be compacted
afterwards) or by the various techniques of Severe Plastic Deformation (SPD) which will be
described below.
Bottom-up techniques are for example Electrochemical Deposition [57] or Inert Gas

Condensation [58]. Thereby, you build up the nanostructured material from small parts
like individual atoms or clusters of atoms. These methods can provide either powder or
bulk samples – anyway, not in too large amounts.
As bottom-up techniques as well as Ball Milling are not part of this work, they will not

be described further. Also for the special features of nanostructured materials produced
by these methods, e.g. problems with contamination and consolidation in case of powder
samples, the reader is referred to literature (e.g. [58–60]).

3.1.1 Severe Plastic Deformation

Since the early 1990s several methods of processing nanostructured materials by plastic
deformation have been established [61]. They all have in common that the workpiece is
deformed to very high strains – which is also reflected in the name “Severe Plastic Defor-
mation” (SPD). Such a large deformation can only be done when preventing free flow and
fracture of the material by using a proper sample and tool geometry and thereby produc-
ing a significant hydrostatic pressure [62]. This also implies that the shape of the sample
stays more or less the same during processing. The most prominent SPD methods are
Equal-Channel Angular Pressing (ECAP) and High-Pressure Torsion (HPT) [6]. The second
one is used in this work, while results on materials processed by the first method will
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be used for comparison. Both methods will therefore be explained in more detail in this
section. Further SPD methods would be for example Accumulative Roll-Bonding (ARB) or
Rolling and Folding (R&F) [63], Hydrostatic Extrusion (HE) [64] and Multi-Directional Forg-
ing [61]. Several further methods to produce nanostructured materials and combination
of different SPD techniques are recently discussed, see for example [65].

Equal-Channel Angular Pressing is the most prominent SPD technique –
probably because it was the first one capable to produce large-scale samples. This
technique repeatedly presses a billet through a die containing two channels with a certain
angle in between, see fig. 3.1. At the intersection of the two channels, the sample is
deformed by shear.

Figure 3.1: The principle of Equal-Channel Angular Pressing.

The strain during each ECAP pass is described by the following equation [66]:
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(3.1)

where Θ is the angle between the channels and Ψ specifies the curvature at the intersec-
tion of the channels. The strain during each pass is approximately 1, consecutive ECAP
passes increase the total strain. The sample can be rotated between the passes, leading
to different routes of deformation (the most prominent are called A, BC and C) which can
strongly influence the grain refinement process [67].
In case of hard-to-deform or brittle materials, a larger intersection angle is used, or the

whole die and the sample are heated up to elevated temperatures.
There are also ECAP tools available where a back pressure can be applied to the sam-

ple. Back pressure can lead to a more uniform deformation and a better workability of
the sample material [68].
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High-Pressure Torsion deforms a disc-shaped specimen by shear under high
hydrostatic pressure [1, chap. 9]. The sample is placed between two anvils with cavities
fitting to the diameter of the sample. The desired pressure (typically 1 – 8 GPa) is applied
and then one anvil is rotated against the other, see fig. 3.2. The sample and the anvils
have a certain surface roughness (usually obtained by sand blasting) which – together
with the high pressure – prevents sliding of the sample.

Figure 3.2: Sketch of the principle of HPT processing.

The degree of deformation depends on the applied number of rotations (N ), the sample
height (h) and varies over the radius (r ) of the sample. It can either be expressed in terms
of torsional strain (γt ) or equivalent von Mises strain (ε) [1, p. 219]:

γt = 2πN r

h
(3.2)

ε= 1�
3

2πN r

h
(3.3)

As the shape of the sample does not change during deformation, the strain which is
applied to the sample can be freely chosen and high strain values can be obtained easier
than through ECAP. Also rotation speed and deformation temperature can be varied, the
later by inductive heating of the anvils or by cooling the anvils and the sample in a bath
of liquid nitrogen or solid carbon dioxide snow.
HPT is also capable to deform brittle materials like intermetallics [69] or ceramics [70].
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3.2 Structure
The main feature of nanostructured materials is a grain size in the sub-micron or
nanometer range. Especially when they are produced by SPD techniques, also other
types of defects which are induced by the large plastic strain have to be taken into
account – i.e. dislocations and vacancies.

Moreover, each SPD technique produces a specific texture, e.g. shear texture in case of
HPT or ECAP and typical rolling texture in case of ARB. The grains are sometimes also
elongated along a certain direction of the sample.

3.2.1 Stages of deformation and grain refinement

In the deformation curve of an fcc (face-centered cubic) single crystal different stages
can be distinguished [27, p. 232]. Stage I, “easy-glide”, means that only one slip system is
activated and occurs only if the crystal is aligned for single slip. Stage II is characterised
by a linear hardening with relatively high work hardening rate due to the activation of
a secondary slip system and the interaction between the dislocations acting on the two
slip systems. In stage III the work hardening rate decreases due to the cross slip of screw
dislocations and the resulting dynamic recovery [71].

During stages II and III the dislocations change from a homogeneous arrangement to a
cell structure [72, 73], in case of wavy glide materials thick dislocation cell walls containing
dislocation dipoles form [74]. With further deformation and the transition to stage IV the
cell walls become thinner, separating increasingly misoriented dislocation free regions [74]
thereby building sub-grain or low-angle grain boundaries (LAGBs). The global dislocation
density increases steadily [75]. The subsequent stage V can be characterised by the onset
of the annihilation of edge dislocations through climb [76].

Due to the large strains applied during SPD processing, sub-grain boundaries and
LAGBs formed during the early stages of deformation transform into high-angle grain
boundaries (HAGBs) resulting in a reduction of the grain size. Furthermore, recovery
and recrystallisation processes play a role, especially when deforming pure metals or
when the deformation is done at rather high homologous temperature. Recovery means
the rearrangement and annihilation of dislocations, while recrystallisation describes the
formation of new grains within highly deformed and defect-rich areas [77, p. 1ff].

It should be noted that the grain refinement process described here may not be valid
for all lattice structures. Papers report that in case of hexagonal magnesium the grain
refinement occurs not by the formation of sub-grain boundaries but by the formation of
nanosized recrystallized grains at the grain boundaries of the original structure [78, 79].

Evolution of grain size with strain
The grain size of a sample decreases with increasing SPD strain, an example is given
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in fig. 3.3. Furthermore, the fraction of HAGBs and the average misorientation angle
between neighbouring grains increase [5].

Figure 3.3: Grain size (as determined from back scattered electron micrographs) as

a function of applied shear strain for 99.99% pure Cu processed by HPT at room

temperature using a pressure of 2 GPa. Data from [80].

For a complete characterisation not only the average grain size, but also the grain
size distribution and the grain shape have to be taken into account. Fig. 3.4 shows the
structure of ECAP processed aluminium after only one ECAP pass. It can be seen that
there is still a large number of LAGBs and that the grains are elongated along the shear
plane. The structure becomes generally more homogeneous with increasing deformation.

Figure 3.4: Microstructure of pure Al after 1 ECAP pass at room temperature. The

extrusion direction is perpendicular to the x-plane. From [81].

It can also be seen from fig. 3.3 that after a certain applied strain the grain refinement
saturates, meaning that with further increase of strain the grain size remains unchanged.
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This limit of grain refinement or saturation grain size strongly depends on the material,
the processing temperature and also the strain path [1, p. 231]. Alloying or impurities
as well as deforming at lower temperatures lead to smaller grain sizes in the saturation
regime [5].

3.2.2 Defects in SPD materials

With increasing SPD strain not only the number of grain boundaries increases, but
also the dislocation density and the number of vacancies increase. Due to the large
plastic deformation and increased hydrostatic pressure during deformation, the number
of dislocations and vacancies after SPD is higher than after conventional deformation.
The increased hydrostatic pressure restricts diffusion as well as the mobility of the lattice
defects leading to a lower level of defect annihilation during deformation [62].

The dislocation density of HPT processed materials increases not only with strain but
also with hydrostatic pressure during deformation [3]. It has been shown recently [82]
that during the release of the hydrostatic pressure after deformation, dislocations partially
annihilate and rearrange to a low-stress arrangement. This process is accompanied by a
decrease of hardness [83].

For the dislocation density and the vacancy concentration there is – just like for the
grain size – a saturation at a certain amount of strain. In case of the dislocation den-
sity the saturation value is in the range of 1015 – 1016 m−2 and in case of the vacancy
concentration it is in the range of 10-4, depending on the material and process parame-
ters [4, 84, 85]. It has to be pointed out that this high level of vacancy concentration is
close to the equilibrium concentration at the melting temperature.

3.3 Mechanical properties of SPD materials
This section gives an overview of the mechanical properties of SPD processed nanostruc-
tured materials. The focus is on properties investigated within this work, i.e. strength,
ductility, fatigue strength and fatigue crack propagation behaviour.

3.3.1 Tensile strength & ductility

Due to the very small grain size and also the remarkably high dislocation density, SPD
processed nanomaterials show extraordinary high strength and hardness. Just to mention
a few of the various examples given in literature: ECAP processing increases the yield
strength of pure Cu from initially 230 MPa to about 400 MPa in the saturation regime [86].
The ultimate tensile strength of grade 2 Ti is increased from 420 MPa to 670 MPa after 6
ECAP passes [87]. The microhardness of pure Ni after HPT processing up to a strain of
ε=58 is 3.7 GPa compared to only 0.7 GPa in the annealed state [88].
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3.3 Mechanical properties of SPD materials

Increasing the degree of SPD deformation and thereby decreasing the grain size and
increasing the defect concentration leads to an increase in strength and hardness, an
example can be seen in fig. 3.5 for HPT processed Cu. When grain refinement and defect
accumulation saturate, also the level of strength or hardness saturates.

Figure 3.5: Microhardness of HPT processed Cu as a function of shear strain. HPT

pressure 8 GPa, number of rotations and measurement radius varied. From [89].

At first, the increase of strength through SPD follows the Hall-Petch relationship (see
eq. 2.8) and is therefore not unexpected. However, there are reports that below a certain
grain size in the range of 10 nm, the Hall-Petch relationship breaks down, and that there
is a yield strength plateaus below a critical grain size or even an inverse Hall-Petch
behaviour [10]. Beside the grain boundary strengthening also the increased dislocation
density plays a big role in the strength of SPD processed materials. This can be described
by the Taylor equation which is given in eq. 2.7.

In contrast to their influence on strength, a small grain size and a large number of
defects obtained by plastic deformation are detrimental for the ductility of a material.
Fig. 3.6 shows an example for conventionally cold rolled Cu. The increasing rolling strain
increases the tensile strength but drastically decreases the ductility.

(a) Evolution of tensile strength and ductility with
rolling strain.

(b) Correlation between tensile strength and ductil-
ity.

Figure 3.6: Strength and ductility of cold rolled Cu (purity 99.94%, initial grain size

40 μm, Data from [90, p. 11]).
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3 Nanostructured materials by Severe Plastic Deformation

Strength and ductility are usually contrary quantities and maintaining the ductility in
high-strength materials is a big issue in materials science. The ductility of SPD processed
nanostructured materials in generally rather poor. But anyway, they usually have a
uniform elongation of some few percent and are not entirely brittle. Many efforts have
been made to regain some ductility, see for examples [91–94].

There are two famous papers reporting high strength and simultaneously high ductility
in pure materials just after SPD processing [95, 96]. However, such results are very rare
and not well reproduced.

When inspecting and comparing the various literature about ductility of nanostructured
materials one should be aware of the following points: Nanostructured materials are often
tested with non-standard and small-scale sample geometries due to the limited amount
of material. As shown in section 2.1.3, the total elongation in a tensile test depends on
the specimen geometry. Thus, one should rather compare the values of the uniform
elongation of different materials tested with different sample geometries, not the values
of the total elongation. Furthermore, strain measurement of small-scaled samples is
crucial and has to be done with utmost care. Moreover, some publications show true
stress-strain curves where the true stress is obviously calculated by eq. 2.5 even in the
necking region where this equation is not valid any more. In some cases this can lead to
values of the uniform elongation which seem to be higher than they really are.

The reason for the low ductility of nanostructured materials is the lack of strain
hardening and thus the localisation of plastic flow and the formation of a neck [94]. One
approach to increase the ductility of nanostructured materials is therefore to produce
a bi- or multimodal grain size distribution where the strength is still high due to the
small grains while the ductility is large due to the work hardening ability of the larger
grains [92]. A bimodal grain size distribution can for example be gained by a proper heat
treatment after SPD processing [97].

Another interesting approach is the incorporation of a large amount of twin boundaries
into the material [92]. Examples of a large ductility in materials with high twin density
can be found for example in [98, 99] for nano-scaled growth twins. The use of highly
coherent low-energy twin boundaries instead of high angle grain boundaries and the
initially low dislocation density of the material are supposed to allow dislocation storage
during tensile straining and restrict dynamic recovery [92].

Meanwhile, also the interactions between twin boundaries and dislocations are believed
to make twins effective in simultaneously increasing strength and ductility of nanostruc-
tured materials [100]. The interaction depends on the type of dislocation and theoretically
possible reactions range from transmission across the twin boundary to glide on the
twin plane or detwinning [100], all of them are supposed to have a positive effect on the
ductility. As all these interactions have an activation energy, twin boundaries are at first
barriers to dislocation slip, consequently increasing the strength of the material.
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3.3 Mechanical properties of SPD materials

In case of SPD processed materials, several researcher tried to increase the twin density
by lowering the deformation temperature and using alloys with low stacking fault energy,
e.g. Cu-Zn [20] or Cu-Al [15, 18, 19].

To investigate the effect of twin boundaries on strength and ductility of SPD
materials, Cu-Al alloys processed by HPT at room temperature as well as at
liquid nitrogen temperature (77K) are investigated within this thesis. The low
stacking fault energy of the alloys as well as the low deformation temperature
are believed to increase the twin density in the HPT processed materials.

Other approaches to improve the ductility of nanostructured materials comprise the
introduction of very small second-phase particles [101], deformation at low tempera-
tures [102], or materials exhibiting transformation-induced and twinning-induced plastic-
ity [92].

3.3.2 Cyclic deformation behaviour

It was already mentioned in section 2.2.1 that the fatigue limit of a material at first
depends on its tensile strength. This is in general also true for SPD processed materials,
as can be seen in fig. 3.7. Thus, nanostructured materials typically possess a higher
fatigue strength than their coarse grained counterparts.

Figure 3.7: Correlation between tensile strength and fatigue limit for Ti and Al alloys

processed by different SPD and ageing treatments. From [103].

For a deeper understanding, different influences have to be taken into account as
specified by Mughrabi and Höppel [25]: the purity of the investigated material, the
mode of fatigue testing and the SPD processing parameters. In the same paper they
summarise the results gained by various groups on ECAP processed Cu, which is the
most investigated material in this field. They are: generally larger fatigue lives than
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3 Nanostructured materials by Severe Plastic Deformation

coarse grained samples in S-N plots, cyclic softening in strain-controlled tests but not in
stress-controlled ones, macroscopic shear bands on the surface serving as crack initiation
sites and a cyclically unstable microstructure [25].

The cyclic deformation behaviour of HPT processed Cu was – as far as I know for the
first time – investigated in my diploma thesis [22]. The S-N curves obtained in this work
ranging from the high cycle to the ultra-high cycle regime can be seen in fig. 3.8. The
load ratio was R =−1 and the samples were notched stripes with a width of 0.6 mm.

(a) S-N curves of coarse grained (CG) and HPT pro-
cessed high purity Cu.

(b) S-N curves of HPT and ECAP processed com-
mercial purity Cu.

Figure 3.8: Cyclic deformation behaviour of HPT and ECAP processed Cu. Applied

cyclic stress amplitude against number of loading cycle to failure. From [22].

It can be seen from these S-N curves that below 107 loading cycles the fatigue life
curve of HPT processed high purity Cu is shifted to higher stress amplitudes compared
to coarse grained Cu. This is due to the small grain size and also the higher tensile
strength of the nanostructured material. The rather steep decrease of the S-N curve is
due to the instability of the microstructure. Fig. 3.9 shows the microstructure of the
cycled HPT specimens. Grain coarsening can be detected, which is more pronounced
at higher number of loading cycles. The results also show a strong influence of purity.
Commercial purity HPT Cu has improved fatigue performance not only due to the smaller
grain size and the higher strength compared to high purity HPT Cu, but also due to an
enhanced microstructural stability. Grain coarsening in this material was only observed
at the highest number of cycles and only next to a crack.

Fatigue properties in the HCF regime of ECAP Cu of different purities were also investi-
gated by Lukáš et al. [104, 105] with the same results like for the HPT samples concerning
the effect of purity on the S-N curves. However, they found no grain coarsening even
in the high purity samples. It has been claimed that this is due to stress-controlled
instead of strain-controlled cycling [25]. Experiments with the latter technique showed
grain coarsening in high purity ECAP [25, 106] as well as HPT Cu [22].
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3.3 Mechanical properties of SPD materials

Figure 3.9: Microstructure of cyclically loaded HPT processed Cu (Data and pictures

from [22]).

Fig. 3.8b also shows that HPT processed Cu has better fatigue performance than ECAP
processed Cu. This is not unexpected as HPT leads to smaller grain sizes (in this case
250 nm compared to 300 nm) and thus to a higher tensile strength (here 500 MPa
compared to 400 MPa) than ECAP.

The top right picture in fig. 3.9 raises the question how grain coarsening
during fatigue loading influences the crack propagation behaviour of nano-
structured materials. Therefore, it was an aim of this thesis to determine
fatigue crack propagation rates in HPT processed Cu of different purities and
therefore different microstructural stabilities.

The cyclic deformation behaviour in the low cycle fatigue (LCF) regime is controlled by
the ductility of a material [25]. As nanostructured materials usually exhibit a rather poor
ductility, also decreased fatigue life times in the LCF regime compared to CG materials
are expected. This has been shown for example for ECAP Cu [107].
The influence of both, increased strength and decreased ductility, can be schematically

expressed in terms of the total cyclic strain amplitude leading to a picture of the overall
fatigue performance of nanostructured and CG materials as shown in fig. 3.10.
One attempt to increase the overall fatigue performance (LCF and HCF) of nanostruc-

tured materials is to regain ductility by introducing a bimodal grain size distribution
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3 Nanostructured materials by Severe Plastic Deformation

Figure 3.10: Total strain fatigue life diagram comparing coarse grained and nano-

structured materials (after [108]).

through a proper heat treatment. It was shown for ECAP Cu that such a heat treat-
ment increases the fatigue life times during plastic strain-controlled cycling [106, 109], but
decreases the life times under stress-controlled cycling [110].

It is therefore one of the questions in this thesis how a bimodally structured
HPT Cu behaves when it is cyclically loaded in the high and especially in the
ultra-high cycle fatigue regime and how the stability of this material during
loading influences the fatigue strength.

3.3.3 Fatigue crack growth

One of the first studies of fatigue crack growth in nanostructured materials was published
by Vinogradov et al. in 1999 [111]. They investigated an Al-Mg alloy and found out that
ECAP processing on the one hand increases the tensile and fatigue strength but on the
other hand leads to faster crack propagation in the microstructural sensitive low ΔK -
regime and decreases the threshold stress intensity factor range (ΔKth ). In the ECAP
processed material (grain size 0.5 μm) the crack propagates very straight with only small
deflections while the initial material (grain size 25 μm) shows a zig-zaged crack path. The
periodicity of the deflections is in the range of the grain size. The authors concluded
that roughness-induced crack closure and crack deflections decrease the driving force for
crack advance and therefore retard crack growth in materials with larger grains.

Higher crack growth rates and lower threshold values have meanwhile been reported
for several nanostructured materials, e.g. cryomilled Al-Mg [112], electro-deposited Ni [113],
ECAP Cu (see fig. 3.11) [114], ECAP Al alloys [115, 116] and ECAP steels [117, 118]. All the
mentioned experiments have been conducted under load rations between 0.1 and 0.5 and
in the majority of cases compact tensions specimens have been used.
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3.3 Mechanical properties of SPD materials

Figure 3.11: Fatigue crack growth in coarse grained and ECAP processed Cu. The

threshold stress intensity factor range depends on the number of ECAP passes as

well as the used deformation route. From [114].

These results are not unexpected since smaller grain sizes generally lead to lower
threshold values [48, 112, 119, 120]. The transition from the microstructure-sensitive near-
threshold regime to the microstructure-insensitive Paris-regime particularly depends on
the grain size [48, p. 207]. The transition typically occurs when the size of the cyclic
plastic zone becomes comparable to the characteristic microstructural dimension of the
material [48, p. 208]. If no phases or precipitates are present in the material, the grain
size is this characteristic microstructural dimension. The cyclic plastic zone size is
proportional to (ΔK /σy )2, which leads to the following relation between the value of
the stress intensity factor range, where this transition takes place (ΔKT ), and the grain
size (d ):

ΔKT ∝σy

�
d (3.4)

However, this equation is based on linear elastic fracture mechanics and in case of
nanostructured materials the theoretically calculated plastic zone size is considerably
larger than the grain size – even in the threshold regime. As grain boundaries significantly
influence the plastic behaviour of a material, it can be expected that the above-mentioned
formula has to be adopted for nanostructured materials.

In addition to the low threshold stress intensity factor ranges, also straight crack paths
are a common feature of nanostructured materials, an example can be seen in fig. 3.12
for titanium.
It is therefore supposed that the lower threshold stress intensity factor range in nano-

structured materials is due to a less tortuous crack path leading to a smaller roughness-
induced crack closure effect. The amount of closure is dependent on the load ratio R :
higher R-values cause less closure effects. It has been shown by Hanlon et al. [113] that

35



3 Nanostructured materials by Severe Plastic Deformation

Figure 3.12: Crack paths in coarse grained (mc) and nanostructured (ufg) titanium

(ECAP, 8 passes, tested at R = 0.3). From [113].

the load ratio effect in nanostructured Ni is in fact reduced. This is confirmation that the
absence of roughness-induced crack closure is responsible for faster crack propagation in
nanostructured materials.

The reduced threshold stress intensity factor range is disadvantageous for an applica-
tion of nanostructured materials because the maximum size for non-propagating cracks
is reduced. Again, efforts have been made to overcome this problem.
For an ECAP Al alloy an improvement of the fatigue crack growth behaviour was

achieved by Meyer et al. [121]. They conducted a proper aging heat treatment which
restored the ductility of the material and increased the threshold stress intensity factor
range, see fig. 3.13. In this case the improved strain hardening capability had a beneficial
effect on the fatigue crack growth rates. However, in this alloy also the nature and size
of precipitates influences the crack propagation rate [115].
Generally – and especially when comparing different materials – one has to keep in

mind that not only grain size (and grain size distribution) but also factors like precipitate
content, size and distribution, stacking fault energy and crystallographic texture are
known to have considerable effects on the fatigue and crack growth characteristics of
metallic materials [8, 48].

Another finding concerning the fatigue crack growth behaviour of nanostructured ma-
terials was done by Hohenwarter et al. [122] investigating HPT processed and afterwards
heat treated Ni and Armco-iron with different grain sizes. They observed intercrystalline
crack paths in materials with grain sizes smaller than 1 μm whereas materials with larger
grain sizes showed transcrystalline crack paths, see. fig. 3.14.
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3.3 Mechanical properties of SPD materials

(a) Stress-strain curves. (b) Fatigue crack growth curves.

Figure 3.13: Tensile and crack propagation behaviour of the Al alloy AA6060 de-

formed by ECAP with different numbers of passes and also with an additional aging

heat treatment for 18 min at 170◦C. From [121].

Figure 3.14: Fatigue fracture surfaces of HPT processed Fe. a) Grain size 300 nm:

intercrystalline crack path; b) grain size 1 μm: transcrystalline crack path. From [122].
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Part II

Experimental techniques

for small-sized specimens

This part of the thesis describes the experimental set-ups used to determine the mechan-
ical properties of HPT processed nanostructured materials. Since no standard geometries
can be used for these samples due to their limited size, special attention is given to
calibration measurements and evaluation of the obtained data.

Different types of sample geometries and testing conditions have been used to deter-
mine different mechanical properties. They will be specified within the following three
chapters. The first one deals with tensile tests and the static mechanical properties
obtained thereby, i.e. strength and ductility. Special attention is given to the strain mea-
surement during tensile testing of small-scaled samples. A section within this chapter has
already been published in the Proceedings of the 20th IMEKO TC2 Symposium on Photonics
in Measurement in 2011.
The second chapter describes the cyclic deformation tests performed to determine

fatigue life time curves in the high cycle fatigue regime and the fatigue strength of the
samples. The set-up was obtained in an earlier work [22].
The set-up used for the crack growth measurements is specified in the third chapter.

As these measurements use the same principle of ultrasonic resonance fatigue testing
like the fatigue strength measurements, this chapter is shorter and describes only the
sample geometry and calibration measurements.
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4 Tensile tests

4.1 Sample geometry
Miniaturised dogbone-shaped samples used for tensile tests were cut out of HPT discs by
spark erosion. The copper electrode used to obtain the proper geometry was manufac-
tured by the company C. & H. Wöls GmbH, Kottingbrunn. Before cutting, both sides of the
HPT discs were polished to get the desired sample thickness in the range of 0.3 mm to
0.6 mm. Special care was taken to get the top and bottom surface parallel within ± 5 μm.
Spark erosion was done as gentle as possible to get the surface roughness at the lateral
sides as small as possible because it was not possible to polish the lateral sides after
cutting. The shape and dimensions of the tensile specimens can be seen in fig. 4.1. The
radius at the top and the bottom of the gauge length was 0.5 mm, which means that the
samples had parallel gauge lengths of 2.5 mm. The dimensions of the samples are very
close to the standard given in eq. 2.9.

Figure 4.1: Dimensions of the small-scaled tensile test samples (right) and position

of the samples on the HPT disc (left).

4.2 Experimental set-up and strain measurement
Published in: Proceedings of the 20th IMEKO TC2 Symposium on Photonics in
Measurement (2011) under the title “Application of a locally operating laser-speckle
strain sensor on tensile deformation of miniaturized nanostructured specimens”
Authors: J. Horky, M. Lederer, B. Weiss, M. Zehetbauer and B. Zagar

The small specimen size requires special effort on the strain measurement. Thus, we
have chosen a laser-speckle strain sensor providing the possibility to measure strains with
high local resolution. The sensor is based on the theoretical work of Yamaguchi [123]
where the objective laser speckle shift caused by a displacement of the specimen is
evaluated in general form. In our geometrical set-up depicted in fig. 4.2 the laser beam
is pointing along the z-axis perpendicular to the specimen surface, and the line-scan
cameras are in the same x-z-plane perpendicular to the incident light.
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4 Tensile tests

Figure 4.2: Sketch of the measurement set-up with laser beam and two line-scan

cameras.

The speckle displacement Ax on the camera plane is then given by [124]:

Ax(Θ) = ax

(
L cos2ΘS

LS cosΘ
+cosΘ

)

−az

(
L sinΘS cosΘS

LS cosΘ
+ sinΘ

)

−L

[
εxx

(
sinΘS

cosΘ
+ tanΘ

)
−Ωy

(
cosΘS

cosΘ
+1

)]
(4.1)

Here, Θ is the observation angle, L is the distance between specimen surface and
observation plane (camera) and LS is the distance between specimen surface and laser
source. The angle ΘS is the angle between the incident laser beam and the surface nor-
mal (z-axis) being approximately zero and therefore not indicated in the sketch (fig. 4.2). It
can be seen from this equation that the speckle displacement along the line-scan camera
depends on the rigid body displacements along x- and z-axis (ax and az , respectively),
the rigid body rotation around the y-axis (Ωy ) as well as the strain along the x-axis (εxx ).
To separate the strain εxx from the rigid body motions, two line-scan cameras under

angles ±Θ are used, and the difference between the two speckle displacements is then
only sensitive to εxx and az (ΘS is set zero):

ΔAx = Ax(−Θ)− Ax(Θ) = 2 L εxx tanΘ+2az sinΘ (4.2)

If we neglect the out-of-plane displacement az , we can directly measure the true strain
on the sample at a surface area with diameter of the illuminating laser beam, which is in
the case of the He-Ne laser used equal to the width of our tensile specimens.

εxx = ΔAx

2 L tanΘ
(4.3)

The displacement Ax is detected by image correlation based on the covariance func-
tion. The algorithm realises a correlation based pattern matching (tracking) with the
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4.2 Experimental set-up and strain measurement

salient feature that it guarantees equal sensitivity of displacement estimation for both
directions. This is a feature of utmost importance since the total speckle displacement
from the start of the experiment up to the current position is to be summed up over tiny
contributions of motion between two successive exposures. This behaviour is guaranteed
by the fact that the speckle pattern is modelled by a higher order polynomial which can
then be differentiated analytically to finally give the desired displacement result.

Test measurements and verification of accuracy

We used the locally operating laser-speckle strain sensor now to survey stress-strain
curves of our miniaturised tensile samples (fig. 4.1). The theoretical strain sensitivity of
the sensor is of the order of 10−6, but in practice one has to deal with imperfections
of the geometrical set-up as well as cross-section reduction and change of specimen
surface when straining until failure. The different contributions to experimental errors
were investigated theoretically and experimentally by Schneider et al. [124].
However, our miniaturised specimens lead to additional difficulties and uncertainties

which were carefully analysed within this work. In particular, the precision of the
geometrical set-up as well as the influence of specimen mounting were investigated and
sources of errors were suppressed wherever possible.

Displacement tests
It was shown by Schneider [124, 125] that a locally operating laser-speckle strain sensor

can be used to determine stress-strain curves. However, because we use a laser source
with smaller spot size leading to larger laser speckles, we first verified our system with
displacement tests. As it can be seen from eq. 4.1 and fig. 4.2, pure in-plane displacement
along the x-axis leads to a symmetric speckle displacement Ax(Θ) = Ax(−Θ) on the two
cameras. The accordance of the two values is therefore a check for the symmetry of
the set-up as well as for the stability of the whole system and the image correlation
algorithm. Thus, we conducted a series of displacement tests and analysed the difference
between the resulting values of the two cameras.
The tests over a distance of 40 mm or 100 mm showed that the random difference of

displacements observed by the two cameras can be kept as low as 2 μm (average of at
least 20 measurements) when optimising the speckle intensity by the camera exposure
time. If this optimisation is not done, the difference can be as large as 7 μm. The
exposure time is optimised when the shoulder or slope of the individual laser speckles
has a maximum resolution. This is because the image correlation algorithm is based
on the derivative of the speckle pattern. A saturation or cutting-off of the peaks of the
speckle intensities does not affect the image correlation due to the algorithm used in the
present investigation.
In course of the displacement tests we recognized that the absolute displacement

values measured by the optical sensor showed some discrepancy compared to the values
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4 Tensile tests

of the encoder of the tensile machine. A good accordance of these values is a proof for a
precise geometrical set-up in terms of the absolute values of Θ and L. In fig. 4.3 one can
see the displacement measured with the laser-speckle sensor versus the displacement
measured with the tensile test machine. At first sight the line appears to be very straight
but at a closer look variations from the linear behaviour are clearly visible (green graph
in fig. 4.3). They are in the range of ± 20 μm and have a rather constant period.
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Figure 4.3: In-plane displacement test: Displacement measured by the laser-speckle

sensor (average of the two camera values) and variations from the fitted linear slope.

A series of such measurements showed that the positions of the maxima and minima
are not random but depend on the absolute cross head position only. Moreover, the
effect is symmetric for the two cameras. Thus, we could conclude that the origin of this
behaviour is a very slight tilting of the cross head around the y-axis of less than one
tenth of a degree. The period is approximately 2 mm which corresponds to the thread
pitch of the tensile test machine. Although this tilting could not be prevented it has no
influence on the strain measurement due to the fact that its effect is symmetric on both
camera planes and the strain measurement is based on the difference of the speckle
displacement values of the two cameras.

In the long term, the accordance of the displacement values gained with the laser-
speckle sensor and the encoder of the tensile test machine revealed a precise geometrical
set-up, as shown in fig. 4.3.

Specimen mounting
Fig. 4.4 shows a small-sized sample mounted for a tensile test together with the incident

laser beam. The specimen is fixed with four pins on its shoulders. Additional markers
for a commercial video extensometer were placed on the holder close to the specimen.
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4.2 Experimental set-up and strain measurement

The equipment and specifications for all the following tensile tests are summarised in
table 4.1.

Figure 4.4: Experimental set-up: Mounting of the dogbone-shaped sample with four

pins, incident laser beam of the speckle sensor and additional markers for the video

extensometer.

Table 4.1: Used equipment and specifications for the tensile tests.

Tensile test machine Messphysik ME30-1 1kN

Laser HeNe-Laser, 5 mW,

0.6 mm spot size

Cameras Eureca LPV-1024HT-8EPP,

1024 pixels (7.8 μm × 125 μm)

Observation angle Θ 24°25’

Observation distance L 106 mm

The first investigation was to compare the results obtained by the laser-speckle sensor
with results of a video extensometer measuring close to the sample on the holder. A
direct strain measurement on the specimen with the video extensometer was not possible
due to the small sample size.

The stress-strain curves obtained by the different strain measurement techniques from
one and the same experiment on a copper sample are shown in fig. 4.5. One can see
the clear improvement of the local laser-speckle measurement compared to both, strain
measurement by the cross head displacement and by a video extensometer.

Also the values of Young’s modulus (table 4.2) obtained from this test show the necessity
of a strain measurement directly on the sample. Although the markings of the video
extensometer are quite close to the specimen, the elongation of the specimen holder as
well as the compliance of the pins have a tampering effect, and the obtained Young’s
modulus is far from literature values of copper (80 – 180 GPa, depending on the texture).
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Figure 4.5: Tensile test of a miniaturised Cu specimen (including a load removal

to measure Young’s modulus): Comparison of strain measurement via laser-speckle

sensor, video extensometer and cross head movement.

Table 4.2: Young’s modulus obtained by different strain measurement techniques.

strain measurement technique Young’s modulus

local laser-speckle sensor 105 GPa

video extensometer 019 GPa

cross head displacement 012 GPa

The second investigation concerned the specimen mounting. Fig. 4.6 shows the influ-
ence of misalignment. If the laser illuminates not only the sample surface but also some
part of the holder, the speckle pattern is a superposition of speckles from the samples
which change their position upon straining and constant speckles from the holder. The
resulting superposition speckle pattern shows strong intensity variations upon strain-
ing and the strain measurement becomes inaccurate. Therefore, a misalignment of the
specimen has to be avoided through very careful adjustment. The absence of excessive
intensity variations of the speckles during straining is a verification of a proper alignment.

After verifying the geometrical set-up by displacement tests, the laser-speckle strain
sensor was applied to tensile test on HPT processed specimens.

4.3 Data evaluation and measurement accuracy
As shown in the previous section, the laser-speckle sensor is highly capable to directly
and precisely measure strain during tensile tests. Anyhow, the measurement is quite
local, restricted to the area of the sample which is illuminated by the laser beam. If
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Figure 4.6: Dependence of the measured strain value on the specimen alignment.

Three loading and unloading tests were performed using the same Cu specimen.

necking takes place beyond the ultimate tensile strength, any further deformation of the
tensile specimen is located in the necking area. The laser can now illuminate either the
necking area or any other part of the parallel gauge length. In all cases the strain data
obtained by the laser-speckle sensor does not give the engineering strain for the whole
gauge length.

Figure 4.7: Picture of two Cu tensile specimens nearly fractured (left) and totally

fractured (right).

The second possibility to measure the strain is to divide the change of the cross head
position of the tensile machine (Δl ) by the initial parallel gauge length (l0 = 2.5 mm).
As shown previously, this method is not precise enough and gives wrong Young’s moduli
by one order of magnitude. Anyhow, it is the only possibility to get the strain in the
post-necking region of the tensile curve. To get the strain measurement by cross head
movement a bit more precise, one has to measure the compliance of the tensile machine
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4 Tensile tests

(including the holder for sample mounting). Therefore, samples of the spring steel C75S
have been deformed. This material has been used due to its high yield strength of more
than 1 GPa and the high Young’s modulus of ∼ 206 GPa [126] which ensures linear elastic
behaviour over a wide loading range. Using such samples the difference in displacement
measurement (i.e. the error of the displacement measurement by cross head movement)
depending on the applied load has been determined, see fig. 4.8. The linear part has
been fitted and the obtained formula was used to correct displacement (and thereby
also strain) data measured by the cross head movement of the tensile test machine.
The results are still not good enough to determine Young’s moduli but the measurement
accuracy of the fracture strain is in the range of ± 1 percentage point.

Figure 4.8: Calibration of the strain measurement by cross head movement: dif-

ference in displacement between laser-speckle sensor and cross head movement

depending on the applied load.

The procedure to get the best possible overall engineering stress-strain curve is now
the following: the strain of the first part of the curve up to the ultimate tensile strength
is directly and very precisely measured by the laser-speckle sensor. In the second part,
where necking takes place, the strain is determined from the cross head movement using
the correction of the obtained displacement values.

Fig. 4.9 shows an example of two Cu-5at%Al tensile samples. When testing sample 1 the
laser beam was located outside the necking region, in case of sample 2 directly inside the
neck. It can be seen that beyond the UTS the strain values of the two samples obtained
by the laser-speckle sensor differ extremely (dashed lines) while the curves obtained from
the cross head movement show a good reproducibility.

The stress is measured with a commercial load cell. As the samples are quite small,
the parallelism of the surfaces is very important. The cross-section area of each sample
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4.3 Data evaluation and measurement accuracy

Figure 4.9: Tensile curves of two Cu-5at%Al samples. The solid lines are the engi-

neering stress-strain curves obtained by a combination of laser-speckle and cross

head measurements as described in the text. The dashed lines are the strain values

received by the laser-speckle sensor when necking takes place. In case of sample 1

(red line) necking took place outside the measurement area while in case of sample

2 (blue line) the neck evolved in the measurement area.

is measured with an optical microscope and only samples meeting the requirement of
parallel surfaces within ± 5 μm are used. This ensures that the uncertainty of the stress
values is below 1%.
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5 High cycle fatigue

5.1 Ultrasonic resonance fatigue testing
To reach the required number of cycles for the high or even ultra-high cycle fatigue
regime, a high testing frequency is desired. This can be achieved by using an ultrasonic
resonance fatigue testing system. A system working at 20 kHz performs 1010 cycles within
a week, which is a marked contrast to a conventional 100 Hz testing device, which would
require three years to reach this ultra-high number of loading cycles.

In an ultrasonic resonance fatigue testing system, a piezoelectric converter or shaker
creates a mechanical vibration with a fixed frequency of 20 kHz and a selectable ampli-
tude. Thereby, a longitudinal standing wave is introduced into the whole system. The
system consists of the converter, an acoustic (amplifying) horn, an (optional) extension
and the sample or a sample holder, see fig. 5.1.

Figure 5.1: Sketch of the ultrasonic resonance fatigue testing system and distribution

of displacement and strain (after [127]).

All parts of the system must have a length corresponding to half of the wave length.
The speed of longitudinal acoustic waves in a long solid bar is given by:

c =
√

E

ρ
(5.1)

where E is the Young’s modulus and ρ the density of the material. Moreover, c = λ f ,
with λ being the wave length and f the frequency, leading to the result that each part
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5 High cycle fatigue

of the ultrasonic resonance system must have a length l of:

l = λ

2
= 1

2 f

√
E

ρ
(5.2)

The vibrations of the piezoelectric shaker introduce a sinusoidal wave of displacement.
The strain is the derivation of the displacement, therefore the maximum of the strain
amplitude is at the position of zero displacement. This is the case in the center of the
sample holder.
A sample holder is only necessary when testing small-scaled specimens. If the size of

the available sample material is as large as λ/2 (e.g. 9 cm in case of copper, according to
eq. 5.2), one can use a whole sample instead of a sample holder.

The strain amplitude during each test can be set by adjusting the displacement ampli-
tude which is created by the piezoelectric shaker. This can be selected within a certain
range. Furthermore, this range can be shifted by choosing different acoustic horns which
can increase or also decrease the strain amplitude by a certain factor depending on the
geometry. The ratio of the cross-sectional areas of the two sides of the horn is thereby
decisive.
Using an ultrasonic resonance fatigue testing system, the experiments are conducted

under constant total strain amplitude – usually in the range of 10−4 or below. This is
a strain range where the elastic part predominates, but a small part of the total strain
amplitude is always plastic, otherwise the samples would not break in the end. Stanzl-
Tschegg et al. [128] determined plastic strain amplitudes in ultrasonic fatigue by measuring
the damping heat. They found out that the plastic strain amplitude is about two orders
of magnitude smaller than the elastic one.

Monitoring the hysteresis loop and determining cyclic hardening or softening behaviour
is not possible with this equipment.
Moreover, tests can only be conducted under symmetrical push-pull loading, meaning

zero mean stress and a load ratio of R =−1. In principle it is possible to superimpose a
non-zero mean stress but this would require further experimental efforts [129, p. 55].

5.2 Sample geometry
The sample geometry used for the high cycle fatigue tests can be seen in fig. 5.2. Disc-
shaped HPT processed samples with a diameter of 10 mm were used. Two equal stripes
were cut out of one disc by means of spark erosion at a radius of 2 mm. After polishing
all four sides, the stripes had a width of 0.6 mm and a thickness of 0.2 mm. The
thickness was small enough to ensure uniform straining, but large enough to avoid size
effects (compare [130]). To measure free-standing samples, they were glued over a circular
hole in the center of the sample holder. To ensure breaking of the samples in the center
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5.2 Sample geometry

Figure 5.2: Sketch of the fatigue sample cut out of an HPT disc.

and not at the edge of the hole, it was necessary to introduce semi-circular side notches
to the samples. These notches were also cut by spark erosion using the smallest possible
current and thereby achieving the smoothest sample surface possible with this technique.
The radius of the notches was about 0.115 mm.
The sample holder had a through circular hole with a diameter of 1.5 mm in the center

(this is the position of maximum strain amplitude and zero displacement), see fig. 5.3.
The sample was glued on the holder over the hole using Z70 strain gauge glue from
HBM. A strain gauge (type 1-LY11-0.6/120 from HBM or similar) was glued at the side of
the holder.

Figure 5.3: Sketch of the geometry of the sample holder with a sample glued on it.

Another part of the experimental set-up not shown in the sketches was a light mi-
croscope equipped with a video camera to observe the sample surface during testing.
Thereby, it was possible to see the sample fracturing and to determine the number of
cycles (via the measurement time) at which the sample did fail. This was also possible
afterwards by examining the recordings.
Furthermore, the sample was cooled during testing by a blast of compressed air to

prevent heating of the specimen due to the high frequency used.
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5 High cycle fatigue

5.3 Calibration and determination of stress am-
plitude

During each test, the strain on the sample holder was measured with a strain gauge. This
strain value was calibrated to the strain on an unnotched sample leading to a calibration
factor Kspecimen. The notches of the sample cause a stress (and strain) concentration [47,
p. 184ff]. For each sample the theoretical value of the stress concentration due to the
notches (Kt ) was calculated using the book of Peterson [51, p. 84]. The exact dimensions
were measured in the light microscope. The strain on the sample is then given by:

Δε/2 = (Δε/2)holder×Kspecimen×Kt (5.3)

As this total strain amplitude is nearly entirely elastic, one can get the stress amplitude
from Hook’s law:

Δσ/2 = E ×Δε/2 (5.4)

Table 5.1: Names of the symbols used in eq. 5.3 & 5.4.

Symbol Name

Δσ/2 stress amplitude

Δε/2 strain amplitude

E Young’s modulus

(Δε/2)holder strain amplitude on the holder

Kspecimen = (Δε/2)unnotched sample

(Δε/2)holder
calibration factor

Kt theoretical notch factor

Determination of Kspecimen.
A very small strain gauge of type EA-06-015DJ-120/LE with a measurement grid size

of 0.51×0.51 mm2 from the company Vishay was glued on a Cu-stripe which had the
same width and thickness as the samples, but no notches. This stripe was then glued
on the sample holder over the hole as if it would be a test specimen. Different loading
amplitudes have been applied and the strain values on the sample holder and on the
calibration sample have been determined simultaneously. The results of this calibration,
which has been conducted on two samples, can be seen in fig. 5.4 together with a
sketch, which shows the positions of the strain gauges. The calibration factor Kspecimen

determined this way was 1.6.
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5.3 Calibration and determination of stress amplitude

Figure 5.4: Relationship between the strain value of the miniaturised fatigue speci-

men to the specimen holder (calibration curve) [23].
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6 Fatigue crack growth
Fatigue crack growth was measured in a similar way as the fatigue strength. Again,
the ultrasonic resonance fatigue testing system was employed, but the geometries of the
samples and the holder were different.

6.1 Sample geometry
The HPT processed samples had a diameter of W = 10 mm and were polished down to a
thickness of about 200 μm. Thereby a mirror-like surface was obtained. An elliptical notch
was introduced in the center of the sample by using a proper spark-erosion electrode.
This was made of copper and manufactured by the company C. & H. Wöls GmbH,
Kottingbrunn, according to our specifications. The dimensions were l = 1.5 mm and b =
0.5 mm, compare fig. 6.1. According to the book of Peterson [51], this geometry results in
a stress concentration factor Kt of approximately 6 at the edges of the elliptical notch.
Therefore, the crack which evolves during cyclic loading at these points has to grow a
certain distance until the stress field of the notch is negligible. A formula for this length
(a0) is given in [50, p. 401]:

a0 = l/2

1+ (1.122 Kt )2
+ l/2 = 1.5/2

1+ (1.122×6)2
+1.5/2 = 0.766 mm. (6.1)

Numerical solutions of this problem show that this value can be quite larger [50] and to
ensure not to have an influence of the stress concentration of the notch, crack growth
measurements were started not before the crack reached a length of a = 1.5 mm. Please
keep in mind that the crack length is always measured from the center of the elliptical
notch.
Furthermore, crack growth measurements were stopped at the latest when the crack

reached a length of a = 2.5 mm to avoid an influence of the finite sample width.

Figure 6.1: Sketch of the HPT sample prepared for crack growth measurement.
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6 Fatigue crack growth

6.2 Experimental set-up
The sample holder which was part of the ultrasonic resonance testing system described
in section 5.1 had a length of 125 mm and a cross-section of 20×8 mm2. Grooves
(width: 2 mm, depth: 1 mm) were made in the center of the holder at the position of
maximum strain on the top as well as the bottom side. To fix the sample to the holder,
Z70 strain gauge glue from HBM was used (single component, cold curing adhesive
made of cyanacrylate [131]). The glue was dried under slight pressure over night at
room temperature. The sample was glued over the groove to ensure a free standing
measurement area, see fig. 6.2.

Figure 6.2: Sketch of the geometry of the sample holder with a sample glued on it.

During testing, the sample surface and the crack were observed using a travelling light
microscope. After the crack has reached the minimum length for the crack propagation
experiments, the fatigue loading was stopped periodically and the crack length was
determined. Therefore, the software measured the way the light microscope had to travel
from the position of the former crack tip to the point where the new crack tip is in the
center of the picture. A photograph of the experimental set-up is shown below (fig. 6.3).
It can also be seen from this picture that the acoustic horn used in these experiments

was straight, i.e. it does not increase or decrease the strain amplitude. An extension horn
was not used. Furthermore, cooling by compressed air was performed to prevent heating
of the sample.

6.2.1 Calibration and determination of stress amplitude

During each test, the strain was recorded with a strain gauge (type 1-LY11-0.6/120 from
company HBM, measurement grid 0.6×1 mm2) which has been glued on the side surface
of the sample holder. Due to the used geometry of the grooves, the strain on the sample
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6.2 Experimental set-up

Figure 6.3: Photograph of the experimental set-up consisting of the ultrasonic fatigue

testing system including sample holder and sample, as well as a light microscope

for crack length measurement and a strain gauge on the sample holder.

is larger than the strain measured on the holder and therefore a calibration factor had to
be determined. Thus, a sample without elliptical notch was glued onto the holder and a
strain gauge was glued on top of it. Now the strain value of the sample was compared
to the strain on the holder at different loading amplitudes. Data from two measurements
(two samples and two holders with the same geometry) was collected and the result can
be seen in fig. 6.4. The calibration factor Kspecimen determined this way was 1.644(±0.008).

Figure 6.4: Relationship between the strain value of the miniaturised crack growth

specimen to the specimen holder and fitted line (calibration curve).

The stress amplitude was determined like in section 5.3:

Δσ/2 = E × (Δε/2)holder×Kspecimen (6.2)
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Part III

Results & discussions

The results of this thesis will be presented and discussed in three chapters. The first and
until now unpublished part deals with the tensile strength and ductility of HPT processed
Cu and Cu-Al alloys. The alloys which were chosen due to their low stacking fault energy
contain a high number of deformation twins after SPD processing and are believed to
exhibit high strength and good ductility simultaneously (e.g. [16–19]). However, there are
several open questions as will be discussed in the beginning of this chapter. A possible
influence of short-range order in Cu-Al alloys with 10at%Al or more has for example not
been considered so far. This is one of the subjects of this investigation.
More important, not only deformation twins but also a large number of grain bound-

aries and dislocations are present in the materials. It will be shown that the strength
of HPT processed Cu-Al alloys can be reasonably discussed in terms of the dislocation
density. Concerning the uniform elongation in tension, it will be shown that the SPD
technique and the dislocation arrangement obtained thereby have by far a larger influence
than the stacking fault energy or the twin density.

The other two chapters are represented by two papers which have already been pub-
lished in peer-reviewed international journals.
The first paper (chapter 8) deals with the crack propagation behaviour of high and

commercial purity HPT Cu whose fatigue strengths have been determined in my Diploma
thesis [22]. Beside these two Cu materials with different purities also high purity HPT Cu
with a bimodal grain size distribution is investigated for its fatigue strength as well as
crack propagation rate. The results of my diploma thesis which were already summarised
in section 3.3.2 can be seen as the motivation of this work. The aim was to expand the
knowledge from high cycle fatigue to fatigue crack growth and to focus on the structural
parameters of the different HPT materials and their influence on the cyclic mechanical
properties. Consequently, the threshold stress intensity factor range and near-threshold
crack propagation rates have been determined for the HPT processed materials as well
as for coarse grained (CG) copper. Furthermore, the microstructure in the vicinity of the
crack was examined, and it will be shown that grain coarsening during cyclic loading not
only affects the fatigue strength but also the fatigue crack propagation.

The second paper (chapter 9) focuses on the influence of the microstructural stability
on the fatigue and crack propagation behaviour of HPT Cu. It will be shown that grain
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Results & discussions

coarsening in the vicinity of a crack retards the fatigue crack propagation which is,
nevertheless, in HPT materials faster than in CG Cu. The occurrence of grain coarsening
during cyclic loading in the HCF regime as well as during crack growth in HPT Cu of
different purity and grain size distribution is being discussed with respect to the thermal
stability of the microstructure in terms of annealing temperature and stored energy.

A subsequent summary will recapitulate the results of the three parts and an outlook
will raise some so far unsolved questions stimulating further interesting investigations.
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7 Strength and ductility of HPT pro-
cessed nanostructured Cu and Cu-
Al alloys

7.1 Introduction and motivation
Copper with nanoscale growth twins is reported to exhibit a high strength, which is
comparable or even higher than that of SPD Cu, in combination with a uniform elongation
higher than that of the nanograined counterpart [98, 99, 132]. According to literature [100]
the different interaction possibilities between the highly coherent twin boundaries and
moving dislocations are responsible for this promising combination of properties. The
good ductility is also associated with the initially fairly low dislocation density of the
materials which leads to an effective strain hardening [98]. Furthermore, it is supposed
that the dislocation density during tensile straining increases only slowly because the
numerous twin boundaries are able to absorb the moving dislocations [99].

As these materials were produced by electro-deposition, they were only available in
form of foils with a thickness below 50 μm. An attempt to produce larger samples of
nano-twinned material is the generation of twin boundaries by SPD deformation.

It has been shown for different pure metals [11] and for Cu based alloys [12, 13, 20]
that the twin density or twin fault probability of SPD processed materials increases
with decreasing stacking fault energy (SFE). The reason for this correlation is the larger
splitting distance of partial dislocations in materials with low SFE leading to deformation
by mechanical twinning instead of dislocation glide.

Adding Al to Cu considerably decreases the SFE of the material [133]. Therefore, and
because of the promising reports about the effects of growth twins, several publications
deal with the tensile properties of Cu-Al alloys deformed by SPD techniques like ECAP [16–
18], HPT [19, 134] or LNT-DPD (“liquid nitrogen temperature dynamic plastic deformation”:
high strain rate compression at 77K) and quasi-static compression (QSC) [15]. A summary
of the materials and processing methods used in these publications is given in table 7.1
and in more detail in appendix D.

It should be noted that Cu-Al alloys with an Al content of 10at% or more show a ten-
dency to short-range ordering (SRO) [135]. A possible influence of SRO to the mechanical
properties of SPD Cu-Al alloys has not been considered so far. The solid solution limit in
this alloy system is at an aluminium content of approximately 20at% [136].

The compared papers concordantly state that with decreasing SFE the twin density
of SPD processed Cu-Al alloys increases and the grain size decreases. It is argued that
the grain refinement mechanism changes from a dislocation-based mechanism, where
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7 Strength and ductility of HPT processed nanostructured Cu and Cu-Al alloys

Table 7.1: Summary of investigated materials and processing methods of available

literature on tensile properties of SPD nanostructured Cu-Al alloys. More details

of the cited papers concerning grain sizes and tensile properties can be found in

appendix D.

Publication Investigated Cu-Al alloys SPD processing Equivalent strain
(at% Al)

An2008 [16] 2.3, 7.2, 11.6 ECAP: 1 pass, RT ∼ 1
Qu2009 [17] 5, 8, 16 ECAP: 4 or 2 passes (Cu-16Al), Bc , RT 4.6 (2.3)
An2011 [19] 0, 2.3, 5, 8, 16 HPT: 6 GPa, 5 rotations, RT max. 128
Zhang2011 [15] 0, 1.17, 1.75, 2.3, 3.5, 5, 10 LNT-DPD (strain rate 103 s−1, 77K) 2 (Cu-10Al: 1.7)
Zhang2011 [15] 0, 1.17, 1.75, 2.3, 3.5, 5, 10 QSC (quasi-static compression) at RT 2 (Cu-10Al: 1.7)
Huang2012 [18] 0, 2.3, 7.2, 11.6 ECAP: 8 passes, Bc , RT 8

the fragmentation of the original grains occurs by the formation of dislocation cells, to
deformation by twinning and intersection of the twins [17]. The second mechanism is
reported to occur below a SFE of about 28 mJ/m2 (being the SFE of Cu-5Al) [18]. However,
looking at measured twin densities, which are only available in the paper by Zhang
et al. [15], the picture is not that clear. In case of room temperature deformation the
authors report an increasing volume fraction of nanoscale twins/matrix lamellae starting
at about 2.3at%Al but in case of SPD processing at high strain rate and liquid nitrogen
temperature (LNT-DPD) pure Cu has the highest volume fraction of twin/matrix lamellae,
and the value slightly decreases with increasing Al content.

Beside the SFE, also the process parameters according to the Zener-Hollomon parame-
ter Z (eq. 1.1) influence the deformation and thereby the microstructure achieved by SPD.
It was shown for pure Cu that deformation with an increased Zener-Hollomon parameter
leads to smaller grain size, higher dislocation density, higher strength and a higher vol-
ume fraction of deformation twins [14]. Thus, a higher value of Z is supposed to have
the same effect on strength and twinning probability as a lower SFE [15].

It is obvious from the literature [15–19] that a higher alloy content as well as a higher
Zener-Hollomon parameter during SPD processing of Cu-Al alloys lead to a stronger grain
refinement and an increased strength. This is also supported by investigations on Cu-Zn
alloys [12, 20] and Cu-Mn alloys [137], where it was shown that also in these systems the
strength of SPD processed materials increases with increasing alloy content. Cu-Mn is
especially interesting because the SFE in this alloy system is nearly constant. The reason
for the increased grain refinement in alloys is due to the limitation of the dislocation and
grain boundary mobility by the alloy atoms and hence better thermal stability of alloys
compared to pure metals, this way decreasing dynamic and static recrystallisation [27,
p. 320ff].

When comparing the grain size of SPD Cu-Al alloys with the ultimate tensile strength
(UTS) or with the yield strength, it can be seen that surprisingly the same grain size leads
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7.1 Introduction and motivation

to the same strength, regardless of deformation technique and parameters chosen, and
alloy content as it is depicted in fig. 7.1. Such a comparison is also seen in [15, 18, 19] and
the Hall-Petch equation is used to explain this behaviour [15]. However, the Hall-Petch
coefficient for an alloy is generally different to the one of the pure material [138, p. 144].
An increase of the Hall-Petch coefficient as well as of the friction stress with increasing
alloy content was shown for several systems, e.g. for Cu-Al [139–141], Cu-Ni [139], Ni-C
[142], and Cu-Ti [143]. The Hall-Petch coefficient of Cu-15Al determined by Nakanishi and
Suzuki [139] for example is 0.5 MPa

�
m compared to only 0.11 MPa

�
m for pure Cu.

Figure 7.1: Comparison of yield strength and grain size (d ) for pure Cu and for dif-

ferent Cu-Al alloys from available literature [15, 17–19]. (Detailed data in appendix D.)

Thus, the question arises if the Hall-Petch relation is really suitable to explain the
strength obtained in SPD processed Cu-Al alloys. The Hall-Petch effect is typically ob-
served in well-annealed coarse grained materials and the pile-up of dislocations at the
grain boundaries is the most common theoretical explanation [32, p. 434f][144]. It has
been shown several times (e.g. [10, 12, 145–147]) that in deformed and nanostructured
materials deviations from the Hall-Petch behaviour are observed. Above all, the partic-
ularly high dislocation density in SPD processed materials has to be taken into account
[12, 148, 149]. However, values of the dislocation densities of SPD Cu-Al alloys are not
given in the literature so far [15–19].

Concerning the influence of alloy content or stacking fault energy in SPD processed
Cu-Al alloys on the ductility, namely the uniform elongation in tension, the picture is
even less clear.
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A higher uniform elongation is reported for SPD materials with lower SFE [16–19] –
although the values are quite small and in the range of 2% to 4%. It is argued that
the better ductility is due to a higher strain hardening rate, which is caused by twins
and stacking faults which “offer room for dislocation storage and suppress dynamic
recovery” [17].

The paper by An et al. [19] reports an optimum stacking fault energy – the uniform
elongation increases with decreasing SFE up to Cu-8Al but then decreases for Cu-16Al. It
is stated that the grain size in the latter material (30 nm) is too small to permit storage
of defects during tensile straining.

Unfortunately, the strain measurement during tensile testing is not described in any
of the papers, except of the publication by Zhang et al. [15]. Especially in case of the
HPT processed samples with a gauge length of only 2 mm [19, 134] very careful strain
measurement is needed. When comparing the plotted tensile curves with the average
values of the uniform elongation given in the papers [16–19, 134], it seems that the elastic
part of the stress-strain curve is always included in the values of the uniform elongation.
Subtracting the elastic part reduces the values of the uniform elongation by approximately
0.5 – 1 percentage point. The trends (increase or decrease of the uniform elongation with
increasing SFE) stay thereby mainly the same but become considerably smaller.

The available literature data are plotted in fig. 7.2. It can be seen that there is no un-
ambiguous correlation of the uniform elongation with the SFE. Also plotting the uniform
elongation against grain size or strength would not reveal such a correlation.

Figure 7.2: Comparison of uniform elongation (including the elastic part of the

tensile curve) and stacking fault energy for Cu and different Cu-Al alloys from

available literature [15–19]. (Detailed data in appendix D.)
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A simultaneous increase of strength and ductility by decreasing the SFE was reported in
SPD processed Cu-Zn alloys [20, 21]. Differing results are reported in a paper investigating
Cu-Mn alloys deformed by die-forging [137]. Although the SFE in this alloy system stays
nearly constant (at around 40 mJ/m2) and the measured twin density was very low, an
increase of uniform elongation with increasing Mn content was observed (beneath the
increase of strength). It is argued that this behaviour is due to short-range order leading
to a higher work hardening rate. Unfortunately, no values of grain sizes or degree of SRO
are given in the paper.
The values of the uniform elongation are in the range of 2.2% – 3.8% in case of the

Cu-Zn alloys [20, 21] and between 0.5% and 1.25% in case of Cu-Mn [137], in both cases
including the elastic part of the tensile curves.

On the basis of this literature review, the aim of the current investigation was:

• to measure the tensile properties – especially the yield strength and the uniform
elongation – of HPT processed Cu and Cu-Al alloys. The direct strain measure-
ment using the laser-speckle sensor is used to get reliable results of the uniform
elongation.

• to evaluate the SRO in HPT processed Cu-Al alloys and to determine if SRO has any
influence on the mechanical properties of the alloys.

• to perform the HPT processing at a higher value of Z , i.e. at liquid nitrogen
temperature, and to investigate the influence of this processing parameter on the
tensile properties.

• to determine dislocation density, twin probability and domain size of the HPT
processed Cu-Al alloys by X-ray profile analysis and to clarify the influence of these
parameters on the tensile strength.

• to combine own and literature data on the uniform elongation of SPD processed Cu
and Cu-Al alloys to determine the influence of SFE, twins and processing parameters
and to critically inspect the conclusions drawn in the papers summarised above.
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7 Strength and ductility of HPT processed nanostructured Cu and Cu-Al alloys

7.2 Investigated materials and measurement
methods

Pure Cu (99.99%), Cu-5at%Al and Cu-15at%Al were first cut into discs with 8 mm diameter
and approximately 0.7 mm height. The alloys were then annealed at 550◦C for one hour
and quenched from 500◦C into water. Pure Cu was annealed at 550◦C for one hour
and furnace cooled. HPT processing was performed at room temperature and at liquid
nitrogen temperature (77K). Five rotations were done at an applied pressure of 6 GPa.
The different alloys were chosen due to their different stacking fault energies (SFE), the

values are given in table 7.2.

Table 7.2: Stacking fault energies (SFE) of the investigated materials [150]. It should

be noted that different values of the SFE of pure Cu exist the literature, ranging from

40 mJ/m2 [27, p. 243] to 78 mJ/m2 [19].

Material SFE [mJ/m2]

Cu 45.5

Cu-5Al 24.5±0.5

Cu-15Al 05.5±0.2

Average values of the tensile properties of HPT processed samples were gained from
four to six stress-strain curves. In case of the quenched materials, only two tests have
been done. The tensile tests were performed at a constant cross head speed of 1 μm/s re-
sulting in an initial strain rate of 4×10-4 s-1. The dog-bone shaped samples had an average
cross-section area of 0.8×0.3 mm2 and a parallel gauge length of 2.5 mm. Two samples
were cut out of one polished HPT disc by spark erosion with the gauge length being
off-centered at a radius of approximately 2.5 mm as shown in section 4.1. The strain was
measured directly with a laser speckle-based strain sensor described in detail in chap-
ter 4. The engineering stress was calculated using a load cell with 1 kN maximum load
and the exact dimensions of each individual sample as measured by light microscopy.
Short-range order and defects were investigated by differential scanning calorimetry

(DSC) using a NETZSCH DSC 204, the heating rate was 20 K/min. Discs with 6 mm
diameter were therefore cut out of the HPT discs off the center.
To determine domain size, dislocation density and twin fault probability, X-ray diffrac-

tion measurements were performed in reflection geometry at the synchrotron ELETTRA
in Trieste (Italy) using monochromatic radiation with a wave length of approximately
0.155 nm. The beam size was 200×500 μm2 and the measurements were conducted at
a radius of 3 mm of the HPT discs. The detected X-ray profiles were analysed by the
convolutional multiple whole profile (CMWP) fitting algorithm as given in detail in [151–
153]. The domain size, which represents the dislocation cell or subgrain size in plastically
deformed materials, is given as an area weighted average value. Grain sizes determined
from electron microscopy pictures are usually larger [12].
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Microhardness measurements were done using a Vickers indenter type MHT-4 PAAR
with an indentation force of 1 N applied for 10 s. To get an average value, 7 indentations
were done in case of the annealed materials and at least 10 values were measured at a
radius of 3 mm in case of the HPT processed materials.

Scanning electron microscopy (SEM) investigations were done on mechanically polished
samples using a Zeiss Supra 55 VP equipped with a detector for backscattered electrons.

7.3 Results
The materials before HPT can be characterised as follows: the grain sizes are large
(roughly speaking between 50 μm and 500 μm) and the strength increases with increasing
alloy content. The ultimate tensile strength is approximately 210 MPa for Cu, 280 MPa
for Cu-5Al and 300 MPa for Cu-15Al. Details about microstructure and strength of the
as-quenched materials can be found in appendix B.

7.3.1 Microstructure of HPT processed Cu & Cu-Al alloys

In case of pure Cu and Cu-5Al processed by HPT at room temperature (RT) it was possible
to determine the grain size in the SEM using the backscattered electron detector. The
grain sizes obtained from these pictures by the line intercept method are summarised in
table 7.3. In case of Cu-5Al HPT processed at 77K and HPT Cu-15Al the grain sizes are
too small to see the individual grains in the SEM.

The domain sizes evaluated by X-ray profile analysis are also specified in table 7.3.
The measurement accuracy of these values is in the range of 10-20% [149].

Table 7.3: Grain sizes and domain sizes of the investigated materials as determined

by SEM micrographs and XRD analysis, respectively.

Material Grain size [nm] Domain size [nm]

Cu, HPT RT 224±43

Cu, HPT 77K 123±20

Cu-5Al, HPT RT 086±21 78

Cu-5Al, HPT 77K 65

Cu-15Al, HPT RT 79

Cu-15Al, HPT 77K 38

The twin fault probabilities of the alloys determined by XRD are given in table 7.4.
In case of Cu-15Al processed by HPT at RT it was not possible to get a reliable value.
However, the other values confirm the trends already reported in literature. They show
that a lower stacking fault energy as well as a lower processing temperature lead to a
higher twin density.
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Pure Cu was not measured within this work, but a paper by Balogh et al. [12] shows
that HPT processing (with the same strain and pressure) of pure Cu at RT doesn’t result
in a detectable twin density.

Table 7.4: Twin fault probability evaluated by XRD analysis.

Material Twin fault probability [%]

Cu-5Al, HPT RT 1.2

Cu-5Al, HPT 77K 2.1

Cu-15Al, HPT 77K 3.5

The dislocation densities of the alloys were also gained from XRD line profile analysis
assuming an outer cut-off radius of the dislocation strain fields of 8 nm. The results are
summarised in table 7.5. For pure Cu the value was taken from a previous publication of
our group [4]. It can be seen that the dislocation density increases with increasing alloy
content as well as with decreasing processing temperature.

Table 7.5: Dislocation density determined by X-ray profile analysis.

Material dislocation density ρ [m−2]

Cu, HPT RT 4×1015 [4]

Cu-5Al, HPT RT 1.6×1016

Cu-5Al, HPT 77K 2.0×1016

Cu-15Al, HPT RT 2.1×1016

Cu-15Al, HPT 77K 3.3×1016

The results of the DSC investigations shown in fig. 7.3 are used to examine the short-
range order. In case of pure Cu (fig. 7.3a) and Cu-5Al (fig. 7.3b) one single exothermic
peak due to the annealing of defects can be seen. In both cases the peak temperature
is shifted to lower values for the samples deformed at 77K. In these cases also the peak
areas are larger. This means that deformation at the lower temperature leads to a higher
number of defects and less thermal stability of the microstructure. Furthermore, the
thermal stability of Cu-5Al is markedly enhanced compared to pure Cu. From the DSC
scans of the second runs which are shown in appendix C it can be concluded that pure
Cu and Cu-5Al do not exhibit short-range order at all.
Cu-15Al (fig. 7.3c) shows a more complex behaviour. Only the peak at about 350◦C is

due to the annealing of defects and connected to a decrease of hardness. Heating up the
material to a temperature below this peak (320◦C) leads to an increase in microhardness
from 304±4 to 334±7 in case of a sample processed by HPT at RT. Therefore, it can
be concluded that the first peak is due to the formation of short-range order which is
associated with order hardening [135, 154]. This result implies that the HPT processed
samples without any heat treatment possess no SRO due to the quenching and the large
degree of deformation, which are both known to decrease the amount of SRO.
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Thus, short-range order doesn’t play a role in the investigation of HPT processed Cu-5Al
and Cu-15Al. This issue is in more detail discussed in appendix C.

Figure 7.3: DSC scans of (a) pure Cu, (b) Cu-5at%Al and (c) Cu-15at%Al (first-heating

curves, exothermic down). The curves from the second DSC runs look the same

those from the as-quenched state (fig. C.1 in the appendix).

7.3.2 Strength and ductility

Exemplary engineering stress-strain curves obtained by testing micro-tensile specimens
can be seen in fig. 7.4, the average values and standard deviations of strength and ductility
measures gained from several specimens are summarised in table 7.6.

Table 7.6: Tensile test results: yield strength (σ0.2), ultimate tensile strength (UTS),

uniform elongation and total elongation. Always average value and standard devia-

tion.

Material σ0.2 [MPa] UTS [MPa] εuni f [%] εtot al [%]

Cu HPT@RT 375±23 510±16 2.6±0.4 17±2

Cu HPT@77K 407±37 576±14 3.1±0.3 20±4

Cu-5Al HPT@RT 588±74 784±16 3.0±0.7 15±2

Cu-5Al HPT@77K 559±75 835±18 3.1±0.6 15±3

Cu-15Al HPT@RT 747±86 948±29 2.1±1.0 09±2

Cu-15Al HPT@77K 718±55 977±29 2.3±0.6 08±1
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Figure 7.4: Exemplary tensile test curves of the HPT processed materials. The bold

parts of the tensile curves up to the ultimate tensile strength are directly measured

by the laser speckle strain sensor. The parts of the curves where necking takes place

are plotted with thinner lines and are gained from the cross head movement of the

tensile machine.

It can be seen that a higher alloy content as well as processing at liquid nitrogen
temperature both lead to higher values of the ultimate tensile strength. The second
trend cannot be seen in the average values of the yield strength. However, the error bars
or standard deviations of these data are rather high (see table 7.6). Also the standard
deviation values of the uniform elongations are rather high. As the strain measurement
itself has been done with great care, it seems that the reproducibility of the specimen
geometry and especially of the specimen mounting on the pins should be enhanced.
However, due to the small samples size it is difficult to improve these issues.
The UTS values of the investigated Cu and Cu-Al alloys are compared in fig. 7.5. The

increase in tensile strength when comparing the HPT processed materials with the as-
quenched ones is also plotted (right hand legend). It is in the range of approximately
240% to 325% and increasing with increasing alloy content.

The uniform elongation as a measure for the ductility is plotted against the stacking
fault energy in fig. 7.6a. As already mentioned, the error bars are rather large, but from
the average values the following conclusions can be arrived: Performing HPT at liquid
nitrogen temperature leads to somewhat higher values of the uniform elongation. The
difference is small and in the range of the error bars in case of the alloys but considerable
in case of pure Cu. Cu-15Al processed by HPT at RT and at 77K has the lowest uniform
elongation, the highest value in case of HPT at room temperature is obtained for Cu-5Al.
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Figure 7.5: Cu and Cu-Al alloys: Ultimate tensile strength vs. stacking fault energy as

well as increase of strength by HPT processing. (Error bars smaller than the symbol

size. Lines are guides for the eye.)

However, the total elongation as given in fig. 7.6b has a different trend and is clearly
decreasing with increasing alloy content or decreasing stacking fault energy.

(a) Uniform elongation as a function of the SFE. (b) Total elongation as a function of the SFE.

Figure 7.6: Ductility of the investigated materials as a function of the stacking fault

energy. (Lines are guides for the eye.)
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7.4 Discussion

7.4.1 Strength

When comparing the measured values of tensile strength with available literature on
Cu and Cu-Al alloys processed by HPT at room temperature, a very good agreement is
obtained as depicted in fig. 7.7.

Figure 7.7: Cu and Cu-Al alloys: Comparison of ultimate tensile strength (UTS) with

literature data [19] on HPT processed materials (6 GPa pressure, 5 rotations). Due

to different values of SFE given in the literature, the alloy content was taken for

comparison.

To examine the correlation between the strength and the specific microstructure ob-
tained by SPD, fig. 7.8 shows a Hall-Petch plot for literature as well as own data. It seems
that all the available data, irrespective of processing technique and Al content, fall within
some scatter on one line thereby suggesting a simple Hall-Petch correlation between the
grain size and the yield strength. This conclusion is for example drawn by Zhang et
al. [15], and the Hall-Petch coefficient for the various Cu-Al alloys calculated in this paper
is the same as for pure Cu.

However, measurements on coarse grained Cu-Al show a considerable increase of the
Hall-Petch coefficient with increasing alloy content [139–141]. These values of the Hall-
Petch coefficient determined for example by Nakanishi and Suzuki [139] on well annealed
Cu and Cu-Al alloys with grain sizes between 400 μm and 10 μm would predict a much
higher yield strength for the nanostructured materials as actually measured (see blue
lines in fig. 7.8). Only in case of pure Cu the predicted values are slightly below the
experimental ones. For example, the predicted value for Cu-16Al exhibiting a grain
size of 30 nm (as given for HPT processed material by An et al. [19]) is approximately
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Figure 7.8: Hall-Petch plot of yield strength against inverse square root of grain size.

The grain size data from literature are gained by TEM investigations while own

grain size values of pure Cu are from SEM and in case of the alloys the domain size

obtained by XRD was used. A measurement accuracy of 20% of these values was

taken for the error bars. The blue lines are the extrapolations of the results obtained

by Nakanishi and Suzuki [139] on annealed coarse grained samples.

2800 MPa which is 3.4 times larger than the measured value of 825±17 MPa. It should
be mentioned that a different and less intense dependence of the Hall-Petch coefficient
on the concentration is reported by Johnston and Feltner [141]. However, the value of the
Hall-Petch coefficient of Cu-15Al reported in this paper is still approximately three times
larger than the value for pure Cu, resulting again in predicted values for nanostructured
Cu-Al alloys which are far too high.

This serious discrepancy has not been under discussion so far. As a consequence, the
origin of the high strength of SPD processed materials should be seen rather in the large
dislocation density than in the grain boundaries. Such an analysis was also done for HPT
Cu-Zn [12] and for different HPT processed pure metals [11, 155].

According to these statements, the Taylor equation [39] is used to describe the yield
strength (σy ) of HPT processed Cu and Cu-Al alloys:

σy =σ0 +αMGb
�
ρ (7.1)

where σ0 is a friction stress, α is a parameter which represents the arrangement of
dislocations and thereby also shows how efficient the dislocations are in increasing the
strength, M is the Taylor factor (M = 3.06 for polycrystalline material [27, p. 250]), G is
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the shear modulus (Cu: 48 GPa, Cu-5Al: 47.5 GPa, Cu-15Al: 46 GPa; taking the Hashin-
Shtrikman averaging scheme [156] and the elastic constants given by Cain and Thomas
[157]), b is the absolute value of the Burgers vector (Cu: 0.2556 nm, Cu-5Al: 0.2565 nm,
Cu-15Al: 0.2584 nm [157]), and ρ is the measured dislocation density as given in table 7.5.

The friction stress, σ0, was chosen as follows: in case of pure Cu it is 20 MPa [155] and
in case of the alloys it was increased by the same amount as the tensile strength of the
initial (as-quenched) materials increases with alloying. Thereby we get 27 MPa for Cu-5Al
and 29 MPa for Cu-15Al.

The values of the dislocation arrangement parameter α obtained by this calculation
are given in table 7.7.

Table 7.7: Parameter α in the Taylor equation describing the arrangement of disloca-

tions. The error ranges are obtained by assuming a 20% accuracy of the XRD results

which is a rather conservative estimation.

Material parameter α

Cu, HPT RT 0.14±0.02

Cu-5Al, HPT RT 0.12±0.02

Cu-5Al, HPT 77K 0.10±0.02

Cu-15Al, HPT RT 0.14±0.02

Cu-15Al, HPT 77K 0.10±0.01

In his original paper [39], Taylor suggested that the value of α is between 0.1 and 0.3.
A small value of α means a large screening effect of the strain fields of the dislocations.
Detailed investigations [158] showed that a structure consisting of a large amount of
polarised dipolar walls [74] leads to limited screening effects and thereby to a relatively
large value of α, while thin polarized tilt walls [74] evolving during stage IV deformation
lead to a small value of α.

Our results show fairly low α-values between 0.10 and 0.14. Therefore, we can conclude
that the dislocations existing in the heavily deformed HPT materials are in a low-stress
arrangement where their strain fields in large extent cancel each other. This is for
example the case when they are arranged in polarised tilt walls, or a kind of low-angle
grain boundary structure. It was also shown for HPT processed Ni that the dislocations
are not randomly distributed but mainly concentrate into boundaries [5].

The dislocation structure in HPT materials is strongly influenced by the unloading
process, meaning the release of the hydrostatic pressure after the HPT deformation. In-
vestigations on this effect [82, 83] show that a strong rearrangement of dislocations occurs
during unloading of the pressure. Thus, the low-stress arrangement of the dislocations is
not fully developed during the HPT deformation but to a significant part evolves after-
wards. During release of the pressure, the dislocation density also decreases [82], however,
the remaining dislocation density is still extraordinarily high.
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Performing HPT at liquid nitrogen temperature results in even smaller values of α.
Although the difference is not too large, this result shows the significance of the unloading
process. During deformation at liquid nitrogen temperature the dislocations are less
mobile [159, p. 131]. This would constrain the formation of ordered dislocation structures
and result in a rather large value of α. However, not only the release of the pressure after
the deformation but also the heating up to room temperature contributes to the driving
force for a rearrangement of the dislocations, which is therefore increased after low
temperature processing. Hence, it is assumed that an even stronger rearrangement of the
dislocations occurs after HPT at 77K which results in the small value of the α-parameter.

This analysis shows that the high strength in HPT processed Cu-Al alloys can be ex-
plained more reasonably in terms of the high dislocation density and the Taylor equation
than when assuming a Hall-Petch-like behaviour.

Of course, the extremely high dislocation density present in SPD processed materials
cannot be achieved without the nanoscale grain structure. The boundaries restrict the
glide distance of the dislocations and thereby also reduce the chance of mutual an-
nihilation. And as already mentioned, the small value of the dislocation arrangement
parameter means that a large amount of dislocations is arranged in a strongly ordered
way which could also be called a low-angle grain boundary.

7.4.2 Ductility

Literature and own values of the uniform elongation of SPD processed Cu and Cu-Al
alloys are compared in fig. 7.9. Again, we get a very good agreement with the work of
An et al. [19].

Before discussing in detail, it should be noted that the differences and tendencies
become smaller when subtracting the elastic part of the stress-strain curve from the
uniform elongation, as seen in fig. 7.9b. The uniform elongation values given in the
references [15–19] include the elastic part, therefore both possibilities of presenting the
data are shown in the figure.

It can be seen from the figure that there is no unambiguous correlation between the
uniform elongation and the Al content or the stacking fault energy, the second being
monotonously decreasing with increasing alloy content. Also a correlation with grain size
cannot be found as already stated in the introduction.

However, there are tendencies within the individual measurements to higher uniform
elongations with increasing alloy content or decreasing stack fault energy, especially
when including the elastic elongation in the measure for uniform tensile strain. Obvious
exceptions are the HPT processed samples with the highest Al content. The increases of
the uniform elongation values are not too big, but nevertheless very interesting because
they co-occur with an increase of strength. This has been widely discussed in the
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Figure 7.9: Cu and Cu-Al alloys: Comparison of uniform elongation with available

literature data [15–19]. (a) Uniform elongation data as given in the literature, including

the elastic part of the stress-strain curve. (b) Uniform elongation data without the

elastic part of the tensile curve. Due to different values of SFE given in the literature,

the alloy content was taken for comparison.

literature (e.g. [17–19, 21]) as the positive effect of decreased SFE resulting in an increased
amount of twin boundaries. SPD processed materials with lower SFE are reported to
exhibit an increased work hardening rate but the origin of this is not really clear. It is
associated with the suppression of dynamic recovery during tensile straining of the SPD
processed materials [17] due to an increased splitting distance of partial dislocations in
low SFE materials [21]. Other authors associate it with the existence of the numerous
twins and stacking faults themselves [19]. Another explanation is the decrease of the
critical stress to emit partials from grain boundaries by lowering the SFE [18].

However, when comparing all the uniform elongation values depicted in fig. 7.9a the
largest influence seems to come from the processing technique. The samples deformed
by compression (LNT-DPD & QSC) show the lowest values of the uniform elongation
(1-2%), then come ECAP processed samples (1.8-3%, except of the work of An et al. [16]
where larger values are reported), and finally HPT processed samples (3-4%).

Thus, one assumption would be that HPT produces a higher fraction of twin boundaries
than ECAP or compression. But this cannot be verified because first of all the twin
probability of Cu-5Al processed by HPT at 77K is approximately twice that of the same
material processed at RT (2.1% and 1.2%, respectively, see table 7.4) but their uniform
elongation values are rather similar. Secondly, the results of Zhang et al. [15] show very
similar uniform elongation values for pure Cu processed by LNT-DPD and QSC but many
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twins in case of LNT-DPD and no twinning in case of RT-QSC. Therefore, other parameters
seem to have far more influence on the ductility than the increase of twin density.

One difference of the individual SPD techniques which may influence the ductility is
the texture. There are some publications investigating the effect of texture on the ductility
of ECAP processed materials by cutting tensile samples along different directions of the
ECAP billets. But these studies show no clear trend. Frint et al. [160] investigated an Al
alloy and observed a larger ductility when testing specimens cut parallel to the extrusion
direction while the stress-strain curves of rather pure Al plotted in the work of Horita et
al. [161] show an opposite trend. A further study of iron [162] showed no dependence of
the total elongation on the test direction.
In case of HPT similar investigations are presented in a paper of Rathmayr et al. [163]

who performed tensile tests on HPT processed nickel with the tensile axis being parallel
to different directions of the HPT disc. While the ultimate tensile strength is markedly
influenced by the texture and the reduction in area is influenced by the grain aspect
ratio, the uniform elongation is not affected by any of these quantities.
From these investigations it is rather unlikely that texture is responsible for the different

values of the uniform elongation of Cu and Cu-Al alloys achieved by different SPD
techniques.

A further main difference between the SPD methods compared here is that ECAP as
well as LNT-DPD are stepwise processes while HPT is a continuous deformation process
which in addition introduces much higher strains and generally uses a higher hydrostatic
pressure. The samples processed by ECAP have experienced an equivalent strain between
1 and 8 (see table 7.1) and the pressure used for the ECAP technique is usually in the
range of 1 GPa. In case of HPT both values are clearly enhanced, the equivalent strain at
the position of the gauge length of the tensile samples is above 50 and the used pressure
is 6 GPa.

The increased hydrostatic pressure during SPD processing increases the vacancy migra-
tion enthalpy and thereby prevents annihilation of edge dislocations [62]. Thus, a higher
amount of dislocations is stored in the material at a higher applied pressure. Although
edge dislocations can annihilate via climb during release of the hydrostatic pressure lead-
ing to a reduction of dislocation density and vacancy concentration [82], the remaining
dislocation density is still higher compared to SPD processing with lower hydrostatic
pressure. This was shown by Schafler et al. [3] who measured the dislocation density in
HPT processed copper as a function of the applied pressure. During the release of pres-
sure, the dislocations not only annihilate but also change to a low-stress arrangement,
i.e. form ordered dislocation structures [82]. It has also been shown that the low-stress
arrangement is more pronounced when applying a higher hydrostatic pressure [82, 146].
We can thus expect a difference in the amount and arrangement of dislocations be-

tween a process which releases the hydrostatic pressure regularly between the deforma-

79



7 Strength and ductility of HPT processed nanostructured Cu and Cu-Al alloys

tion steps (ECAP), and a process which only releases the hydrostatic pressure after the
entire deformation process (HPT). The effect of the extent of applied plastic strain during
SPD processing is qualitatively similar to the described effect of pressure. A larger strain
increases the dislocation density [3], and the low-stress arrangement of the dislocations
is also more pronounced after a higher degree of deformation [82].

From this we can conclude that a low-stress arrangement of dislocations after SPD
processing is beneficial for the uniform elongation. Thus, the higher uniform elongation
of HPT processed materials compared to ECAP processed ones can be ascribed to the
higher pressure and strain used by HPT. These quantities not only lead to a higher density
of dislocations but also to a low-energy arrangement of the dislocations after release of
the hydrostatic pressure and less internal stresses. The stepless deformation process of
the HPT technique may also have an additional beneficial influence.

The low values of the dislocation arrangement parameter α of the order of 0.1 (see
table 7.7) obtained by analysing the yield strength of the HPT processed Cu-Al alloys with
the Taylor equation support our assumption.

A lower stacking fault energy is expected to decrease the ability of dislocation rear-
rangement during or after SPD processing due to the larger splitting distance of partials
and the thereby reduced mobility of the dislocations [164]. Therefore, a less pronounced
low-stress arrangement can be expected in Cu-Al alloys with higher alloy content. This
can be the reason for the low uniform elongation in HPT processed Cu-15Al. However,
fig. 7.9 clearly shows that this effect is much smaller than the effect of the processing
technique and the hydrostatic pressure and strain used thereby. The measurement un-
certainties of the α-parameter as well as of the uniform elongation in this alloy are a
handicap for a stricter conclusion. Furthermore, no data on dislocation density or es-
pecially dislocation arrangement are available in the literature on SPD processed Cu-Al
alloys.

At the end it should be noted that the total elongation does not go in parallel with the
uniform elongation. It considerably decreases with increasing alloy content or decreasing
SFE. This is also the case in the paper by Qu et al. [17] and partially in An et al. [16] and
Huang et al. [18]. A decreased workability with increasing alloy content as reported for
ECAP and LNT-DPD processed samples [15, 17] supports this finding. It means that as
soon as necking starts during tensile testing (which means that the deformation becomes
localised) a higher alloy content leads to an increased brittleness of SPD processed Cu-Al
alloys.

A comparison of the total elongation values obtained by the different SPD techniques
is not possible in a reliable way because of differences in the sample geometry and the
direct influence of the gauge length on the measured value of the total elongation [44].
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7.5 Conclusions
Higher alloy content as well as lower deformation temperature lead to higher tensile
strength of HPT processed Cu-Al alloys. A detailed analysis of own and literature values
shows that the dislocation density as part of the Taylor equation is more suitable to
explain and predict the yield strength of these materials than the grain size as part of
the Hall-Petch equation. As the dislocation density in HPT processed Cu-Al alloys is
particularly high, the resulting yield strength is also substantially higher than in case of
undeformed or conventionally deformed materials. This analysis furthermore revealed
that the dislocations are arranged in a way which results in very effective screening of
their strain fields.

This low-stress arrangement of dislocations seems to have a beneficial influence on
the ductility expressed by the uniform elongation. This is reflected in higher uniform
elongation values of materials processed by SPD techniques which achieve higher strains
and use higher pressures during processing – two quantities which strongly affect the
dislocation arrangement. The rearrangement of the dislocations into a low-stress arrange-
ment thereby occurs mainly during release of the hydrostatic pressure. Thus, it is also
relevant if the SPD technique is a continuous deformation like HPT or if it has an iterative
character like ECAP.

The influences of stacking fault energy and of deformation temperature on the uniform
elongation are considerably smaller than the influence of the specific SPD technique in
terms of the obtained dislocation arrangement. This issue has so far attained too little
attention. A proper low-energy dislocation arrangement is thus an important condition
in establishing nanostructured materials with high strength and good ductility.
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8.1 Introduction
Using High-Pressure Torsion (HPT), disc-shaped specimens are deformed by shear under
high hydrostatic pressure [2] and large degrees of deformation can be achieved leading to
bulk ultra-fine grained or nanostructured materials [3, 165].
Literature on the fatigue crack propagation behaviour of ultra-fine grained materials

provided by Equal Channel Angular Pressing (ECAP) [114] and Accumulative Roll Bond-
ing (ARB) [166] reports enhanced crack growth rates when compared to coarse grained
(CG) materials due to a straight crack path and less roughness-induced crack closure
effects [113].
The aim of the work presented here was to investigate the fatigue crack growth be-

haviour of HPT processed Cu in the threshold range and microstructural evolution during
fatigue loading.

8.2 Experimental

8.2.1 Materials

Disc-shaped specimens (diameter 10 mm, height 0.8 mm) of annealed high purity (99.99%)
and commercial purity (99.9%) Cu were deformed by HPT by two rotations leading to a
shear strain of 42 at a radius of 2 mm [80]. The resulting microstructure and grain
size depends on the purity, the same HPT deformation leads to a smaller grain size
in case of the commercial purity Cu (150-200 nm compared to 300 nm). Furthermore,
a bimodally structured high purity HPT Cu was investigated. A slight annealing heat
treatment (150◦C for 3 minutes in an oil bath) leads to a microstructure consisting of
grains with sizes of 1 to 5 microns (∼ 40% of the volume fraction) embedded in a still
ultra-fine grained (UFG) matrix.1

1The temperature of the heat treatment was chosen on basis of the tensile tests and SEM pictures shown
in appendix A.
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8.2.2 Tensile Tests

Tensile tests were conducted on miniaturised samples with a parallel gauge length of
2.5mm and a cross-section of 0.7×0.7 mm2 at a strain rate of 5 × 10-4 s-1 (fig. 8.1).

Figure 8.1: Engineering stress-strain curves of the investigated materials.

It can be seen that HPT deformation leads to a strong increase in the ultimate tensile
strength (UTS) of the material. Furthermore, the resulting strength depends very much on
the grain size, meaning that the finer grain size of the commercial purity HPT Cu leads to
a higher strength. The tensile tests also show a decreased ductility after HPT deformation
indicated by a lower uniform tensile elongation. Some ductility of the high purity HPT
Cu can be regained through the heat treatment, although at the cost of strength. The
bimodally structured HPT Cu shows an increase in uniform tensile elongation by 11
percentage points when compared to the ultra-fine grained HPT Cu but a decrease of
tensile strength by approximately 100 MPa. The grain sizes and mechanical properties of
the investigated materials are summarised in table 8.1.

Table 8.1: Grain sizes and mechanical properties of the investigated materials.

Material Grain size Tensile Uniform tensile Fatigue strength
strength elongation (109 cycles)
[MPa] [MPa]

HPT Cu 99.9% 150-200 nm 580 0.03 120

HPT Cu 99.99% 300 nm 410 0.02 065

HPT Cu 99.99% - 150◦C / 3min 300 nm / 1-5 μm 310 0.14 065

CG Cu annealed 40 μm 200 0.44 080
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8.2.3 Ultrasonic resonance fatigue testing system

To investigate the fatigue crack growth behaviour of the small-sized HPT specimens, a
set-up previously used for measuring thin foils was adopted [167]. Disc-shaped HPT
specimens with a diameter of 10 mm were polished down to a thickness of 200 μm
and an elliptical through notch (1.5 μm × 0.5 μm) was introduced in the centre of
the specimen. The specimens were electrolytically polished and glued onto a holder
over a slot to ensure free standing of the measurement area, see fig. 8.2. The holder
as part of an ultrasonic resonance fatigue testing system is subjected to longitudinal
push-pull vibrations with zero mean strain (i.e. R = −1) at a frequency of 20 kHz. The
high frequency used makes it possible to investigate fatigue crack growth rates down to
10-12 m/cycle. The crack length was measured using a travelling light microscope with a
resolution of approximately 2 μm. Additionally, compressed air was applied for cooling.
During each measurement the strain on the holder was monitored using a strain gauge.
The strain of the sample was determined by calibration with strain gauges on a notchless
sample as well as on the holder. This shows an increase of strain by a factor of 1.64 in
consequence of the geometry. The stress amplitude was then calculated from the strain
amplitude via Hook’s law (Young’s modulus for Cu: 120 GPa).

Figure 8.2: Experimental set-up for fatigue crack growth measurement of HPT spec-

imens (schematic).

During cyclic loading the crack emerged on both sides of the notch and crack growth
rates were determined in a range of the total crack length 2a (including the notch)
between 3 and 5 mm. Within the latter limit the microstructure of the HPT specimen can
be considered as homogeneous [80]. Fatigue crack growth rates in the threshold regime
were determined by the load shedding technique and in addition, constant amplitude
tests were conducted. The stress intensity factor range ΔK was calculated via eq. 8.1
where Δσ/2 is the stress amplitude, a is half of the total crack length and f (a) is a
geometrical factor taken from [168].

ΔK =Δσ/2
�
πa f (a) (8.1)
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8 Fatigue strength and fatigue crack growth rates in HPT processed nanostructured Cu

Fatigue life time curves in the high cycle fatigue (HCF) regime were determined by
using a similar set-up and flat dumbbell-shaped specimens as described in [23].

8.3 Results and discussion

8.3.1 Fatigue life time curves

When comparing the HCF curves (fig. 8.3), commercial purity HPT Cu shows the best
fatigue performance which is not only due to the smaller grain size and the higher tensile
strength but also due to a better microstructural stability. Grain coarsening was found
to decrease the fatigue life time of high purity HPT Cu at high number of loading cycles
[23]. The high purity bimodally structured HPT Cu shows decreased HCF properties in
the range of 106 to 108 cycles to failure when compared to its not thermally treated
counterpart which can be explained by the initially lower tensile strength of the material.
At number of cycles to failure higher than 108 deformation-induced grain coarsening
determines the life time and leads to an overlapping of the fatigue life time curves.

Figure 8.3: High cycle fatigue life time curves for HPT Cu.

8.3.2 Fatigue crack growth threshold

The results of the fatigue crack growth rate measurements are plotted in fig. 8.4 and 8.5,
as a function of stress intensity factor range and stress amplitude, respectively.
It can be seen from both figures that all different types of HPT Cu show a lower

fatigue crack growth threshold than CG Cu. The threshold stress intensity factor range
for HPT Cu is around 3 MPa

�
m, which is close to the effective threshold value ΔKth, ef f

measured for bulk CG Cu [167]. CG Cu shows a zig-zag crack path and slip marks that
cover the surface in a range of 100 μm on both sides of the crack. In contrast, crack
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Figure 8.4: Fatigue crack growth rate versus stress intensity factor range ΔK .

Figure 8.5: Fatigue crack growth rate versus stress amplitude.

paths in HPT Cu are rather straight, see fig. 8.6, leading to higher crack growth rates. This
can be related to the reduced effect of roughness-induced crack closure in fine grained
materials [48].
A tendency that the commercial purity HPT Cu has the lowest threshold in combination

with the straightest crack path can also be seen (fig. 8.6a). Nevertheless, the differences
between all tested materials are rather small. Investigations by other researchers (e.g. [114])
on UFG materials show clearly increased crack growth rates in the threshold regime in
comparison to CG materials. Contrary to the present study, their works were performed
under positive load ratios where crack closure has more influence than at R =−1 [169].
When comparing the fatigue life and the crack growth behaviour of the tested HPT

materials, the improved fatigue resistance of commercial purity HPT Cu can be related
to a reduced sensitivity of the ultra-fine grained and high strength material to crack
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8 Fatigue strength and fatigue crack growth rates in HPT processed nanostructured Cu

Figure 8.6: Fatigue crack paths in HPT processed Cu at crack growth rates

2 × 10-11 m/cycle: (a) commercial purity, (b) high purity, (c) high purity bimodally

structured Cu.

initiation, while the same ultra-fine grained structure leads to a decreased resistance to
crack propagation.
The representation of the crack growth rate against the stress amplitude in fig. 8.5 has

been chosen because the large scatter in fig. 8.4 raises the question if the concept of
ΔK derived from linear elastic fracture mechanics can be applied to this miniaturised
specimens with non-standard geometry.

8.3.3 Microstructural evolution in high purity HPT Cu

High purity HPT Cu showed grain coarsening during fatigue loading in the HCF regime.
Thus, the microstructure in the vicinity of the crack was investigated at different constant
stress amplitudes. Fig. 8.7a shows fatigue slip marks near the crack on the surface of
a high purity HPT Cu sample. Their lengths reach up to 20 μm which exceeds the
original grain size of 300 nm by about two orders of magnitude. Fig. 8.7b is an electron
channelling contrast (ECC) image at the same position after repolishing the surface. The
pictures show that there occurs grain coarsening nearby the crack and that surface slip
marks form within these coarsened areas. In the remaining UFG area no surface slip
marks can be found.
The area of coarsened grains increases with decreasing stress amplitude and accord-

ingly lower crack growth rate. Figs. 8.8a-c compare the microstructure nearby the crack
at applied stress amplitudes of 55, 49 and 42 MPa, respectively. At the highest stress
amplitude the grains in the vicinity of the crack roughly maintain their original size
(fig. 8.8a) while at the lowest stress amplitude they expand up to a size of several mi-
crometer within a radius of approximately 10 μm around the crack tip (fig. 8.8c). The
coarsening leads to a behaviour contrary to the behaviour of CG materials where the
cyclic plastic zone size decreases with decreasing stress amplitude [48]. It should be
pointed out that this grain coarsening near the crack occurs only at crack growth rates
considerably beneath 10-10 m/cycle.
It is known that the strain energy dissipated per unit surface created during cyclic

loading is directly proportional to the stress amplitude and inversely proportional to the
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Figure 8.7: (a) Surface slip marks in high purity HPT Cu at a stress amplitude of

42 MPa and a crack growth rate of 5× 10-12 m/cycle and (b) ECC image of the same

sample area.

Figure 8.8: Microstructure near the crack in high purity HPT Cu at (a) 55 MPa and

4× 10-11 m/cycle, (b) 49 MPa and 2× 10-11 m/cycle (c) 42 MPa and 7× 10-12 m/cycle.

crack growth rate2 [170]. In the threshold regime the crack growth rate decreases faster
than the stress amplitude, thus it can be assumed that the required activation energy
for dynamic recrystallisation and grain coarsening in the high purity UFG material is
provided by an increased dissipated energy during cyclic loading at low stress amplitudes
and near-threshold crack growth rates.

2Strain energy dissipated per unit surface created: U = Q
2b da/dN [170]. Q is the hysteresis energy which

is as a first approximation proportional to the loading amplitude, b is the thickness of the sample.
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8 Fatigue strength and fatigue crack growth rates in HPT processed nanostructured Cu

Applying constant amplitude loading at various stress amplitudes on high purity HPT
Cu with a bimodal microstructure, grain coarsening was not observed (fig. 8.9). Fatigue
slip marks can only be found in the initially larger grains, as can be seen in fig. 8.6c.
The higher stability and therefore originally fine grain size in this material leads to higher
crack growth rates when compared to UFG HPT Cu. This is a hint for a retardation of
the fatigue crack propagation through grain coarsening.

Figure 8.9: Microstructure near the crack in case of the bimodally structured high

purity HPT Cu (43 MPa and 3× 10-11 m/cycle).

8.4 Conclusions
In the present work the high cycle fatigue behaviour and the near-threshold crack growth
rates of HPT processed samples were determined. The materials under investigation were
commercial and high purity Cu as well as a bimodally structured high purity HPT Cu. The
HPT materials exhibit increased HCF life but also increased crack growth rates indicating
that the UFG microstructure shows a better resistance against fatigue crack initiation but
a lower resistance against crack propagation compared to CG material. In addition to
these general findings, the stability of the UFG structure is of utmost importance. It is
increased in the case of commercial purity HPT Cu leading to superior HCF life time. The
high purity HPT Cu coarsens during cyclic loading and even during crack propagation at
very low crack growth rates. This leads in the first case to an earlier crack initiation and
therefore decreased HCF life time, and in the second case to a retardation of the crack
growth rate. Although the bimodally structured HPT Cu has a higher microstructural
stability than the high purity UFG HPT Cu, an improvement of the fatigue performance
did not occur.
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9.1 Introduction

The different techniques of Severe Plastic Deformation (SPD) [1, 6], e.g. Equal Channel
Angular Pressing (ECAP) [61, 67], High-Pressure Torsion (HPT) [2] or Rolling and Folding
[63], are widely used to produce ultra-fine grained (UFG) or nanostructured materials.
These materials with grain sizes below some few hundred nanometers generally show
enhanced strength and a reasonable ductility [6, 10]. Concerning cyclic deformation, an
enhancement of fatigue properties is observed, i.e. longer fatigue life times and higher
fatigue strengths, in stress-controlled testing and representation in an S-N “Woehler”-plot
[25, 171]. The picture looks different in plastic strain-controlled low cycle fatigue (LCF)
tests represented in Coffin-Manson-plots. Here, UFG materials show cyclic softening and
shorter fatigue life times than coarse grained materials [107]. Regarding the fatigue crack
propagation, higher crack growth rates and lower stress intensity threshold values have
been reported for nanostructured materials compared to their coarse grained counterparts
(e.g. ECAP Cu [114], electro-deposited Ni [113], ECAP Al alloy [172], ECAP IF steel [117]).
Recently, Meirom et al. [173, 174] reported fatigue-induced grain coarsening during crack
propagation in nanocrystalline Pt films and related it to the annihilation of (low angle)
grain boundaries through dislocation slip near the crack tip.

In a previous investigation of our group [175] it was found that the threshold stress
intensity factor range for HPT Cu is lower than that of the coarse grained material. A
further result was that crack growth as well as cyclic deformation behaviour in the high
cycle fatigue (HCF) regime of high purity HPT Cu is strongly affected by the stability of
the material. At crack growth rates beneath 10-10 m/cycle the microstructure coarsens in
the vicinity of the crack tip. This effect is larger at lower growth rates because of an
increased dissipated energy per crack length expansion [170, 175].
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9 Effect of microstructural stability on fatigue crack growth behaviour of HPT nanostructured Cu

The intention of this paper is to obtain a deeper insight in the effect of grain coarsening
on fatigue crack growth behaviour of HPT Cu. Therefore, not only high purity but also
commercial purity as well as bimodally structured HPT Cu were investigated in detail.

9.2 Material and methods
Coarse grained (CG) Cu of high purity (99.99%) and commercial purity (99.9%) were
processed by HPT at room temperature (RT). The disc shaped samples had a diameter of
10 mm, a thickness of 0.8 mm, the applied pressure was 4 GPa and the HPT shear strain
was 42 at a radius of 2 mm, corresponding to two rotations [80]. The third investigated
material condition was obtained through a slight heat treatment (150◦C for 3 min in an
oil bath) of the high purity HPT Cu.
For crack propagation measurements, the HPT specimens were mechanically and elec-

trolytically polished down to a thickness of 200 μm and an elliptical through notch was
introduced by means of spark erosion in the centre of the disc. The samples were glued
on a holder which was part of an ultrasonic resonance fatigue testing system operating
under symmetrical push-pull loading (load ratio R =−1) at a frequency of 20 kHz. Details
can be found elsewhere [175]. The samples were precracked and cooled by compressed
air during testing. Control measurements with an infra-red thermometer as well as with
a thermocouple showed that in spite of the high frequency used the temperature rise of
the samples was below 5◦C. Moreover, no significant local temperature rise at the crack
tip is expected due to the small stress amplitude applied [176].
Scanning electron microscope (SEM) investigations were carried out on a Zeiss Supra

55 VP equipped with a backscatter detector. Thermal stability measurements were con-
ducted on a differential scanning calorimeter (DSC) Perkin Elmer DSC-7 from RT up
to 450◦C using a heating rate of 10 K/min. Thereby, annealing of deformation-induced
defects results in an exothermic peak where the peak temperature corresponds to the
activation enthalpy, while the overall area of the peak is the stored energy corresponding
to the defect density [177]. At least two samples were measured to obtain an average
value.

9.3 Experimental results
Grain sizes, tensile strengths, uniform elongations, fatigue strengths as well as results
from DSC measurements are listed it table 9.1.
HPT treatment leads to a strong grain refinement and therefore an increase of tensile

strength. Both effects are more pronounced in case of the commercial purity Cu. A slight
annealing heat treatment of the high purity HPT Cu leads to the formation of a bimodal
grain size distribution with about 40% of the volume fraction consisting of grains with
sizes of some microns embedded in a still ultra-fine grained matrix (fig. 9.1). This causes
a decrease of tensile strength but also a considerable increase of ductility [175].
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Table 9.1: Grain sizes, DSC results and mechanical properties [175] of the investigated

materials.

Material Grain size DSC Stored Tensile Uniform Fatigue strength
peak temp. energy strength tensile (109 cycles)

[◦C] [J/g] [MPa] elongation [MPa]

HPT Cu 99.9% (commercial purity) 150-200 nm 223.2±0.5 1.0±0.1 580 0.03 120
HPT Cu 99.99% (high purity) 300 nm 155±4 1.5±0.3 410 0.02 065
HPT Cu 99.99% - 150◦C / 3min 300 nm / 1-5 μm 155±3 0.3±0.1 310 0.14 065
CG Cu annealed 40 μm – < 0.05 200 0.44 080

Figure 9.1: Bimodal microstructure of high purity HPT Cu obtained through a slight

annealing heat treatment at 150◦C for 3 min.

9.3.1 Microstructural stability

DSC measurements revealed that the thermal stability of the commercial purity HPT Cu
is markedly higher than that of the high purity material, annealing of defects happens
at about 223◦C instead of 155◦C (fig. 9.2). DSC measurement of the bimodally structured
HPT Cu shows a marked drop of the stored energy through the post-HPT heat treatment
but the temperature at which the remaining defects anneal stays the same.
During cyclic loading in the HCF regime the accumulated strain leads to grain coars-

ening in the high purity HPT Cu and hence to a marked decrease of fatigue strength [23].
Especially with increasing number of loading cycles, the stability of the microstructure
becomes highly important [23, 175]. The fatigue strength of the bimodally structured HPT
Cu is the same as for the high purity HPT Cu because in both materials grain coarsening
is the life time determining factor.

9.3.2 Fatigue crack growth at constant stress amplitude

Fatigue crack growth measurements were conducted under two constant levels of stress
amplitude (42 MPa and 55 MPa) which were chosen based on our previous investigation
[175]. At the lower stress amplitude grain coarsening was detected in high purity HPT Cu,
while at the higher value coarsening was not observed.
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Figure 9.2: DSC scans of the materials as indicated. Each is showing one exothermic

peak corresponding to annealing of deformation-induced defects.

Fig. 9.3 shows the change of crack length with increasing number of loading cycles for
HPT Cu at an applied cyclic stress amplitude (Δσ/2) of 42 MPa. For each material one
representative curve is shown, the measurement accuracy is in the order of the symbol
size. The error bars given at the end of the curves represent the average and standard
deviation of several measured samples for each material. Hence, it is obvious that the
accuracy of measurement of the individual samples is much higher than the difference
between them which seems to be due to the small sample size and hence the challenging
specimen preparation.

Figure 9.3: Change of total crack length (Δ2a) against number of loading cycles for

HPT Cu at a stress amplitude of 42 MPa.
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In fig. 9.3 all tested HPT materials show a linear behaviour, meaning that the crack
growth rate does not change with increasing crack length or number of loading cycles.
However, due to the small sample size only a short measuring length was available.

Within the error bars both as-HPT processed materials show the same crack growth
rate independent of the purity. Only the bimodally structured high purity HPT Cu exhibits
clearly faster crack propagation. Extensive grain coarsening in the vicinity of the crack in
high and commercial purity samples in the as-HPT condition can be observed (fig. 9.4).
While grain coarsening in commercial purity Cu is less pronounced, the heat treated
bimodally structured Cu shows no microstructural changes at all (fig. 9.4b).

Figure 9.4: Microstructure in the vicinity of the crack at an applied stress amplitude

of 42 MPa. (a) High purity HPT Cu, (b) bimodally structured high purity HPT Cu,

(c) commercial purity HPT Cu.

Analogous to the previous diagram, fig. 9.5 shows the crack growth behaviour of the
tested materials at an applied stress amplitude of 55 MPa. Again, all tested HPT materials
show linear behaviour but in contrast to the results for the lower stress amplitude, only
minor differences in crack growth rates are observed. It can be seen that CG Cu shows a
considerably lower propagation rate at this stress amplitude.
A slight amount of grain growth in the vicinity of the crack in as-HPT materials can

be found as shown in fig. 9.6. The grain structure of the bimodally structured HPT Cu is
similar to the image shown in fig. 9.4b.
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Figure 9.5: Change of total crack length (Δ2a) against number of loading cycles for

HPT and CG Cu at a stress amplitude of 55 MPa.

Figure 9.6: Microstructure in the vicinity of the crack at an applied stress amplitude

of 55 MPa. (a) High purity HPT Cu, (b) commercial purity HPT Cu. The scale bar is

the same for both images.
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Fig. 9.7 shows the crack paths in the different HPT materials as well as in CG Cu at a
stress amplitude of 55 MPa. The roughness corresponds to the grain size of the material
and only in case of bimodally structured HPT Cu and CG Cu a zig-zagged crack path can
be observed. For the heat treated bimodal HPT Cu the deviations are in the range of the
larger grains of the bimodal size distribution (i.e. a few microns) and for CG Cu they are
in the range of tens of microns.

Figure 9.7: Fatigue crack paths in different materials at a stress amplitude of 55 MPa.

In case of the HPT materials top view of half of a completely broken sample.

9.3.3 Relation of crack growth and strength in HPT Cu

According to their high strength and low ductility it is not unexpected that nanostructured
materials show inferior crack growth behaviour than coarse grained materials. For a better
comparison of the three HPT materials tested here the difference in their tensile strength
should be taken into account. Fig. 9.8 shows crack propagation rates with applied stress
amplitudes corresponding to 13% of the tensile strengths of the materials. At these stress
amplitudes none of the tested materials showed grain coarsening.

In this figure commercial purity HPT Cu which has the smallest grain size and largest
tensile strength, exhibits the fastest crack propagation while the bimodally structured
high purity HPT Cu shows the slowest one. To compare such different materials this
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Figure 9.8: Change in total crack length (Δ2a) against number of loading cycles for

different HPT materials, all tested at 13% of their tensile strength (HPT Cu 99.9%:

78 MPa, HPT Cu 99.99%: 55 MPa, HPT Cu 99.99% – 150◦C/3min: 42 MPa).

attempt may be useful because it can be expected that higher strength materials are used
for applications which have to bear larger loads.

9.3.4 Change of stress amplitude

To obtain a deeper insight into the interdependence of crack growth rate and grain
coarsening, the effect of a change of the applied stress amplitude was studied in high
purity HPT Cu. Fig. 9.9 shows the effect of an increase of the loading amplitude, while
fig. 9.10 presents the effect of a decrease of the applied stress amplitude. The SEM images
of the corresponding areas are presented in fig. 9.9a and 9.10a.

On raising the applied stress amplitude, the crack growth rate does not reach the level
expected for the new stress amplitude until the crack has grown out of the previously
coarsened area. Due to the gradually changing crack growth rate also the size of the
coarsened area changes gradually and vice versa. However, after a certain number of
loading cycles a distinct crack growth rate is reached for each stress amplitude applied.

On lowering the applied stress amplitude the response of the crack growth rate is also
not instantaneous and reaches its final value only after the coarsened area is completely
formed. It can be expected that also in this case the change of crack growth rate happens
gradually. However, the transition of crack growth rate needs a lower number of cycles.

Similar effects were observed in commercial purity HPT Cu but not in the bimodally
structured HPT Cu.
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Figure 9.9: Response of the growing fatigue crack in case of raising the applied

stress amplitude for high purity HPT Cu. In the SEM-image (a) the corresponding

positions of the crack tip for two data points of the diagram crack length vs. number

of loading cycles (b) are marked by a circle and a triangle, respectively. Additionally,

the spreading of the coarsened area in the vicinity of the crack is drawn by a line.

Figure 9.10: Response of the growing fatigue crack in case of lowering the applied

stress amplitude for high purity HPT Cu. a) Microstructure; the change of stress am-

plitude was carried out approximately 4 μm ahead of the first detectable coarsened

grains. The spreading of the coarsened area is drawn by a line. b) Crack length vs.

number of cycles.

9.4 Discussion

9.4.1 Influence of grain coarsening on crack propagation

The most noticeable feature of fatigue crack growth behaviour in HPT Cu is the occur-
rence of grain coarsening in the vicinity of the crack. As already reported in our previous
publication [175] grain coarsening occurs only at growth rates below 10-10 m/cycle and is
more pronounced at lower crack growth rates. At a stress amplitude of 42 MPa grain
coarsening occurs in the as-HPT processed materials irrespective of the purity (compare
fig. 9.4a and c). The only difference is that in case of commercial purity HPT Cu the
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size of the coarsened area is only roughly half as large as in case of high purity HPT Cu.
At the higher stress amplitude of 55 MPa grain coarsening only happens to a very small
extent (fig. 9.6).
The bimodally structured high purity HPT Cu has considerably larger grain size and

enhanced ductility in tension than the as-HPT processed materials. From both one may
expect decreased crack growth rates due to roughness-induced crack closure and a higher
ability to reduce local stresses at the crack tip via deformation. The opposite is observed
at a cyclic stress amplitude of 42 MPa giving rise to the conclusion that the occurrence
of grain coarsening during cyclic loading leads to a retardation of crack growth. The
bimodally structured HPT Cu shows the fastest crack growth rate at 42 MPa with no
coarsening. At a higher applied stress amplitude of 55 MPa apparently no coarsening
occurs and crack growth rates of HPT materials are all about the same.

The occurrence of grain coarsening can now have two effects: first, it seems reason-
able that the dissipated energy during cycling is transmitted into plastic deformation and
movement of grain boundaries instead of creation of new surface area and crack advance-
ment. Furthermore, grain coarsening takes place in front of the crack tip (cp. fig. 9.4)
leading to a totally different surrounding area for crack growth. In this case crack prop-
agation does not occur in an ultra-fine grained material with high strength and low
ductility but in a coarse grained material which is apparently softer and more ductile.
The experiments with raising of the applied stress amplitude (see fig. 9.9) show that

crack growth is retarded until the crack grows out of the previously coarsened area. This
would suggest that it is rather the existence of the coarsened grains in front of the crack
tip which retards crack growth. But on the other hand the existence of coarse grains in
the bimodally structured HPT Cu does not lead to lower crack propagation rates.

Literature (e.g. [113]) reports faster crack growth in nanomaterials because of straighter
crack paths and therefore less roughness-induced crack closure. Obviously, this is not the
case here because at higher stress amplitude where no coarsening takes place, bimodally
structured Cu exhibits the most tortuous crack path (fig. 9.7) but its crack growth rate
is within the error bar the same as for the other HPT materials tested (fig. 9.5). When
comparing with available literature one has to consider two experimental differences,
namely the load ratio of R = −1 and the particularly low propagation rates. It was
shown for example by Silva [169] that roughness-induced crack closure is not a relevant
mechanism at R = −1 or perhaps the roughness observed in the bimodally structured
HPT Cu is too small to cause closure effects at this load ratio.

9.4.2 Comparison of crack growth with cyclic deformation in
the HCF regime

Grain coarsening and related cyclic softening behaviour in nano- or ultra-fine grained ma-
terials was frequently observed during cyclic deformation in the high cycle fatigue regime
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by several groups using different sample geometries and testing frequencies (e.g. [23–
25]). It was associated with the low stability of nanostructured materials especially those
exhibiting high purity and recently also with the mode of testing, i.e. stress- or strain-
controlled cyclic loading [25].

Höppel et al. [24] identified grain coarsening as a thermally activated process which
depends also on the plastic strain amplitude. It is a dynamic recrystallisation process,
meaning nucleation and growth of grains but it also involves subsequent migration of
high-angle grain boundaries. The boundary migration seems to be of particular impor-
tance because an exclusive nucleation and growth mechanism would lead to smaller grain
sizes due to the large number of nucleation sites in the heavily deformed SPD materials.

Comparing our results of cyclic deformation tests in the HCF regime [23, 175] with
the observations during crack propagation where the materials and testing conditions
were identical, the most striking difference concerns the effect of purity. With crack
propagation, grain coarsening was found in the vicinity of a crack irrespective of the
material’s purity, but during cyclic deformation, coarsening was only observed in high
purity material. In bimodally structured high purity HPT Cu the situation was different
as grain coarsening did not occur during crack propagation but during HCF testing
(although much less than in the as-HPT state of the same purity).

Cyclic deformation in the HCF regime showed that grain coarsening is mainly time
controlled, i.e. it is more intense at higher number of loading cycles and therefore larger
accumulated plastic strain. During crack growth a smaller propagation rate and therefore
increased dissipated energy per crack length expansion leads to increased grain coars-
ening. Thus, it seems that in both cases the accumulation of plastic deformation is
responsible for grain coarsening.

The processes of dynamic recrystallisation and grain growth responsible for coarsening
are both driven by the defect content or rather the stored energy of the material but the
annihilation of defects and migration of grain boundaries (grain growth) need some
activation energy [77]. As seen from our DSC experiments, the activation enthalpy is
directly related to the material’s purity while the stored energy in high purity and in
commercial purity HPT Cu is about the same but much lower in the heat treated bimodal
HPT Cu. Therefore, it seems that grain coarsening in the presence of a fatigue crack
depends more on the stored energy of the HPT materials while during cyclic deformation
it is more associated with the activation enthalpy for recrystallisation and grain growth
phenomena.

A possible explanation for this behaviour is the following: for the occurrence of grain
coarsening two conditions have to be fulfilled simultaneously. Namely, (i) the energy
stored in the material has to reach a certain critical value and (ii) the activation barrier
for the migration of defects has to be overcome. For the first condition the sum of
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the stored energy already present in the material plus the energy which is accumulated
during cyclic loading is crucial while for the second condition the energy which is put
into the material in one cycle is important.

In case of fatigue crack growth the energy per cycle is released very locally at the crack
tip. Thus, the activation barrier can be overcome also in commercial purity HPT Cu.
However, the other parts of the specimen are not cyclically loaded and the stored energy
is not markedly raised meaning that in case of the bimodal HPT Cu it stays at a relatively
low value. As a result grain coarsening during crack growth is observed in both as-HPT
processed materials but not in the bimodally structured one. However, the picture is
different in case of cyclic loading in the HCF regime. The energy per cycle is released in
a much larger part of the specimen so that the activation barrier cannot be overcome in
the commercial purity HPT Cu. Thus, no grain coarsening occurs in this material. On the
other hand cycling increases the stored energy of the material so that for bimodal HPT
Cu the critical value is reached and in combination with the lower activation enthalpy of
this high purity material grain coarsening occurs.

Boyce and Padilla [178] proposed a mechanism for crack initiation in nanocrystalline
materials. Grain coarsening occurs locally and within the coarser grains traditional
persistent slip processes can take place leading to the initiation of a fatigue crack. This
seems also applicable to our materials. During cycling in the HCF regime most part of the
life time is devoted to crack initiation, which is much easier in larger grains where surface
extrusions and intrusions can form. If the material coarsens and larger grains form, crack
initiation takes place much earlier and the overall HCF life is markedly reduced. This is
exactly what we observed in high purity HPT Cu [23]. Our resent results on the other
hand suggest that, if the applied stress is not too high and coarsening occurs also during
propagation of the initiated crack, crack growth in nanomaterials can be retarded and the
instability of the microstructure which favours crack initiation also is able to decrease
crack growth rates.

9.5 Summary and conclusions
Fatigue crack growth at two different stress amplitudes was investigated in HPT processed
Cu of high as well as commercial purity. In addition, HPT processed high purity Cu
samples with a bimodal structure were tested. The results and conclusions are as follows:

• At the lower stress amplitude applied, crack propagation rates are independent of
purity, and grain coarsening occurs in the vicinity of the crack. Only the bimodally
structured HPT Cu exhibits a stable microstructure in connection with a clearly
faster crack propagation. Thus, one can conclude that the occurrence of grain
coarsening during fatigue crack propagation leads to a retardation of crack growth.
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9.5 Summary and conclusions

• In case of a larger stress amplitude where coarsening does not take place, all tested
HPT materials show the same crack growth rate within the error bar.

• Measurements with a change of the stress amplitude also revealed that the crack
propagation rate is strongly sensitive to the coarsening phenomena: a steep change
of the applied stress amplitude leads to a gradual change of both, the size of the
coarsened area as well as the rate of crack growth.

• Combining these results with our previous investigations on the cyclic deformation
behaviour of HPT Cu as well as with thermal stability measurements, it seems that
grain coarsening in the presence of a fatigue crack depends more on the stored
energy of the material while a similar coarsening during cyclic deformation tests in
the HCF regime depends more on the activation enthalpy for migration/annealing
of defects.

103





10 Summary and conclusions
This thesis investigated different aspects concerning the mechanical behaviour of nano-
structured materials processed by HPT. First, the tensile properties of HPT processed Cu
and Cu-Al alloys were analysed with respect to dislocation density and arrangement. Sec-
ond, fatigue crack propagation as well as fatigue strength in HPT Cu of different purity
and microstructural stability was studied. All the obtained results are summarised here.

In the first chapter (p. 63) the tensile strength and ductility of HPT Cu, Cu-5at%Al
and Cu-15at%Al were investigated. These alloys have stacking fault energies of 45.5,
24.5 and 5.5 mJ/m2 [150], respectively. It was expected that the lower stacking fault
energy leads to deformation by mechanical twinning instead of dislocation glide [27,
p. 297] resulting in a high density of twin boundaries in the HPT processed materials
[11, 15]. HPT processing was performed with 5 rotations and a pressure of 6 GPa at RT
and at liquid nitrogen temperature. This resulted in an equivalent von Mises strain of
approximately 76 at the gauge section of the tensile specimens.
Concerning the microstructure, the domain sizes, dislocation densities and twin den-

sities of the HPT processed alloys were determined by X-ray line profile analysis. The
grain size of HPT processed pure Cu was determined by SEM micrography. All the grain
size and domain size values were in the submicron and nanometer regime, the smallest
domain size – 38 nm – was obtained for Cu-15Al HPT processed at 77K. A higher alloy
content as well as lower temperature during HPT both led to smaller grain or domain
size, higher dislocation density and higher twin density in case of the alloys.
From DSC experiments it was concluded that Cu-15Al, an alloy which has a tendency

to short-range order, did not exhibit any detectable SRO after quenching and HPT defor-
mation.

The average values of yield strength and ultimate tensile strength obtained from several
engineering stress-strain curves showed that the ultimate tensile strength increased with
increasing alloy content as well as with decreasing processing temperature. In case of
the yield strength, the second trend was not that clear due to a relatively large scatter
of the data. At any case, also the yield strength, which was in the range of 375 MPa
to approximately 750 MPa, was considerably higher for alloys with higher Al content.
The uniform elongation values obtained from the tensile tests were in the range of
approximately 2% to 3%. A monotonous tendency with respect to the alloy content was
not observed. In case of HPT at RT, Cu-5Al had the highest uniform elongation, Cu-15Al
the lowest. There was a slight tendency for higher uniform elongation values in case of
low temperature HPT, however, the differences were rather small and mainly within the
error range. The total elongation decreased with increasing alloy content and was in the
range of 8% to 20%. Generally, the results of the tensile tests were in good agreement
with the work of An et al. [19], who used the same HPT parameters.
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10 Summary and conclusions

A comparison of own values and literature data [15, 17–19] of the yield strength of SPD
nanostructured Cu-Al alloys with measurements of the Hall-Petch coefficient of coarse
grain Cu-Al revealed substantial deviations. The strength of these materials cannot be
ascribed to the limited grain size only. For the sake of an alternative explanation, the
yield strength was analysed in terms of the Taylor equation and the measured dislocation
densities. Thereby, a good agreement with dislocation hardening according to the Taylor
equation including α-parameter values being consistent with large strain plasticity theory
was achieved: The obtained parameter α representing the dislocation arrangement was
rather low in HPT processed Cu-Al alloys. This means that the dislocations are mainly
arranged in structures which exhibit a large screening effect of the individual strain fields
as it is for example the case for polarised tilt walls.

Concerning the ductility, it could be concluded from own results as well as from
literature [15–19] that the largest influence on the uniform elongation arises from the
processing parameters or the specific SPD technique used. A detailed analysis revealed
that a low-stress arrangement of dislocations after SPD processing is beneficial for the
uniform elongation. Such an arrangement is preferentially formed by a combination of
high hydrostatic pressure and high applied strain as well as the subsequent relaxation.
The release of the pressure is thereby an important condition because during this un-
loading a considerable rearrangement to dislocation structures with low internal stresses
occurs [82]. The influences of stacking fault energy and twin density on the ductility of
SPD Cu-Al alloys are much less important than that of the dislocation arrangement.

In the second chapter (p. 83), HPT Cu of high and commercial purity were examined
for their high cycle fatigue and fatigue crack propagation behaviour. Discs with
10 mm diameter were deformed at a pressure of 4 GPa to an equivalent von Mises
strain of approximately 24 at the measurement area (corresponding to 2 rotations). As a
third material, high purity HPT Cu after an annealing heat treatment at 150◦C for 3 min
was investigated. This heat treatment led to a bimodal grain size distribution and a
considerable increase of ductility, however, at the cost of strength.

Fatigue life time curves in the range of 106 to 109 cycles to failure were obtained
using flat and notched specimens and an ultrasonic resonance fatigue testing system
operating at R =−1 (push-pull loading with zero mean strain). The results showed that
commercial purity HPT Cu, which had smaller grain size and higher tensile strength
than the high purity HPT material, also exhibited higher fatigue strength. It was already
shown previously by the author [22] that the stability of the microstructure is of utmost
importance for the fatigue behaviour of nanostructured materials. The microstructure
of commercial purity HPT Cu was stable during cyclic loading in the HCF regime, but
high purity HPT Cu showed grain coarsening at high number of loading cycles which
had a detrimental effect on the fatigue life time. Although the heat treated bimodally
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structured HPT Cu had a higher microstructural stability than the high purity HPT Cu, an
improvement of the fatigue performance was not observed and also this material showed
grain coarsening at high number of loading cycles. An overview of all results of the cyclic
loading tests in the HCF regime is presented in fig. 10.1.

Figure 10.1: S-N curves and microstructure of cyclically loaded HPT processed Cu.

The scale bar is valid for all the SEM micrographs.

Fatigue crack growth rates of the same three HPT processed materials as well as
of CG Cu were determined using center-notched specimens and again the ultrasonic
resonance fatigue testing system. Thereby, it was for the first time possible to measure
crack growth rates in HPT Cu down to 10-12 m/cycle.

The threshold stress intensity factor range (ΔKth ) obtained by the load shedding tech-
nique was approximately 3 MPa

�
m for all the HPT processed material. This is lower

than the value obtained for CG Cu (∼4 MPa
�
m). Also the crack paths were apparently

straighter than in coarse grained Cu. This had been observed previously for different
nanostructured materials (e.g. [113, 114, 172]) and it was argued that the lack of roughness-
induced crack closure leads to higher crack growth rates and lower threshold values for
nanostructured materials. However, at R = −1 [169] the influence of crack closure is
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10 Summary and conclusions

limited and the differences observed within this study were therefore smaller than what
has been reported in the literature.

A further main finding presented in this chapter was that grain coarsening near the
crack tip occurred in high purity HPT Cu beneath crack growth rates of 10-10 m/cycle,
and large surface slip marks formed within these coarsened grains. Detailed investigation
showed that the size of the coarsened area increased with decreasing crack growth rate
(or decreasing applied stress amplitude). Therefore, the origin of the coarsening can be
found in the dissipated energy per unit surface created.
The bimodally structured high purity HPT Cu showed no grain coarsening together

with slightly higher crack growth rates. This is an indication that deformation-induced
grain coarsening can lead to a retardation of the fatigue crack growth. This issue has
been studied in more detail within the next chapter (p. 91). For that purpose, fatigue crack
growth measurements were performed at two different constant stress amplitudes. Grain
coarsening was observed in high purity HPT Cu at the lower constant stress amplitude
applied (42 MPa), but not at the higher stress amplitude (55 MPa).
The investigations at low constant stress amplitude showed that grain coarsening in the

vicinity of the crack occurred not only in high purity but also in commercial purity HPT
Cu. Only the bimodally structured material exhibited a stable microstructure together
with higher crack growth rates. At the higher stress amplitude none of the materials
showed significant grain coarsening and all of them exhibited – within the error range –
the same crack growth rate, being considerably larger than that of CG Cu.

The most important conclusion which was drawn from these experiments is that grain
coarsening at the crack tip at low applied stress amplitudes leads to a retardation of the
fatigue crack propagation. If the grains in front of the crack tip coarsen, the dissipated
energy during cycling is transformed into plastic deformation and movement of grain
boundaries instead of crack advance. The crack has then to grow through a distinctly
different microstructure, i.e. through coarse, ductile grains.
Further experiments were undertaken to investigate in more detail the correlation

between grain coarsening and crack growth rate. They revealed that a steep increase of
the applied stress amplitude in high purity HPT Cu did not result in a steep increase
of the crack growth rate but rather in a gradual increase as long as the crack tip was
within the previously coarsened area. The size of the coarsened area also decreased only
gradually. In case of a steep decrease of the stress amplitude there was also a continuous
transition of crack growth rate and size of the coarsened area. This behaviour was also
observed in commercial purity HPT Cu but not in the bimodally structured material and
confirmed the large influence of grain coarsening on the fatigue crack propagation rate
of nanostructured materials.
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In the following it had been attempted to understand the observed phenomena in
the frame work of varying thermal stability. For this purpose specific DSC investiga-
tions had been performed. The DSC results showed that commercial purity HPT Cu had a
higher microstructural stability and annealing of defects occurred at a temperature which
was approximately 70◦C higher than in case of high purity HPT Cu. The bimodally struc-
tured high purity HPT Cu had the same annealing temperature as its non-heat treated
counterpart (155◦C) but a distinctly lower stored energy than the other two investigated
materials.
Grain coarsening during cyclic loading in the HCF regime occurred in the high purity

HPT Cu as well as in the bimodally structured one whereas during fatigue crack growth
it occurred in HPT Cu irrespectively of the purity except of the bimodally structured
one. Furthermore, in case of cyclic loading, an accumulated plastic strain was necessary
for grain coarsening, i.e. coarsening was more pronounced at higher number of loading
cycles / lower loading amplitude. As mentioned before, in case of fatigue crack growth
the amount of coarsening depended on the dissipated energy per crack length extension,
i.e. it was more pronounced at lower crack growth rates / lower loading amplitudes.
All these results from crack propagation as well as those from the fatigue life time tests

suggest the following common explanation: Considering both, the thermal stability of the
investigated materials as well as the specific occurrence of deformation-induced grain
coarsening, it seems that two conditions have to be fulfilled at the same time: (i) the
stored energy in the material has to reach a certain value and (ii) the activation barrier
for the migration of SPD-induced defects (corresponding to the measured annealing
temperature) has to be overcome. During crack growth the second condition is fulfilled
in all investigated HPT materials due to a very local release of energy at the crack tip.
However, the stored energy does not change. Thus, condition (i) is not fulfilled for all
materials and grain coarsening occurs only in materials which have an initially high
stored energy – as it is true for the non-heat treated HPT materials. During cyclic loading
in the HCF regime, energy is distributed in a much larger volume leading to an increase
of the overall stored energy. However, in commercial purity HPT Cu, which has a higher
stability, the activation barrier cannot be overcome and condition (ii) is not fulfilled.
Therefore, this material shows no grain coarsening in HCF tests.

Concerning the overall resistance against cyclic loading, it can be summarised that
nanostructured HPT Cu shows a better resistance against fatigue crack initiation and
therefore higher fatigue strength but a lower resistance against crack propagation com-
pared to CG material – both at least as long as the microstructure is stable. Grain
coarsening during cyclic loading in the HCF regime occurred in high purity HPT Cu and
had a detrimental effect on the fatigue life. On the other hand, its occurrence during
fatigue crack propagation led to a retardation of the crack growth.
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11 Outlook

11 Outlook
Based on the results of the tensile tests on HPT Cu-Al alloys, one could think about
an optimisation of the structure within the nanostructured grains of SPD materials with
respect to the mechanical properties. It would be a further interesting investigation to sys-
tematically modify and carefully measure the dislocation arrangement in SPD processed
materials. This could be achieved by a systematic change of the processing parameters of
HPT as well as ECAP. Achieving a high density of dislocations in a low-stress arrangement
is expected to result in a good combination of high strength and ductility.

Another interesting material is the Cu-Al-Zn alloy reported in the appendix. Surpris-
ingly it showed a higher strength after HPT at room temperature than after HPT at liquid
nitrogen temperature. The reason for this is unknown. The XRD as well as the DSC
investigations showed no indications of second phase particles or precipitations. Thus,
a very detailed and quantitative microstructural analysis would shed more light on this
puzzle.
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Part IV

Appendix

A HPT processed Cu after heat treat-
ment

The materials investigated for fatigue and crack propagation are primary the same as
in my diploma work [22], namely high purity (99.99%) and commercial purity (99.9%)
Cu processed by HPT, and furthermore high purity HPT Cu with a bimodal grain size
distribution. The latter should have better uniform elongation as the as-HPT processed
material but still rather high strength [92]. For this purpose, a heat treatment was done
in an oil bath for 3 minutes, and strength and ductility were measured for different
annealing temperatures to find the optimum balance.

The HPT samples had a diameter of 8 mm, the applied pressure was 4 GPa and the
strain (γt ) was 42 at a radius of 2 mm (corresponding to 2 rotations). Tensile strength and
uniform elongation after heat treatments at different temperatures are shown in fig. A.1.

Figure A.1: Tensile strength and ductility of high purity HPT Cu after a 3 min heat

treatment, strain rate 5 × 10-4 s-1. The lines are guides for the eye.
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A HPT processed Cu after heat treatment

It can be seen that at annealing temperatures above 130◦C the tensile strength de-
creases with increasing annealing temperature while the uniform elongation increases.
SEM micrographs of the heat treated specimens can be seen in fig. A.2. For all temper-
atures the microstructure consists of coarse grains with sizes of 1 – 5 μm and residual
nanostructured areas. The volume fraction of the coarsened grains is larger at higher
annealing temperatures.
A heat treatment at 150◦C for 3 min leads to the desired balance between strength and

ductility. This material was then ready to be investigated in cyclic loading experiments in
the high cycle fatigue regime as well as in fatigue crack growth measurements.

(a) 130◦C (b) 140◦C

(c) 150◦C (d) 160◦C

Figure A.2: Microstructure of high purity HPT Cu after a 3 min heat treatment as

seen in the SEM using the backscattered electron detector.

In case of commercial purity HPT Cu it was not possible to gain such a bimodal
grain size distribution with short-time heat treatments. With increasing temperature, the
tensile strength decreased but the uniform elongation did not increase. However, samples
with that purity showed a better thermal stability – the ultimate tensile strength did not
decrease in case of 3 min heat treatments below 200◦C.
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B Microstructure and strength of
quenched Cu and Cu-Al alloys

The microstructures of the initial annealed and quenched materials which were used for
the investigations in section 7 have been characterised by light microscopy of polished
and etched samples. The results can be seen in fig. B.1: The grain sizes are in the range
of about 50 μm and below in case of pure Cu and Cu-5Al, and in the range of 500 μm in
case of Cu-15Al. The raw materials were provided by different companies and it seems
that the annealing temperatures were not high enough to induce marked grain growth.

(a) pure Cu (b) Cu-5at%Al

(c) Cu-15at%Al

Figure B.1: Microstructure of Cu and Cu-Al alloys before HPT.

Table B.1 summarises the values of hardness and tensile strength of the initial materials.
Both increase with increasing alloy content but it can be seen from the tensile curves
(fig. B.2) that the work hardening behaviour of the samples is quite different, which also
results in a strongly varying ductility. This can be ascribed to the different grain sizes.
After HPT processing to large strains these differences of the initial materials are not
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B Microstructure and strength of quenched Cu and Cu-Al alloys

relevant any more but still a comparison between HPT processed and initial materials
has to be done with great care.

Table B.1: Values of microhardness and tensile strength of annealed and quenched

materials. (In case of Cu-15Al only one valid tensile curve was achieved.)

Material HV 0.1 UTS [MPa]

Cu 058±1 212±8

Cu-5Al 075±4 281±4

Cu-15Al 112±2 297

Figure B.2: Exemplary tensile test curves of the as-quenched materials.3

3The bold parts of the tensile curves were directly measured by the laser speckle sensor while the
thinner plotted parts are gained from the cross head movement. In case of Cu-15Al a direct strain
measurement was only possible in the very beginning (to about the yield strength) because the sample
surface changed too much during testing due to the evolution of surface roughness.
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C Short-range order in Cu-Al

C.1 Introduction
The interaction energies between the different types of atoms in an alloy determine
whether a solid solution, a phase decomposition or ordering is the thermodynamically
favourable state [27, p. 112ff]. Ordering takes place if there is an attractive force between
the unlike elements. If this force is only small, the order will not expand over the whole
crystal (long-range order), but only over a certain distance – this state is called “short-
range order” (SRO). Binary alloy compositions showing short-range order can be found
for example in Cu-Al, Au-Fe or Ag-Zn [154].

Short-range order is only stable up to a certain temperature. When rapidly cooling or
quenching a material from high temperature, the state of this temperature is frozen, and
SRO can be avoided. The formation of the specific degree of short-range order which is
in thermodynamic equilibrium at a certain temperature occurs via vacancy diffusion [154,
p. 4]. Therefore, a high amount of vacancies helps to quickly establish a high degree of
SRO.

Short-range order influences the mechanical behaviour of a material. It leads to planar
glide of dislocations, meaning that only few glide planes are activated and that plastic
deformation becomes inhomogeneous [179]. If a dislocation wants to pass through a
short-range ordered crystal, a certain additional stress has to be applied. But if the first –
the leading – dislocation has passed the SRO zone, the order is destroyed and subsequent
dislocations can pass easier. This can lead to an avalanche-like behaviour and jerky flow
[154, p. 14] and also implies that SRO can be destroyed by deformation.

The degree of SRO existing in a material can be determined either by residual resis-
tivity measurements where an increase of SRO leads to a decrease of resistivity [180],
or by differential scanning calorimetry (DSC). In this case, an increase of SRO and the
concomitant annealing of vacancies lead to an exothermic peak. The dissolution of SRO
at higher temperatures – on the other hand – leads to an endothermic peak [154, p. 68].

C.2 Short-range order in quenched Cu-Al alloys
To get an idea about the amount of short-range order existing in the as-quenched Cu-Al
alloys, DSC measurements were performed. The results can be seen in fig. C.1. In the
first-heating curves (the upper curves, belonging to the legend on the left side) small
exothermic peaks can be found. Cu-5Al reveals a peak at 358◦C, Cu-15Al shows two
peaks at 154◦C and 348◦C. After the first heating, the samples were cooled to room
temperature using a cooling rate of 10 K/min and heated up again. The second-heating
curve of Cu-15Al shows a step with an onset temperature of 270◦C.
When comparing these results with literature [154] the following conclusions can be
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C Short-range order in Cu-Al

drawn: Cu-5Al has no tendency to short-range order. The (very small) peak at 358◦C is
due to the annealing of some defects. In contrast, Cu-15Al has a tendency to SRO. But
as the material has been quenched from a high temperature, the degree of SRO in the
beginning is rather low. During heating in the DSC, SRO forms, resulting in an exothermic
peak at about 150◦C. During further heating, the SRO is again destroyed. This can be seen
very clearly in form of a step in the second-heating curve. But also in the first-heating
curve, there is a little step at the same temperature. Furthermore, there is an exothermic
peak at about 350◦C in the first-heating curve due to the annealing of defects.

Figure C.1: DSC scans of as-quenched Cu-5%Al and Cu-15%Al. The curves of the

first and the second heating are shown on two separate axes to make it easier to

distinguish them.

C.3 Short-range order after HPT processing and
order hardening

For a proper classification of the DSC peaks in HPT processed materials, additional
microhardness measurements have been performed. Samples of Cu-5Al and Cu-15Al
processed by HPT at RT have been heated up in the DSC to a certain temperature,
then cooled down to room temperature again and afterwards the microhardness has
been measured. The temperatures have been chosen before and after the peaks in the
DSC curves. The microhardness data can be seen in combination with the DSC curves in
fig. C.2 for Cu-5Al and in fig. C.3 for Cu-15Al, both processed by HPT at room temperature.
Cu-5Al shows a large decrease of hardness between 245◦C and 335◦C, i.e. at the position

of the peak in fig. C.2. It can therefore be attributed to the annealing of defects, mainly
dislocations. Afterwards, there is another decrease of hardness up to 500◦C without
detectable DSC signal, which is due to (secondary) grain growth.
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C.3 Short-range order after HPT processing and order hardening

Figure C.2: DSC scan and corresponding microhardness of Cu-5Al after HPT at RT.

Figure C.3: DSC scan and corresponding microhardness of Cu-15Al after HPT at RT.

The second scan not shown here looks like the second scan after quenching.

The situation is more complex in Cu-15Al where heating up until 320◦C leads to an
increase of microhardness. Two peaks can be seen in the DSC scan in this range. The
subsequent third DSC peak then is accompanied by a marked decrease of hardness and
can thus be attributed to defect annealing. It can therefore be concluded that the first
DSC peak is due to the evolution of SRO implying that the material after HPT possessed
no SRO. Hardening due to the evolution of SRO is a well-known effect [135] and a very
similar behaviour was found in the work of Spanl [154]. The dissolution of SRO at about
250◦C to 300◦C cannot be seen in the microhardness measurements because when we
cool down the sample, SRO will establish again.

To sum up, it has been shown that although Cu-15Al has a tendency to short-range
order, the order is destroyed by quenching and even more by HPT deformation. Cu-5Al –
just like pure Cu – does generally not show short-range order.
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Analogue to the Cu-Al alloys also Cu-12.1at%Al-4.1at%Zn was investigated. This solid
solution alloy has a stacking fault energy of 7 mJ/m2 [181] – almost as low as the value of
Cu-15at%Al. Just like the Cu-Al alloys it was first annealed and quenched from 500◦C into
water and afterwards deformed by HPT at room temperature and at 77K. Five rotations
were applied at a hydrostatic pressure of 6 GPa. Tensile tests, DSC and microhardness
measurements were performed using the same parameters like in case of the Cu-Al alloys.

Figure E.1: Microstructure of the Cu-Al-Zn alloy in the as-quenched state.

The microstructure of the alloy before HPT can be seen in fig. E.1, the grain size is in
the order of 500 μm. The initial microhardness (HV 0.1) is 113 ± 2, the tensile strength
326 ± 2 MPa.

After HPT, hardness and tensile strength are markedly increased. Exemplary tensile
curves can be seen in fig. E.2, the average values of the tensile properties are gained from
three stress-strain curves each and are summarised in table E.1.

Table E.1: Tensile test results: yield strength (σ0.2), ultimate tensile strength (UTS),

uniform elongation and total elongation.

Material σ0.2 [MPa] UTS [MPa] εuni f [%] εtot al [%]

Cu-Al-Zn HPT@RT 845±72 1084±26 2.2±0.3 8.6±1.3

Cu-Al-Zn HPT@77K 971±28 0985±13 1.8±0.1 7.1±0.3

It can be seen that the tensile strength as well as the uniform and total elongation are
higher when HPT processing was performed at RT as if it was done at liquid nitrogen
temperature. This is an unexpected result because in pure Cu as well as in the investigated
Cu-Al alloys the strength was always higher when HPT processing was done at 77K due
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Figure E.2: Exemplary tensile test curves of HPT processed Cu-12.1at%Al-4.1at%Zn.

to higher defect densities and smaller grain sizes. Unfortunately no grain size values are
available for this material after HPT processing. The grains are too small to see them in
SEM micrographs and the X-ray profile analysis did not yield reliable results because of
large scatter and the lack of a global minimum in the profile fits.
It would be very interesting to find the reason for the decreased strength and ductility

in low temperature HPT processing, however, this is beyond the scope of this work. A
possible explanation could be an HPT-induced phase transformation or the formation of
second phase particles during HPT at room temperature which is suppressed at liquid
nitrogen temperature. However, no additional peaks have been found in the XRD profiles
and also from literature [181] this alloy should be a solid solution.

E.1 Short-range order in the Cu-Al-Zn alloy
Cu-12.1at%Al-4.1at%Zn shows short-range ordering, just like Cu-15Al. The DSC measure-
ment of the as-quenched material (fig. E.3) shows the dissolution of the short-range
order at about 300◦C in the second-heating curve. In the first-heating curve the evolu-
tion of SRO leads to an exothermic peak at about 150◦C showing that the alloy in the
as-quenched state exhibits no considerable short-range order.
The DSC measurements after HPT processing (fig. E.4) show two peaks associated with

the formation of SRO and order hardening, and a subsequent peak due to the annealing
of HPT-induced defects. This is very similar to Cu-15Al. But in contrast to Cu-15Al,
the Cu-Al-Zn alloy deformed at room temperature shows lower thermal stability than
the sample processed by HPT at 77K, i.e. the defect annealing peak is shifted to lower
temperature.
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Figure E.3: DSC scans of Cu-Al-Zn in the as-quenched state. The curves of the first

and the second heating are shown on two separate axes for a better distinction.

Figure E.4: DSC scans (first heating) of HPT processed Cu-Al-Zn. Corresponding

microhardness values (measurement radius 2 mm) of samples annealed in the DSC

are also shown. The values above the curves correspond to HPT processing at 77K,

the values below to RT processing.
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