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Abstract 
 

The current thesis investigates the mechanical properties and phase transformations in 

biocompatible Ti-Nb alloys before and after processing with different methods of „Severe 

Plastic Deformation – SPD“. The phase structure of the Ti-Nb alloys has a strong impact to 

the mechanical properties like the strength as well as the elastic constants. These quantities 

are highly important for the materials’ suitability for orthopaedic applications. Here a 

sufficient strength of the implant is equally essential as a low Young’s modulus, in order to 

avoid the adverse stress shielding effect which, after orthopaedic surgery, might lead to the 

successive degradation of the bone.  

As the Young’s modulus of Ti-Nb alloys shows two pronounced minima at 

compositions near 16.0 and 45.0 wt.% Nb, these alloys were selected for this thesis. Different 

SPD techniques including high pressure torsion (HPT), and rolling and folding (R&F) were 

applied. 

In case of Ti–16.1 wt.% Nb, SPD processing strongly affected the phase stability. Even 

if a hydrostatic pressure was applied solely, a partial transformation of the parent α”- 

martensite to the ω-phase and α/α′ occurred. Adding plastic shear deformation by HPT a 

nanocrystalline ω-phase formed at the expense of parent α” which – according to in-situ 

Synchrotron diffraction experiments – showed a very high thermal stability. Annealing after 

HPT yielded an ultrafine grained and equiaxed (α+β) phase structure which hardly can be 

reached by another processing route. The SPD induced formation of the ω-phase was also 

the reason why the Young’s modulus of the Ti–16.1 Nb alloy strongly increased, which  has 

been confirmed by successfully modelling the Young’s modulus in terms of the measured 

phase fractions using a rule of mixture. Considering the plastic strength of the material, not 

only marked dislocation and grain boundary hardening occurred but also a large strength 

increase of the phase fractions was observed. Again, modelling with a rule of mixture was 

successful. 

In case of SPD processed Ti–45.0 wt.% Nb, no phase transformations occurred; 

therefore the apparent Young’s modulus did not increase upon SPD, even slightly decreased 

because of SPD specific texture evolution. In spite of missing hardening from phase 

transformation, the HPT induced increase of strength was still pronounced while 

maintaining a considerable ductility. This is very promising for the applicability of this alloy 

for medical implants having a strong potential to substitute traditional implant materials 

such as Ti–6Al–4V containing toxic elements. 
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Kurzfassung 
 

Die vorliegende Dissertation untersucht die mechanischen Eigenschaften und 

Phasenumwandlungen in biokompatiblen Ti-Nb Legierungen vor und nach Bearbeitung mit 

verschiedenen Methoden der „Severe Plastic Deformation – SPD“. Die Phasenstruktur der Ti-

Nb Legierungen hat auf deren mechanische Eigenschaften wie die Festigkeit und die 

elastischen Konstanten einen starken Einfluß. Diese Größen sind für die Eignung des 

Materials für orthopädischen Anwendungen von entscheidender  Bedeutung.  Dabei ist eine 

ausreichende Festigkeit des Implantats genauso essentiell wie ein kleiner Elastizitätsmodul, 

mit dem der Spannungs-Abschirmeffekt vermieden wird, der nach der Operation zu einem 

sukzessiven Knochenabbau führen kann.  

Da der Elastizitätsmodul von Ti-Nb Legierungen zwei ausgeprägte Minima bei den 

Konzentrationen 16 und 45 Gew.% Nb zeigt, wurden diese beiden Legierungen für die 

vorliegende Dissertation ausgesucht. Verschiedene SPD Techniken (u.a. Hochdrucktorsion – 

HPT, sowie Walzen & Falten (R&D)) gelangten dabei zur Anwendung. 

Im Fall von Ti–16.1 Gew.% Nb zeigte die SPD-Bearbeitung einen starken Einfluß auf 

die Phasenstabilität. Selbst das bloße Anlegen eines erhöhten hydrostatischen Drucks führte 

bereits zu einer Teilumwandlung des ursprünglichen α”-Martensits zu einer ω-Phase bzw. 

zu zwei koexistierenden α/α′ Phasen. Wurde das Material zusätzlich auch plastisch 

scherverformt mittels HPT bildete sich eine nanokristalline ω-Phase auf Kosten des 

ursprünglichen α”-Martensits. Dabei wies diese ω-Phase  zufolge von in-situ Synchrotron 

Beugungsexperimenten eine sehr hohe thermische Stabilität auf. Thermische Behandlung 

nach HPT führte zu einer ultrafeinen gleichachsigen (α+β) Phasen–Struktur, die sich nur 

schwer mit anderen Herstellungsrouten realisieren lässt. Die SPD-induzierte Bildung der ω-

Phase führte auch zu einer starken Erhöhung des Elastizitätsmoduls der Ti–16.1 Gew.% Nb 

Legierung, was durch Modellierung mithilfe der Elastizitätsmodule der gemessenen, 

einzelnen Phasenanteile mittels Anwendung einer Mischungsregel quantitativ bestätigt 

wurde. Zur Festigkeitssteigerung des Materials tragen nicht nur  Versetzungen und 

Korngrenzen bei, sondern auch die Festigkeiten der verschiedenen Phasenanteile, was 

ebenfalls durch Anwendung einer Mischungsregel quantitativ beschrieben werden konnte.  

Im Fall der SPD Behandlung von Ti–45.0 Gew.% Nb wurde keine Phasenumwandlung 

beobachtet. Deshalb nahm auch der Elastizitätsmodul nicht zu, sondern eher – je nach Art 

der SPD Behandlung – texturbedingt ab. Trotz des fehlenden Anteils der Phasenhärtung war 

die  HPT-induzierte Festigkeitszunahme immer noch deutlich, zudem aber ergab sich auch 

eine beträchtliche Duktilität. Diese Resultate scheinen im Hinblick auf die Einsetzbarkeit des 

Materials für Implantate vielversprechend bzw. hat diese Legierung ein hohes Potential für 

den Ersatz der traditionellen Implantantmaterialien wie Ti–6Al–4V, die toxische Elemente 

enthalten.  
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1. Introduction & Aim of the Thesis 
 

In recent years the research in the field of nanostructured materials processed by severe 

plastic deformation (SPD) has attracted growing interest because of their unique physical as 

well as functional properties. In particular, the strength of metals and alloys can be 

substantially enhanced by the application of SPD owing to the exceptional grain refinement 

and introduction of a high density of defects which is not achievable by conventional thermo-

mechanical treatments in their coarse grained counterparts [1–3]. In addition, using 

methods of SPD bulk nanocrystalline materials driven far from their thermodynamic 

equilibrium can be obtained. Grain size at the nano-scale also strongly impacts the stability 

of phases as well as the kinetics of phase transformations. Elastic properties dependent on 

the texture of a polycrystalline aggregate may arise during SPD. All of these SPD effects can 

strongly impact the mechanical properties. 

 

In the present PhD thesis, the microstructure and mechanical properties of Ti–Nb 

alloys subjected to SPD were systematically studied. The research was carried out within the 

framework of the Marie Curie Research Training Network “BioTiNet” focusing on alloys such 

as Ti–Nb, Ti–Nb–Zr and Ti–Nb–Ta–Zr subjected to different methods SPD These materials 

can show rather low values of the Young’s modulus E. In general, E depends strongly on the 

chemical composition and thermomechanical processing via the formation of various 

equilibrium and metastable lattice structures arising both by diffusional and diffusionless 

phase transformations. In general the body centered cubic β lattice structure and the 

orthorhombic α”-martensite phase both show low values of E while that of the hexagonal 

phases α, α’-martensite and ω-phase are rather high; this can be summarized as Eω 

>Eα’>Eα”>Eβ [4].  

 

A low value of the Young’s modulus of a material is of particular importance for its 

applicability to implants. A large difference of the values of E between the implant material 

and humane bone limits the stress transfer  to the bone (stress shielding effect [5]) causing 

the death of bone cells and therefore loosening and premature failure of the implant. Ti–Nb 

based alloys can show a low value of E near that of the human bone (E = 4–30 GPa [6]); ETi–

16.1 Nb = 65 GPa (containing entirely α”-martensitic structure) [7,8], ETi–45.0Nb = 65 GPa 

(containing entirely β-phase)[9], ETi–13Nb–13Zr = 77 GPa (mixture of α’ and β) [6]. In 

comparison, conventional implants materials such as stainless steel (E = 206 GPa [10]), Co–

Cr based alloys (E = 240 GPa [10]), Ti–6Al–4V (E = 110 GPa [10]), and pure Ti (E = 100 GPa 

[10]) have rather high values of the Young’s modulus. Therefore, Ti–Nb based alloys have a 

strong potential for orthopaedic applications. Besides the low Young’s modulus these 

materials also show excellent biocompatibility [11] and high corrosion resistance [12,13]. 

However, despite of these rather superior properties alloys the replacement of conventional 
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biomaterials by Ti–Nb based is hindered so far because of the lower strength [10]. Therefore, 

a central aim of the present PhD thesis is to elucidate the physical conditions of SPD suitable 

to achieve Ti–Nb alloys with a tailored combination of high strength and low Young’s 

modulus.  

 

To achieve the aims of the PhD thesis, two Ti–Nb alloys were carefully selected for the 

investigations. The alloys containing 16.1 and 45.0 wt.% Nb both show low values of E. 

However, in their coarse grained state the lattice structures of the alloys differ: Ti–16.1 and 

Ti–45.0 Nb show α”-martensite and the β-phase, respectively, at room temperature. Methods 

of SPD include high pressure torsion (HPT, application of a high hydrostatic pressure and a 

high strain) and rolling and folding (R&F, relatively low hydrostatic pressure and strain). In 

addition, the samples were subjected to hydrostatic pressure only. This allows to separately 

investigate the impact of plastic strain and hydrostatic pressure on the microstructure 

formation and mechanical properties. The microstructure, phase evolution and mechanical 

properties were investigated using a combination of X-ray diffraction (XRD), Transmission 

Electron Microscopy (TEM), Differential Scanning Calorimetry (DSC), nanoindentation tests, 

microhardness measurements, and tensile tests. Rietveld analyses were carried out to 

evaluate the phase fractions before and after SPD. In the case of Ti–16.1 Nb, the thermal 

stability of the SPD induced phases were studied using in-situ heating experiments in the 

European Synchrotron Facility ESRF in Grenoble, France. In the case of Ti–45.0 Nb, XRD 

diffraction profiles were subjected to a line profile analysis to measure the dislocation 

density and coherent domain size. Texture investigations were also performed to investigate 

the effect of texture on the Young’s modulus in Ti–45.0 Nb alloy. 
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2. Background  
 

2.1. Ti–Nb based alloy system 
 

2.1.1. Pure Ti and P-T phase diagram 
 

The chemical element Ti belongs to the transition metals, positioned in the group of IV in the 

periodic table. Its electronic configuration is [Ar] 3d24s2 having four valence electrons. The 

d orbitals are partially occupied and screened by the outer S electrons. It has a melting point 

of 1668°C, exhibits hexagonal close packed (hcp) structure at ambient conditions and 

undergoes an allotropic transformation from α-hexagonal to β-body centered cubic (bcc) 

phase  at a temperature of 882.5 °C [14,15].  

 

Upon the application of a pressure in the range of 3 to 9 GPa [16–18]) a 

transformation from to the α-phase to a hexagonal ω-phase was reported, see the P-T 

diagram of Ti depicted in Fig. 2.1. The triple point where α-, β-, and ω-phases coincide occurs 

at a pressure of ~ 9 GPa and a temperature of 667°C [14,19,20]. The extrapolation of the ω↔β 

phase boundary to a pressure of 0 GPa gives the hypothetical ω↔β transformation 

temperature in theabsence of the α-phase is 470°C[21]. With addition of shear along with 

pressure, the sensitivity of this transformation increases as the activation barrier for α→ω 

transformation with shear decreases [19]. Therefore, with the aid of shear deformation bulk 

nanocrystalline ω-phase can be achieved in pure Ti [22–25] at relatively low pressure. In 

order to alter this transformation Ti must be annealed to a temperature of Tω → α = 150°C 

[22,24].  

 

 
 

2.1.2. Ti–Nb alloys and phase diagrams 
 
It is well known that Ti can form extensive substitutional solid solution with most of the 

elements within variation of about 20% in the atomic size factor [14] and thus enable it to 

form binary (Ti–Zr, Ti–Mo, Ti–V, Ti–Al, Ti–Co etc.), ternary (Ti–Nb–Zr, Ti–Nb–Al, Ti–Nb–Sn, 

Ti–Al–V, Ti–Al–Fe etc.), and quaternary (Ti–Nb–Ta–Zr, Ti–Mo–Zr–Fe, Ti–Mo–Zr–Al etc.) alloy 

systems. These titanium alloys are broadly classified into α, (α+β), and β-alloys depending 

on their alloying content and type of alloying elements. The non-transition metals such as Al 

and interstitial elements such as C, N, and O raise α/β transformation temperature and 

therefore regarded as α-stabilizers [14,26,27]. Similarly, the transition metals raising the 

extent of β-field are considered as β-stabilizers. The β-stabilizers [26] involve two types: β-

eutectoid (the elements which show a limited solubility in the β-phase and decompose into 
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α-phase and intermetallic phases with the elements: Cu, Ni, Cr) and β-isomorphous (the 

elements which are soluble in the β-phase such as Mo, Nb, Ta, W, and V).  

 
 

 
 

Fig. 2.1: The pressure (P) – temperature (T) phase diagram of pure Titanium [14,19,20]. 

 

 

 
For the multicomponent Ti-alloys, the quantification of α-and β-stabilizing elements are 

estimated by [Al]eq and [Mo]eq [14], respectively from the expressions given below: 

 

[Al]eq = [Al] + [Zr]/3 + [Sn]/3+ 10[O]                                (2.1) 

 

[Mo]eq =  [Mo] + [Ta]/5 + [Nb]/3.6 + [W]/2.5 + [V]/1.25 + 1.25 [Cr]  

  +1.25 [Ni] +1.7 [Mn] +1.7 [Co] + 2.5 [Fe]                                       (2.2) 

 

Although Zr and Sn belong to α-stabilizers, the effect towards phase transformation 

temperature is very little and so sometimes referred to as neutral elements. 
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In the Ti–Nb equilibrium phase diagram three phases (liquid L, bcc β, and hcp α) exist 

as shown in Fig. 2.2. Here it is important to mention that the equilibrium phase diagram is 

constructed [28] using regular solution model of Gibb’s free energy by method of CALPHAD. 

Because of the low diffusion rates at temperatures below 600°C, there is a lack of 

experimental data for an accurate experimental assessment of the phase diagram. For an 

example, diffusion coefficient at 500°C decreases by eight orders of magnitude from 20 to 70 

at.% Nb. It indicates that if the equilibrium is achieved at 20 at.% Nb is 3 s at 500°C, it would 

take almost 10 years to reach the equilibrium in the case of 70 at.% Nb alloy [21]. It is also 

very difficult to achieve the β/ (β+α) phase boundary experimentally. This is confirmed by 

the following experiments:(i) the quenching experiments from the β-phase for Nb content 

greater than 28 at.% the β-structure persists in the alloys [28–30] and (ii) the ageing 

experiments at 500°C for 5 months in 50, 60, and 70 at.% Nb alloys does not even yield any 

α-precipitates, only β-phase was observed [21]. The maximum solubility of Nb in α-Ti–Nb is 

estimated as 2.5 ± 0.5 at.% Nb at the temperature range between 600 and 650°C. 

 

There are three metastable phases which occur in the Ti–Nb binary system: two are 

of martensitic types (α’-hcp and α”-orthorhombic) formed during rapid quenching from β-

phase in Ti-rich alloys and another is the ω-hexagonal phase, see Fig. 2.3. Alloys with 

relatively low Nb content (≤ 7.2 at.% i.e. 13.3 wt.% [7,31,32]) favors the formation of the α’-

martensite while for an Nb content larger than 7.2 at.% the α”-martensitic phase forms and 

persists up to the concentration as high as 25.5 at.% Nb i.e. 40.4 wt.% [28,32] upon rapid 

quenching. As the martensitic start temperature Ms-curve is below the ω-start curve Ωs (here 

it is assumed that Ωs coincides with T0β→ω curve) between 14.3 and 25.5 at. % Nb, the α”-

martensite forms if rapidly quenched and ω-phase will form if slowly quenched [21] (see 

Fig. 2.3). 

 

Quenched alloys in the range of 25.5 to 42.7 at.% Nb may contain the ω-phase. 

However, the experimental evidences by TEM observations shows sharp ω-reflections in 

alloys containing 18 to 25 at.% Nb [28,30] and then the concentrations up to 42.7 at% Nb 

weak diffuse reflections and streaking corresponding to ω-phase are seen [32]. The type of 

ω-phase is formed by slow quenching (0.3 to 3°C/s [32]), called as athermal ω. The ω-phase 

can form also during an ageing experiments in the quenched alloys (see the marked region 

in Fig. 2.4) at a temperature of ≤ 425°C by spinodal decomposition of the β-phase, regarded 

as isothermal ω [21,32]. However, ageing experiments carried out at a temperature > 425°C 

result in α-precipitates forming in the β-matrix. Alloys with a Nb content exceeding 42.7 at.% 

Nb only exist in the single β-phase.  
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Fig. 2.2: The calculated Ti–Nb equilibrium phase diagram [28]. The experimental β/(β+α) 

phase boundary matches with that of calculation above 600°C.  

 
 
 

 
 

Fig. 2.3: The calculated T0 curves and experimental Ms curve, adopted from [21]. 
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Fig. 2.4: The calculated metastable ω/β-phase diagram [21]. Marked region (red) 

corresponds to the ageing experiments for the range of composition. 

 

 

 

The formation of phases can be classified into two types: reconstructive and displacive. The 

former type involves the breakage of the atomic bonds and reestablishing a new 

configuration from the previous one. This requires atomic diffusion process to occur. On the 

other hand, transformations of the displacive type involve only small atomic movements 

(typically only a fraction of the interatomic distances) to yield structural changes without 

the need of long range diffusion. Martensitic phase transformations are of the displacive type 

showing co-operative, military-like movements of the atoms to. A martensitic phase 

transformation that does not require a thermally activated atomic motion is denoted 

athermal and cannot be suppressed by rapid quenching [14]. In the Ti–Nb system, depending 

on the Nb content two types of martensitic structures form (α’ and α”). Also athermal ω-

phase forms by a displacive mechanism (see Fig. 2.3). The isothermal ω- and α-phase may 

form as precipitation products from the β-phase depending on the temperature and 

isothermal holding time; following a reconstructive mechanism (see Fig. 2.4). 
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2.1.3. Crystallography and orientation relationship between phases 
 

2.1.3.1. The β-phase 

 

The high temperature phase of Ti–Nb is the β-phase that has a bcc lattice structure (space 

group = Im-3m, Wyckoff position = 2a) containing two atoms in a unit cell with atomic 

positions at (0, 0, 0) and (½, ½, ½). With increasing concentration of Nb the β-phase 

becomes stable at room temperature. The alloys with Nb concentration beyond 25 at.% show 

the β-phase as the main phase [30,33]. The lattice parameters: aβ increases by 0.13×10-4 nm, 

with 1 at.% increase of Nb [34]. 

 

 

 

2.1.3.2. α’and α” lattice structures 

For a martensitic phase transformation (being of the displacive type) the maintenance of 

coherency at the interface between the parent (the austenite) and product phase (the 

martensite) is an essential condition. In other words, the interface between parent and 

product should be the invariant i.e. undistorted and unrotated. For this the requirements 

[14,35] are:  

(i) The lattice deformation or Bain strain causing the change in the lattice structure 

(for an example bcc to hcp) in a way that one of the principal strains would be 

zero; other two are positive and negative by equal amounts.  

(ii) If the condition (i) is not met, a lattice invariant shear (LIS) by slip or twin in the 

product of step (i), provides the undistorted (but not necessarily atomically flat) 

habit plane. When LIS is provided by slip the martensite plate contains only single 

variant of martensitic crystal while twinning yields a laminate of two twin related 

variants in a single martensitic plate. 

A rigid body rotation is required to ensure the undistorted habit plane is unrotated. 

 

To estimate the Bain strain, the lattice correspondence between parent and martensitic 

phases is important to know. The correct choice is made by selecting the one which involves 

the less strain and minimum rotation. 

 

The lattice (Bain) deformation B is given by 

B = [

n1 0 0
0 n2 0
0 0 n3

]                                                                  (2.3) 
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β → α’ transformation 

 
The structure of α’ is hexagonal closed packed hcp (space group = P63/mmc, Wyckoff 

position 2c [36]) is similar to that of α. The unit cell contains 2 atoms with atomic positions 

(0,0,0) and (½, ½, ½). The lattice parameters are almost identical to that of pure Ti [32] and 

influenced slightly by addition of Nb [7]. The lattice correspondence between bcc and hcp 

structure was first purposed by Burgers [37]. He purposed that the basal plane {0001} of α-

phase can be constructed out of a {110}β plane. Close packed directions in this plane (i.e.  

[11̅1]β and [1̅11̅]β for the (110)β plane) correspond to two of the hcp close packed vectors of 

the type <112̅0>α.The third <112̅0>α close packed direction is derived from a <100>β 

direction (see Fig. 2.5).   

 

So the lattice orientation relationship between the β- and the α/α’ -phase is  

 (0001)α || (110)β 

[112̅0]α || [11̅1]β 

The principal lattice strains for the β→α’ transformation are:  

for one variant:                                              n1 = √
3

2
  (

aα

aβ
)                                               (2.4) 

                n2 =  
aα

aβ
                                                           (2.5) 

                                                                               n3 =
1

2
 (

cα

aβ
)                                                    (2.6) 

Substituting the lattice parameters for pure Ti shows that the lattice strains n1, n2, and n3 are 

approximately 1% tensile, 11% tensile, and 11% compression, respectively. 

 

 

 

β→α” transformation 

 

The structure of the α”-phase is C-centered orthorhombic (space group = Cmcm, Wyckoff 

position 4c [38,39]). its conventional unit cell contains four atoms with atomic positions (0, 

y, ¼), (0, -y, ¾), (½, ½+y, ¼), (½, ½-y, ¾), where y is the position of atoms on a (002) plane 

along a [010] direction (Fig. 2.6, for a clear graphical visibility the origin has been shifted by 

(0, y, ¼)[40]). The α″ structure may be viewed as a transition between the hcp and bcc 

structures. By adjusting y, b and c all the three structures can be produced. For example a 

hcp structure can be obtained when y = 1/6 and b/a = √3 and a bcc structure can be 

constructed when y = 1/4 and b/a = c/a = √2 (see Fig. 2.6). Therefore, the lower limit of y 
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value for α”-phase is 0.1666 and the upper limit 0.25. In Ti–Nb cases, this value has been 

estimated to be around 0.18–0.21 depending on composition [7,41]. The lattice parameters: 

aα” increases by 1.364×10-3 nm, bα” decreases by 1.564×10-3 nm and cα”  decreases  by 0.238 

×10-3 nm with 1 at.% increase of Nb [34]. The lattice correspondence arising by the 

transformation of β→α” can be expressed as follows (see Fig. 2.6): 

 

[100]α” || [100]β 

[010]α” || [011]β 

[001]α” || [01̅1]β 

The principal lattice strains for the β→α” transformation are:  

 

for one variant:                                                 n1 =
aα"

aβ
                                                            (2.7) 

                n2 =
bα"

√2aβ
                                                         (2.8) 

                                                                           n3 =
cα"

√2aβ
                                                         (2.9) 

 

 

 

2.1.3.3. The ω-phase and its formation 

 

The ω-phase is a metastable phase that can be generated through application of a a 

hydrostatic pressure to the α-phase in Ti alloys with low β-stabilizer content. In the case of 

pure Ti, the pressure is in the range of 3–9 GPa [16–18,42]). With increasing the content of 

β-stabilizing elements the ω-start pressure (defined as the pressure necessary to nucleate 

the ω-phase) rises substantially [43,44]. Therefore relatively high pressure is required to 

induce the ω-phase from the β-phase [19,44–47]. When the material is processed by the 

shear deformation in addition to a superimposed hydrostatic pressure it reduces the value 

of the ω-start pressure. On the other hand, athermal and isothermal ω-phase can be formed 

during heat treatments; by quenching and isothermal holding (ageing experiments) of β-

phase alloys, respectively. The number density of athermal ω-phase precipitates is generally 

extremely large which suggest the precipitates are very fine (because of no involvement of 

long range diffusion processes). In the isothermal case, the ω-precipitates formed by a 

spinodal decomposition mechanism are rather large and can be of ellipsoidal or cuboidal 

shapes [48,49] depending on the lattice misfit. When the solute is a 4d transition metal such 

as Nb or Mo the lattice misfit is very small leading to ellipsoidal shape. When the solute 
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element is a 3d transition metals (like V, Cr or Mn), a relatively large misfit occurs which 

leads to formation of cuboidal morphology of ω-phase. 

 

The structure of ω-phase is hexagonal (space group = P6/mmm, Wyckoff positions 

= 1a, 2d [19]). This unit cell contains three atoms with atomic positions (0, 0, 0), (2/3, 1/3, 

1/2), and (1/3, 2/3, 1/2). The formation of the ω-phase transformation from α and β can be 

understood considering the lattice correspondence between these phases. This is outlined 

in the following. 

 

 

 

β→ω transformation 

 

The formation of the ω-phase from the β-phase can be explained by a (111)β plane collapse 

model [50–52] i.e. the unit cell of the ω-phase can be created by collapsing two of every three 

(111)β planes in the [111] direction to an intermediate position, retaining the others 

unaffected, as shown in Fig. 2.7.  When the collapse is complete, the ideal hexagonal ω-phase 

forms showing a six-fold rotation symmetry and when it is incomplete the lattice structure 

exhibits trigonal structure (space group = P-3m1). Based on the lattice correspondence the 

lattice parameters of the ω-phase can be expressed in terms of the bcc lattice parameter: 

aω = √2aβ, cω = √3aβ/2. 

 

The orientation relationships between β and ω phases can be expressed as 

(111)β || (0001)ω 

[11̅0]β || [21̅1̅0]ω 

Since there are four possible sets of <111> directions there are four crystallographic 

variants of the ω-structures present in a bcc crystal. 
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α→ω transformation 

 

Two distinct lattice orientation relationships between the α and ω-phases were reported in 

the literature based on the several diffraction experiments [18,19,46,53–55]. 

 

Orientation Relation I (OR I) 

 

(0001)α  || (112̅0)ω and [112̅0]α || [0001]ω 

 

Orientation Relation I (OR II) 

 

(0001)α  || (011̅0)ω and [112̅0]α || [11̅01]ω 

 

These two orientation relationships imply to two distinct mechanisms of the phase 

transformation involving a direct α → ω route and a two stage α→β→ω route. Silcock [53] 

was the first to propose the transformation from α to ω-phase based involving OR I, shown 

in Fig. 2.8 [19]. It involves generation of (112̅0)ω plane from the (0001)α plane by 

displacement of alternate hexagons on (0001)α plane by 0.148 nm (the atoms marked a, b, c 

and d shift to a’, b’, c’ d’). In addition a contraction of ~4.7% along [11-20]α and an expansion 

of ~4.5% along the [1-100]α are necessary for generation of a ω-unit cell. The two stage 

transformation involving α→β→ω route was first proposed by Usikov et al. [18] based on 

orientational relationship (OR II). Later this route was also reported by Vohra et al [46] while 

investigating the high pressure experiments on various concentration of solute atom V in the 

case Ti–V alloys. It is concluded that addition of V atoms is responsible for retention of 

intermediate β-phase.  

 

The orientation relationships for this transformation [19]: 

 

Variant I:   (0001)α  || (011)β || (112̅0)ω and [112̅0]α || [111̅]β || [0001]ω 

 

Variant II:   (0001)α  || (110)β || (011̅1)ω and [101̅0]α || [1̅11]β || [1̅011]ω 
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Fig. 2.5: The orientational relationships for β→α transformation: (a) bcc β-phase structure highlighting most close packed plane, 

(b) distorted hcp α-phase (lattice parameters: cα =√2aβ and aα =√3/2 (aβ), cα/aα = 1.633) constructed from bcc phase, and 

(c) one unit cell of α-phase (cα =√2aβ and aα >√3/2 (aβ), cα/aα < 1.633).  
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Fig. 2.6: Representation of Orthorhombic lattice structure: (a) as formed from the HCP lattice 

structure, (b) as formed from bcc unit cells, and (c) one unit cell of orthorhombic α”-

martensite; the y indicates the position of atoms on (002)α” plane in [010]α” direction. For 

better visibility the origin has been shifted by (0, y, ¼) [7]. 
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Fig. 2.7: The β-bcc to ω-hexagonal phase transition in steps: (a) bcc lattice structure, (b) and 

(c) show stacking of (111) planes in 3D space, (for visibility it is rotated in (c)), (d) bcc unit 

cell showing stacking of (111) planes in [111] direction, with the position of the planes 

indicated as 0,1,2,3; (e) ideal hexagonal ω-unit cell showing complete collapse of the planes 

of 1 and 2 to the intermediate position of 1.5. The lattice parameters of hexagonal ω-phase 

are related to that of bcc β phase as 𝑎𝜔 = √2𝑎𝛽 , 𝑐𝜔 = √3𝑎𝛽/2. 

 

 

 



16 | P a g e  

 

 

 

Fig. 2.8: The lattice correspondence between α and ω-phases [19]. The atoms shift from 

positions of a, b, c and d on the (0001)α plane, to those of a’, b’, c’, d’ to form (11-20)ω plane. 

The contraction along [11-20]α and an expansion along [1-100]α are required to generate the 

ω-unit cell. 
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2.1.4. Mechanical properties and applications of Ti–Nb based alloys 
 

Exploiting different phases existing in the stable and metastable phase diagrams through 

proper selection of heat treatments and mechanical processing it is possible to control the 

mechanical properties owing to different microstructures and dislocation densities. In 

particular the mechanical properties such as Young’s modulus E and the mechanical strength 

H are of interest while considering the material for biomedical applications in addition to 

excellent biocompatibility [11,56–59] and high corrosion resistance [10–13,60]. The E of the 

alloy close to that of human bone (E = 4–30 GPa depending on the type of the bone and 

direction of measurement [6,61]) is an important criterion since this facilities the easy stress 

transfer between human bone and implant (i.e. minimization of stress shielding effect [5]) 

which is required for the bone cells to be alive near to the implant. The Young’s moduli of 

different orthopaedic alloys are summarized in Fig. 2.9. 

 

Currently Pure Ti and Ti–6Al–4V (Ti64, α+β-microstructure) are the most 

commercially used orthopaedics in biomedical applications (see Fig. 2.10). Although their E 

values (ETi64 = 110 GPa  and ETi = 100 GPa [6,10]) are far less than other biomaterials such 

as stainless steel (E = 206 GPa [10]) and Co–Cr based alloys (E = 240 GPa [10]), these values 

are still about 3 to 4 times higher than that of human bone. Therefore, there is a necessity of 

a search of novel materials with even lower modulus. 

 

Recently β-Ti alloys [8,34,62–73] containing high concentration of β-stabilizing 

elements have received increased attention because of lower Young’s modulus (most 

materials falls in the range of E = 55–85 GPa [10]). This low value of E in β-bcc metals and 

alloys is mainly the cause of an anomalously low value of C’= (C11–C12)/2 which corresponds 

to the shear modulus associated with a shear deformation occurring on a {110} plane in a 

<1̅10> direction [62,74] (see Table 2.1, C11, C12 and C44 are the elastic constants of the bcc 

lattice structure). In other words, a bcc lattice structure shows a rather low resistance with 

respect to a {110} <1̅10> shear deformation since, to a first approximation, this shear does 

not change the distance between next nearest atoms. Also the bcc structure shows a 

relatively low value of the shear modulus C44 (corresponding to a shear deformation on a 

{100} along a <001> direction) with respect to that of fcc lattice systems (see Table 2.1). 

The value of C’ is also related to the phase stability of bcc lattice structure and depends on 

e/a ratio (e/a denotes the number of valence electrons per atom and depends on the outer 

d + s orbital electrons in a free atom configuration), C’ becomes a very value when the e/a 

ratio is in the range of 4.20–4.24 [75]. 
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Knowing the elastic constants Cij, the Young’s modulus E and the shear modulus G of 

a polycrystalline cubic material can be calculated e.g.. by using the Voigt approximation [76] 

corresponding to the upper limit of the values E and G. This is expressed as: 

E =
(C11− C12 +3C44)(C11+2C12)

2C11+3C12+C44
            and          G =

C11− C12 +3C44

5
                 (2.10) 

 

Fig. 2.9: The Young’s moduli of various orthopaedic alloys [6]. 
 

 

 

Table 2.1: Comparison of C’, C44 and anisotropy factor A = C44/C’ for cubic systems. 

 

Material [at.%] C’ (GPa) C44 (GPa) A
  

Ti–22Nb–6Ta [62] 8 21.3 2.7 
Ti–30Nb [9] 13.7 33.1 2.3 
Ti–23Nb–0.7Ta–2Zr–1.2O [77] 16.0 28.0 1.7 
Ti–Ni [62] 17–19 35–39 2 
Ni–Al [78] 14.6 132 9 
Ni [62] 49.6 124.7 2.5 
Fe [62] 47.8 112 2.3 
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Fig. 2.10: The implants that are used for in-vivo orthopaedic surgery and dentistry [79]. 
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In the case of Ti–Nb, studies on quenched alloys show that E and G strongly depend 

on the Nb content following a W shaped curve having two local minima at about 15 wt.% (~8 

at.%) and 42.5 wt.% (~27 at.%) Nb (see Fig. 2.11). These minima correspond to Ti–Nb alloys 

with containing α”-orthorhombic martensite and the β-bcc phase, respectively [8,80]. The 

highest values of E and G are observed for the alloy containing about 30 wt.% (~18 at.%)of 

Nb. This is attributed to the formation of athermal ω-phase (high modulus phase) along with 

α” phase during quenching [80]. Further increase of the Nb content up to 42.5 wt.% Nb 

shows a drop in values due to increasing volume fraction of β-phase, despite of the fact that 

isothermal ω-phase forms during ageing [29]. Beyond 47 wt.% of Nb there is increase of the 

moduli with increasing Nb content approaching the values of pure Nb (E =104 GPa, G = 38 

GPa) [30]. The single ω-phase in bulk form is obtained only either under high pressure 

[43,44] or during severe plastic deformation [31]  but never achieved in bulk form under 

ambient pressure during heat treatments. The E value for the bulk ω-phase has been 

reported to be about 130 GPa [25,31]. The value of E for single crystalline β-Ti–45.0 wt.% Nb 

is about 65 GPa [9]. In the case of Ti–Nb alloys containing single α” and α’ phase in bulk forms 

the values of E are ~65 [8,31] and ~97 GPa [31]. The E values for different phases can be 

summarized as Eω >Eα’>Eα”>Eβ [4]. 

 

In the case of Ti–Nb, studies on quenched alloys show the E and G dependence over 

Nb content follow a W shaped curve having two local minima at 15 wt.% (~8 at.%) and 42.5 

wt.% (~27 at.%) Nb (see Fig. 2.11) corresponding to α”-orthorhombic martensitic and β-bcc 

phase, respectively [8,80]. The highest values of E and G are observed for the alloy containing 

30 wt.% (~18 at.%)of Nb attributed to the formation of athermal ω-phase (high modulus 

phase) along with α” phase during quenching [80]. Further increasing of Nb content up to 

42.5 wt.% Nb show a drop in values due to increasing volume fraction of β-phase, despite of 

the fact that isothermal ω-phase forms during ageing [29]. Beyond 47 wt.% of Nb, moduli 

increase and approach towards to the values of pure Nb (E =104 GPa, G = 38 GPa) [30]. This 

behavior of moduli is both function of present phases and potential gradients between 

atoms. The single ω-phase in bulk form is obtained only either under high pressure [43,44] 

or during severe deformations [31]  but never achieved in bulk form under ambient pressure 

during heat treatments. The E value for the bulk ω-phase has been reported to be about 130 

GPa [25,31]. The value of E for single crystalline β- Ti–45.0 wt.% Nb is about 65 GPa [9]. In 

the case of Ti–Nb alloys containing single α” and α’ phase in bulk forms the values of E are 

~65 [8,31] and ~97 GPa [31]. The E values for different phases can be summarized as Eω 

>Eα’>Eα”>Eβ [4].  
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Fig. 2.11 Compositional dependence of the Young’s modulus (E) and shear modulus (G) 
[8,80,81] of Ti–Nb. 
 

 

 

Another important aspect while considering the material for orthopaedics is the high 

strength in combination with low E. The mechanical strength H of α”-Ti–Nb, β-Ti–Nb (both 

showing a low value of E = ~65 GPa, see Fig. 2.11), Ti–13Nb–13Zr (E =77 GPa [6]) alloys are 

less than conventional biomaterials such as stainless steel (H = 2.0  GPa [82]), Co–Cr based 

alloy (H = 3.2 GPa [83]), pure Ti (H = 1.5 GPa [71]) and Ti–64 (H = 3.3 GPa [10,84]), etc. 

Therefore a method should be developed to enhance the strength without increasing the 

value of E. The strength β-type Ti–Nb alloys can be enhanced by the ageing treatment [49,85]. 

However, this is frequently associated with formation of fine precipitates of isothermal ω-

phase causing increase of the Young’s modulus [29,49,86]. On the other hand, processing 

metals and alloys through severe plastic deformation (SPD) is well known to enhance 

mechanical properties [1,2,87,88]; especially strength which can be substantially increased 

by grain refinement due to the Hall-Petch relation and introduction of a high density of 

defects while maintaining the Young’s modulus unless there is SPD induced change of the 

lattice structure. An overview of the mechanical properties in relation to SPD on Ti and Ti–

Nb based alloys are presented in the section 2.2.4. 
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2.2. Nanostructured materials by Severe Plastic Deformation 
 

2.2.1. Synthesis of Ultrafine–grained and Nanocrystalline Materials 
 
The control over the microstructure and grain size offers a pathway to design the materials 

for specific properties. In particular grain sizes in the range 100 nm–1µm (ultrafine-grained 

materials) and smaller than 100 nm (nanocrystalline materials) can show an excellent 

combination of physical and mechanical properties compared to their coarse grained 

counterparts. 

 
Obtaining ultrafine/nano-grained materials in the bulk has been a subject of great 

interest for a long time. In general, there exist two complementary approaches to obtain such 

a material denoted as “bottom-up” and “top-down”. The bottom-up approach starts with 

individual atoms/molecules as building blocks and assembles them to form bulk material 

[89,90]. It includes techniques such as inert gas condensation [91], physical vapor deposition 

[91], electro-deposition [92], etc. In the case of top-down approach, grain refinement occurs 

through successively breaking up the coarse-grained structure of bulk materials into smaller 

grains using corresponding effects of severe plastic straining. This approach is represented 

best by the so called “SPD” (=Severe Plastic Deformation) techniques. 

 

 

 

2.2.2. Severe Plastic Deformation 
 
According to the literature [1–3], Severe plastic deformation – SPD  is defined as a materials 

forming process in which exceptionally large strains can be imposed to the bulk sample 

without a significant change in  overall dimension of the work piece [93]. The deformation is 

maintained because of the permanent application of an hydrostatic pressure of about 1 GPa 

or more which prevents from the formation of cracks. The hydrostatic pressure also favours 

the storage of lattice defects [94] especially of dislocations most of which arrange as new 

grain boundaries thus achieving an ultrafine grained or even nanocrystalline structure. 

 

There exist different SPD techniques, like high-pressure torsion (HPT) [95–97], Equal 

channel angular pressing (ECAP) [98,99], rolling and folding (R&F, a modified form of 

accumulative roll bonding [100,101]), hydrostatic extrusion (HE) [102], and others.  
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2.2.2.1. High-Pressure Torsion 

 
The concept of plastic deformation by combination of torsion and pressure was first 

proposed by Bridgman [95]. In the nineties, it has been modified to achieve HPT under 

mostly  hydrostatic pressure as this method is  used for current state-of-the-art research (see 

Fig. 2.12) [2,96,97]. In HPT, a disc shaped specimen is held between cavities of two anvils 

and strained under torsion in addition to a high hydrostatic pressure (typically in the range 

of 4-10 GPa). In a first approximation, the deformation can be considered as a simple shear. 

For a successful HPT experiment, sufficient friction between the sample and anvil surfaces 

has to be maintained to avoid the sliding of the specimen during deformation. Therefore, 

some micro-roughness on both sides of the specimen and the cavities of anvils must be 

achieved by sand blasting. In an idealized case the thickness of the specimen should be 

constant throughout of the deformation (see Fig. 2.12 (a)). However, in real case (see Fig. 

2.12 (b)) some amount of the material flows out of the cavities as the height of the sample is 

slightly higher than the combined depth of the cavities and thus the thickness of the 

specimen slightly gets reduced. The von Mises strain ε is given by the relation 

 

ε =
2πrN

√3te
                                                             (2.11) 

 
where r, N and te  are the radius of the sample, the number of rotations applied during the 

deformation, and the final thickness of the sample, respectively. 

 
 

 
 

Fig. 2.12: Schematic of high-pressure torsion equipment: (a) Idealized and (b) practical set-

up in current use [96]. 
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2.2.2.2. Rolling and Folding 

 

Rolling and folding (R&F) processes are often employed to produce bulk ultra-/nano-

structured materials [103]. This is a slightly modified form of well-known ARB technique 

(accumulative roll bonding) [100] in which the stacking step in ARB is replaced by the 

folding step (see Fig. 2.13). At first the material is cold rolled to a desired thickness in 

multiple steps, then cut into two equal halves and folded one above another without any 

surface treatment and wire brushing (this step is an essential step in ARB). After that these 

folded strips are again subjected to rolling until the combined thickness reduced to half. The 

two strips of material join together by mechanical bonding during rolling. In principle this 

procedure can be repeated unlimitedly, so that a large amount of plastic strain can be applied 

to the material. Taking into consideration the von Mises yield criterion and assuming no 

lateral spreading of the rolled material, the von Mises strain ε can be expressed as follows 

[103]: 

 

ε =
2

√3
ln (

t0

te
)                                                           (2.12) 

 

where t0 and te are thickness of the material before and after rolling, respectively. 

 

 

 

 
Fig. 2.13: Schematic of rolling and folding (R&F) process. 
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2.2.2.3. Hydrostatic extrusion 

 

The method of hydrostatic extrusion (HE) was invented and patented by James Robertson 

[102]. The principle of HE process is depicted in Fig. 2.14. In this process the medium (e.g. 

oils, waxes, melted polymers, and molten glass) surrounds the work piece which is held in 

the sealed chamber. When the ram advances the medium is compressed and the hydrostatic 

pressure in the chamber builds up. When this pressure is sufficient enough the work piece 

starts to deform and extrudes out through the die. For HE, the von Mises strain ε is identical 

to true strain, can be calculated from the formula [102]: 

 

ε = 2 ln (
Ds

Df
)                                                         (2.13) 

 

where Ds is the starting diameter and Df is the final diameter of the work- piece. 

 

 
 

Fig. 2.14: Schematic of hydrostatic extrusion (HE) process, adopted from [104]. 

 

 

 

2.2.3. Stages of deformation and structural fragmentation during SPD 
 

The hardening curves during deformation of the single crystals or polycrystalline samples 

must be represented by the resolved shear stress (τ) vs. ressolved shear strain (γ) curves. 

This way, the hardening effects arising from geometric and texture effects are eliminated. 

The τ and γ can be calculated for a polycrystal according to the relation τ = σ/<M> and γ = 

ε<M>, where σ is the true stress, ε = true strain and <M> is the average Taylor factor. For 

a non-textured polycrystalline fcc metal,  M = 3.06 [105,106]. The hardening behavior of the 

material is the result of the increasing defect density e.g. dislocations and the grain 

refinement occurring during the deformation process. The accumulation of dislocations, 

their arrangements, and interactions  along with the grain refinement in a polycrystalline 
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specimen exhibit a complex phenomenon as a consequence of grain-grain interaction caused 

by different material processing parameters like strain, strain rate, pressure, and 

temperature during a certain type of deformation process [107]. This refinement process 

can be framed via deformation induced dislocation boundaries [108–111] formed during 

different stages of the hardening curves. 

 

The different stages of the hardening curve for a polycrystalline samples are clearly 

seen from Fig. 2.15. In this curve the stage I is not seen as this stage is limited to single slip 

activity in the single crystals. This stage is referred as the “easy glide regime”. The onset of 

the stage II is caused by the activation of the secondary slip systems both in single and 

polycrystalline samples. The dislocations interaction leads to the linear work hardening 

[112]. The stage III also termed as “parabolic hardening stage” is characterized by the 

increase of the strength. However the rate of work hardening decreases due to the thermally 

activated cross-slip process of the screw dislocations which results the dynamic recovery 

[106]. The stage III is affected by the strain rate and temperature [113]. With strain during 

deformation the density of dislocations rises. These dislocations are not randomly stored in 

the microstructure; but assembled to form different kinds of dislocation boundaries. These 

boundaries subdivide an initial grain to sub-grains (cell-blocks) and ordinary dislocation 

cells. During stage II and III i.e. for small to medium strain (ε = 0.06–0.8), these boundaries 

are classified into two types such as geometrically necessary boundaries (GNBs) and 

incidental dislocation boundaries (IDBs) [109,110], see Fig. 2.16. The GNBs are formed 

between regions of different strain patterns due to individual geometric deformation 

conditions, separating the crystallites. IDBs are formed by statistical trapping of glide 

dislocations because of mutual interaction or interaction with dislocation forest. They divide 

cell-blocks further down to cells (Fig. 2.16 and Fig. 2.17). The cells are separated by cell walls. 

At the end of the stage III the cell walls becomes thick containing dislocation dipoles/multi-

poles enclosing cell interior regions with small dislocation density [112,114]. 

 

Still, there are no distinct misorientations between the cells. These only occur in the 

stages IV [114,115] and V when strains γ >1 are imposed to the material. During  stage IV  

the density of polarized dislocations within the cell walls start to dominated being the reason 

for the rising misorientation across the cell wall [114]. Thus, cell walls gradually develop to 

high angle boundaries during deformation. Further, coalescence of different dislocation 

boundaries might also evolve into lamellar boundaries (LBs), see Fig. 2.17.  

 

In stage V, the saturation of the stress  is achieved. The saturation comes from the 

occurrence of dynamic dislocation recovery which increases until the annihilation of edge 

dislocations balances its generation [88]. As this dynamic dislocation recovery  depends on 

the processing temperature, strain rate, hydrostatic pressure, and the alloying content, stage 

V clearly depends on these parameters, too. The situation is analogous to that known from 
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steady-state creep where the dislocation density is constant. As the edge dislocations are 

part of the grain boundaries, the grain size gets saturated as well [107]. It should be noted 

that for some special cases of materials  containing nanograins, grain coarsening might occur 

upon SPD when its parameters - due to dynamic recovery – achieve a grain size larger than 

that before SPD (see e.g., the case of  electrodeposited Ni where SPD processing induced 

some grain coarsening [116]).  

 

 

 

 
 

Fig. 2.15: (a) Scheme of stages in work hardening curve and (b) in work hardening rate plot 

for polycrystalline samples [117]. 

 

 

 



28 | P a g e  

 

 
 

Fig. 2.16: Transmission electron micrograph of pure Ni (99.99%) cold rolled to a reduction 

of 20%. The top of the figure shows tracing of underlying and adjacent micrographs 

representing cell block structure composed of GNBs and IDBs.  Long GNBs (i.e. microbands: 

MBs) are parallel to {111} slip planes and inclined to the rolling direction, taken from [110]. 

 

 

 

 
 

Fig. 2.17: Sketches of deformation induced dislocation boundaries: (a) for small to medium 

strain (γ = 0.06-0.8), dense dislocation walls (DDW) surrounding the cells in the cell blocks 

(its boundary is of the type GNBs) and long microbands form; (b) for large strain (γ > 1) 

deformation in the case of rolling, lamellar boundaries (LBs) parallel to deformation 

direction [109]. 
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As shown by a series of papers by N. Hansen’s group [109,110,118], for a quantitative 

description of the strength of SPD processed materials, one can  simply  consider the 

different structural elements which resist to dislocation motion, and sum up their individual 

strength contributions which can be taken from existing theories.  These structural elements 

can be other dislocations, vacancy type defects, grain boundaries, solute atoms, particles, 

precipitates, etc. Then the total yield strength can be written as:  

 

σYS = (σ0 +  αMGb√ρ) + kd−0.5                                            (2.14) 

where σ0 denotes the strength of the undeformed single crystal and the second part the 

Taylor’s relation [119] with ρ as the dislocation density, M the Taylor factor, G the shear 

modulus, b as the Burgers vector, and α as the interaction parameter representing the 

arrangement of the dislocations (varying from 0.2 to 0.5). The third part means the relation 

of Hall & Petch [120,121] with the dependence on grain size d; k is the materials speficic Hall-

Petch coefficient. The misorientations between grains is thought to be 10° at minimum which 

cannot be overcome by the mobile dislocations). 

The strength of the material including large plastic strains has been successfully simulated  

by fundamental constitutive models [72,112,122–124] in terms of fractions fw  of hard cell 

walls (areas of edge dislocations) and soft cell interior/channels fc (areas of screw 

dislocations). The total resolved shear stress (�̂�) is given by: 

τ̂ =  fwτ̂w +  fcτ̂c                                                    (2.15) 

where τ̂w and τ̂c corresponds to shear stress of edge and screw dislocation areas, 

respectively, with volume fractions related as fw + fc = 1. To maintain the coherency of the 

crystal, the total resolved shear strain has been assumed to  be identical to both that of edge 

and that of screw areas, thus γ =  γw = γc. Zehetbauer et al [94] have extended their model to 

the case of SPD by introducing the hydrostatic pressure and its restricting effect to diffusion 

i.e. to dynamic recovery/recrystallization and/or annihilation of edge dislocations. 

Sulkowski et  al [72]showed how this concept can be used to predict the structural evolution 

during SPD as well.  
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2.2.4. Effect of SPD on mechanical properties in Ti and Ti-based alloys 
 

This section gives an overview of the mechanical properties (strength and Young’s modulus) 

of SPD processed ultra/nano-structured Ti and Ti-based alloys. Concerning the strength, this 

can be markedly increased due to the drastic decrease of the grain size and the marked 

increase of the dislocation density during SPD, see eq. 2.14. In contrast to the strength, the 

Young’s modulus is rarely changed unless there is a phase transformation or a change of the 

texture. The increase of the strength can be affected by the deformation strain applied, the 

processing temperature and the strain rate, as well as by the hydrostatic pressure [94]. Also 

the type of SPD process plays some role in the resulting of micro/nanostructure and 

therefore the mechanical properties. 

 

In the case of pure Ti (α-phase) E ~ 100 GPa [10] after application of ECAP (6 passes, 

route BC) at 410°C the E value hardly changes, however the UTS value in the grade 2 Ti 

increases from 400 to 664 MPa [125,126]. Further rolling increases UTS to 985 MPa [127]. 

During the process the grain size reduced from 100 µm to 0.3 µm. In the case of HPT, 

however, there could occur an effect of hydrostatic pressure in addition to the shear strain. 

It was reported that there is no change of phase during HPT performed at pressures below 

4 GPa [22]. The ultimate tensile strength (UTS) value increases to 900 MPa. When the HPT 

processing is performed at a pressure > 4 GPa the ω-phase appears showing a high strength 

(UTS=1170 MPa) [22] and E value (single phase ω-phase has E value of about 130 GPa [25] 

. The grain size refines to an average value of 150 nm. Similar values of strength and grain 

size were reported by various authors with slight scatter [23,24]. HE deformation of pure Ti 

with an accumulative strain of about 5.5 induces significant grain refinement in Ti down to 

47 nm and a remarkable increase of UTS from 480 to 1320 MPa [128,129]. 

 

Recently more research works have been focused on β-Ti–Nb based alloys because of 

their intrinsically low E. With the aim to increase the strength of the binary [72,130], ternary 

[63,131,132], and quaternary β-type Ti–Nb-based alloys [70,71,76,133–137], they were 

subjected to different SPD techniques. Depending on the β-phase stability, SPD of β-Ti–Nb-

based alloys may cause a pronounced change in the phase structure [64,71] or can yield only 

minor volume fractions of deformation induced phases such as of stress induced α”-

martensite [133] or the ω-phase [137,138]. There is a large scatter in the observed data of E 

and strength depending on the alloy, heat treatment and type and parameters of the SPD 

deformation. Some examples are mentioned in the following. The lowest E value of 43 GPa 

was reported for the cold rolled (89% of thickness reduction) β-type titanium alloy Ti–

35Nb–4Sn (in wt.%) [63]. The lowering of E value measured by tensile test was attributed 

to the texture of the parent β-phase and stress induced α”-martensite ((200)α” [010]α” and 

(001)β [110]β, respectively) The strength increases from a UTS value of about 500 MPa to 

680 MPa [63]. In the case of Ti–36 Nb–2Ta–3Zr-0.3O (wt.%) alloy (known as “Gum Metal”), 
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the coarse-grained structure shows a E value of about 65 GPa and a UTS of about 750 MPa 

[139]. A cold-swaging processing causes an increase of the strength to a value of 1.2 GPa and 

E value decreases to around 40 GPa [139,140]. The HPT deformation at pressure of 6 GPa 

with N = 10 shows similar UTS values with an E value of 65 GPa [70,71]. The strength 

achieved is quite close to ideal strength of 1.7 to 1.9 GPa (calculated from the elastic 

constants [77,141]). Therefore it is argued that this high strength is due to the dislocation 

free mechanisms of plasticity such as macroscopic shear deformation termed as “giant 

faults” or the formation of nano-sized ω-precipitates [138,142]. However despite of many 

research works [75–77,134] the real potential deformation mechanism is not yet completely 

understood. 

 

Near β or (α+β)- Ti–Nb alloy: The Ti–13Nb–13Zr (compositions in wt.%) alloy is 

studied more extensively in the literature. The properties like wear and corrosion resistance 

by tailoring of the microstructure by various thermo-mechanical processing have been 

reported [60,143,144]. However, the investigations of the mechanical properties with 

respect to SPD are limited. The effect of warm rolling on the UTS and E was reported in [145]. 

The E value after warm rolling is about 78 GPa nearly same to that of undeformed case and 

UTS increases from 900 to about 1030 MPa [145].  
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3. Experimental procedures 
 

3.1. Materials 
 
The two alloys: Ti–16.1 wt.% (~9.2 at.%) Nb and Ti–45 wt.% (~30 at.%) Nb were selected 

for the present dissertation work.  In their coarse grained stage these binary alloys show an 

E value of about 65 GPa (see Fig. 2.11). 

 

Samples of Ti–16.1 Nb alloy were obtained from IFW Dresden, Germany. High purity 

Ti (99.7 %) and Nb (99.8%) were used to prepare the ingots of Ti–16.1 Nb alloy in the arc 

melting furnace under Ar-atmosphere. These ingots were melted five times to ensure 

complete dissolution of Nb into Ti. After that these ingots were subjected to cold crucible 

casting method in order to obtain a rod of 10 mm in diameter. To achieve optimal chemical 

homogeneity, as-cast rod was homogenized in single β-phase field at a temperature of about 

10000C for 24 hours followed by water quenching (WQ). Hereafter, these samples are 

denoted as WQ and treated as starting material. 

 

The starting material for Ti–45.0 Nb alloy was a hot hydrostatic extruded bar received 

from ATI Wah Chang, Alabama, USA. Hereafter the starting material is denoted by INI. The 

chemical composition of INI is listed in Table 3.1 

 

Table 3.1: Chemical composition of INI bar of Ti–45.0 Nb (wt.%). 

 

Composition Nb Fe Cr Mn Mg Si K Na O N Ti 

 44.94 <0.03 <0.01 <0.01 <0.01 <0.1 <0.01 <0.01 0.095 0.007 balanced 
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3.2. Alloys subjected to SPD 
 

3.2.1. High Pressure Torsion 
 

From the rod of homogenized WQ Ti–16.1 Nb, the discs of about 0.85 mm in thickness and 8 

mm in diameter were prepared by spark erosion and subjected to high pressure torsion 

(HPT) (see Fig. 3.1) applying a pressure P = 4 and 8 GPa and N = 1, 5, and 10 rotations (see 

Table 3.2). Similarly in the case of Ti–45 .0Nb, the samples were cut from INI sample as 

shown in Fig. 3.2 and were subjected to HPT applying P = 4 GPa for N = 1, 5, and 10 rotations 

(see Table 3.3) These specimens are denoted as HPT-P-N, where P gives the value of the 

pressure in GPa and N the number of rotations. The rotation speed in all the cases is 

maintained to 0.2 rpm (revolutions per minute). 

 

 

Table 3.2: Summary of HPT experiments carried out at room temperature (RT) in the case 
of Ti–16.1 Nb. The von Mises strain (ε) is calculated for edge of the HPT discs. 
 

Specimens Initial thickness 
(mm) 

Finalthickness 
(mm) 

ε 

WQ 0.86 0.86 0 
HPT-4-1 0.83 0.60 24 
HPT-4-5 0.86 0.60 120 
HPT-8-1 0.86 0.59 25 
HPT-8-5 0.84 0.56 130 
HPT-8-10 0.87 0.49 296 

 

 

Table 3.3: Summary of HPT experiments carried out at RT in the case of Ti–45.0 Nb. The von 
Mises strain (ε) is calculated for edge of the HPT discs.  
 

Specimens Initial thickness 
(mm) 

Final thickness 
(mm) 

ε 

Initial (INI) 0.81 0.81 0 
HPT-4-1 0.82 0.49 30 
HPT-4-5 0.82 0.44 165 
HPT-4-10 0.81 0.43 337 
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Fig. 3.1 (a) The high pressure torsion facility of the Research Group Physics of 

Nanosstructured materials, University of Vienna and (b) the specimens after processing.  

 

 

 

 

Fig. 3.2: Sketch showing samples taken from the INI bar for severe plastic deformation (SPD) 

processing. ED: extrusion direction, RaD: Radial direction, ND: normal direction, TD: 

transverse direction, RD: rolling direction, SPN: shear plane normal, and SD: shear direction. 
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3.2.2. Rolling and Folding 
 

In the case of Ti–16.1 Nb alloys, the discs were subjected to rolling and initially reduced to 

0.25 mm in multiple steps (it involves no folding (F) of the sample, counted as one effective 

rolling step, R). After that the strip was folded and rolled until the combined thickness 

reduced to half.  This process is repeated to induce plastic strain into the material. These 

specimens were denoted by R&F-R, where R is the number of effective rolling steps and R = 

F+1. In the case of R = 1, 3, 5, and 7 (see Fig. 3.3), the von Mises strain ε was calculated using 

eq. 2.13 and are 1.1, 3.3, 4.4, and 6.0, respectively. In the case of the Ti–45.0 Nb alloy, the 

rectangle shaped samples were cut from the initial bar with the rolling direction parallel to 

the radial direction of the INI sample (see Fig. 3.2 and Fig. 3.4). In the case of R = 1, 3, and 5, 

samples were investigated further (the von Mises strain, ε is 1.5, 3.0, and 4.8 for R = 1, 3, and 

5, respectively). 

 

 

 

 
 

Fig. 3.3: Selected specimens of Ti–16.1 Nb processed by R&F.  

 

 

Fig. 3.4: Selected specimens of Ti–45.0 Nb alloy processed by R&F.  
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3.3. Ti–Nb based alloys subjected to hydrostatic compression 
 

Specimens of the Ti–16.1 Nb and Ti–45.0 Nb alloys were subjected to hydrostatic 

compression at a constant pressure (see Table 3.4). This hydrostatic pressure is achieved by 

compressing the discs in the HPT anvils without rotating them. These samples are 

represented as HP-P (HP - hydrostatic pressure; P - value of the pressure). The true 

compressive strain C = ln (
𝐭𝟎

𝐭𝐞
) (indentical to von Mises strain ε for uniaxial compression) 

was calculated; where t0 and te are initial and final thickness of the specimen, respectively.  

 
 
 
Table 3.4: Ti–Nb alloys subjected to hydrostatic compression experiments. 

 

 Specimens Initial thickness 
(mm) 

Final thickness 
(mm) 

ε 

Ti–16.1 Nb HP-1 0.85 0.84 0.011 
 HP-4 0.83 0.81 0.024 
 HP-8 0.86 0.83 0.034 
Ti–45.0 Nb HP-4 0.83 0.81 0.024 
 HP-8 0.84 0.82 0.023 

 

 

 

3.4. X-ray diffraction 
 

X-ray diffraction (XRD) technique is a non-destructive method, generally utilized to 

determine the structural parameters and to identify the crystalline phases by knowing the 

corresponding characteristic Bragg peaks in the diffractogram. This also extends to the 

Rietveld procedure to quantify the phase fractions in the multiphase systemand its 

applications include determination of the orientation (texture), of the crystallite size, and of 

dislocation density in the material, etc. These methods are described in the corresponding 

sections.  

 

 The structural investigations of both alloys were carried out by XRD using Cu-Kα 

radiation (λ = 0.15406 nm) with a spot size of 0.8 mm in an AXS BRUKER D8 diffractometer 

in reflection geometry. Also some of the samples were also subjected to synchrotron 

radiation with an energy of 50 KeV (λ = 0.0248 nm) at the PETRA–III facility, Hamburg, 

Germany. To know the thermal stability phases in HPT processed Ti–16.1 Nb (P = 8GPa, N 

=10) the samples were also subjected to in-situ diffraction experiments from RT to 800°C 
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with a rate of 10°C /min, respectively at the ID11 beam-line (energy of 60 keV i.e. λ = 

0.02068 nm and spot size of 50 µm × 50 µm) at the European Synchrotron Radiation Facility 

(ESRF), Grenoble, France. In order to measure the rate of change of temperature of the 

heating stage “Linkam” was calibrated using melting points Tm of the standard samples such 

as Sn (Tm = 232°C, Tmeasured = 263°C), Zn (Tm = 420°C, Tmeasured = 518°C) and Al (Tm = 660°C, 

Tmeasured = 838°C) and allotropic transformation temperature of Ti (Tα→β = 882°C, 

T(α→β)measured = ~1000°C). The obtained 2D diffraction patterns were processed and 

integrated through the FIT2D [146] software.  

 

 

 

3.5. Rietveld refinement method 
 

The Rietveld refinement technique was developed by Rietveld [147,148] and is usually 

applied to the neutron/X-ray/synchrotron diffraction data. The primary purpose of this 

method is to refine the structural parameters of individual phases and to quantify the phase 

fractions in the material by fitting the calculated intensity profile yi,c with 

measured/observed diffraction data yi,o. The i refers to the points in the pattern. The 

equation of the calculated intensity can be written as  

 

yi,c = yi,b + ∑ ∑ Gi,k 
P Ik

ki
p

k=ki
pp                                        (3.1) 

 

where yi,b is the background intensity, Gi,k is a normalized peak profile shape function, Ik is 

the intensity of the kth  Bragg reflections and the p corresponds to phase present in the 

sample. 

 

The intensity Ik is given by the equation 

 

Ik = SMkLk|Fk|2PkAkEk                                            (3.2) 

 

where S is the scale factor, Mk, Lk, Pk are the multiplicity factor, Lorentz polarization factor, 

preferred orientation parameter [149], respectively. Ak [150,151] and Ek [152] are the 

absorption and extinction correction factor. Fk is the structure factor. 

 

Besides the background contribution, the calculated intensity value largely depends 

on the structure factor and multiplicity. The background contribution to the intensity is a 

significant factor and should be refined with care. The background level can be estimated 

either by linear interpolation of the base points between the peaks and then subtracted, or 
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can be modeled with different polynomial functions [153] depending on the complexity of 

the pattern. To get a satisfactory refinement the peak shape function has to be accurately 

described. The peak shape of a reflection is a function of material (crystallite size, lattice 

strain) and instrumental parameters (radiation, slit width, detector, etc.). Usually one 

applies the pseudo-Voigt peak shape function to the X-ray diffraction data.The peak profile 

shape function Gi,k for the pseudo-Voigt can be written as 

 

Gi,k = γ
C0

1/2

Hkπ
[1 + C0(2θi − 2θk)2]−1 + (1 − γ)

C1
1/2

Hkπ1/2 exp[−C1(2θi − 2θk)2]              (3.3) 

 

where C0 = 4,  C1 = 4ln2 and Hk is the full-width at half maxima (FWHM) of the kth reflections, 

γ = mixing parameter (γ = 0  and 1, for Gaussian and Lorentzian profile shape functions, 

respectively). 

 

The variation of the peak FWHM is defined by the function described by Caglioti et al. [154]: 

 

Hk = (Utan2θ + Vtanθ + W)1/2                 (3.4) 

 

These U, V, and W are the refinement parameters. It is worth to mention that these 

parameters could be refined and work well in the case of isotropic or random polycrystalline 

samples. However, these parameters may not be able to describe an anisotropic effect on line 

broadening (i.e. hkl dependence line broadening) [155]. In addition any peak asymmetry for 

the profile function can also be refined for the fit procedure [155,156]. 

 

In Rietveld analysis, the difference of the measured and calculated diffraction patterns is 

called as residual R, and is minimized by least square methods such as the Newton-Raphson 

or the Levenberg-Marquardt algorithm. This residual is best described in terms of agreement 

index, weighted-profile R value Rwp. 

 

Rwp =  [∑
wi(yi,o−yi,c)2

wi(yi,o)2i ]
1/2

                                                   (3.5) 

 

where the weight wi is expressed as (𝐰𝐢)
−𝟏 =  𝛔𝐢,𝐠

𝟐 + 𝛔𝐢,𝐛
𝟐 , σi,g is the standard uncertainty in 

the gross intensity and σi,b is the standard uncertainty in background intensity. 

 

Ideally, the Rwp will approach the statistically expected R-value, but it should never be below 

Rexp. 
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Rexp =  [(N − P)/ ∑ wi(yi,o)2N
i ]

1/2
                                          (3.6) 

 

where N = number of data points, P = number of variable parameters. For a diffraction data 

N >> P and thus the subtraction can be safely ignored. The ratio of squares of Rwp and Rexp 
yields another parameter, generally described as goodness of fit (GOF).   

 

The quantitative phase analysis can be performed in multiphase samples, generally 

expressed in weight fractions [157,158]. The weight fraction of the phase p can be written 

as 

wp =  
(SZMV)p

∑ (SZMV)ii
                                                          (3.7) 

 

where S, Z, M, V  are Rietveld scale factor, number of formula units per unit cell, molecular 

weight of the formula unit, volume of the unit cell, respectively. 

 

In order to obtain the phase fractions of the Ti–16.1 Nb alloy after SPD and heat treatment, 

the corresponding diffraction data were collected by the synchrotron radiation facility 

PETRA–III, Hamburg, Germany and the European Synchrotron Radiation Facility (ESRF), 

Grenoble, France. and AXS BRUKER D8 diffractometer. Further XRD data were subjected to 

Rietveld refinement using X’pert Highscore plus software. In the case of Ti–45.0 Nb alloy, 

Rietveld refinement procedure was not necessary since all peaks correspond to a single β-

phase. 

 

 

 

3.6. Measurement of X-ray crystallographic texture 
 

In polycrystal each grain represents an individual orientation, and thus the orientation 

differs from grain to grain. At any stage of a recrystallization and/or deformation process, 

the distribution is rarely random; grains exhibit a certain propensity of the orientations. The 

latter is commonly termed as “preferred orientation”, and a non-random orientation 

distribution is called “texture”. In general, we are discussing here the distribution of the 

orientations in a polycrystalline aggregate with respect to a fixed reference system. 

 

The texture has an influence on all physical properties which are sensitive to 

crystallographic directions and planes, such as Young’s modulus, strength, electrical 

conductivity, magnetic susceptibility, and others. The orientation of the grain can be defined 

as the relation between positions of the crystal coordination system and the specimen 

coordinate system, represented by orientation matrix, Euler angles, Miller indices, 
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angle/axis pair, and Rodrigues vector. The distribution of orientation i.e. the texture is 

generally represented by pole figures, inverse pole figures, orientation distribution 

functions. A detailed description of these mathematical tools  and  the texture representation 

can be found elsewhere [159]. 

 

The X-ray texture measurements were not applied to Ti–16.1 Nb alloy before and 

after SPD as these samples show strong overlapping peaks of the various phases. Hoever, it 

is successfully applied to the all the cases of SPD processed β-bcc type Ti–45.0 Nb alloy in 

close collaboration with Prof. W. Skrotzki, TU Dresden, Germany. In the case of INI sample 

the measurements were carried out at the center of the cross-section. For HPT discs the 

analysis was performed at a distance of 2 mm from the center of the HPT disc. In the case of 

samples R&F the texture measurements were carried out rolling plane. In order to get the 

good quality in texture results, the samples were mechanically polished using 2400 grid SiC 

paper. The texture measurements were carried out with a HZG-4 texture goniometer with a 

spot size of 6 mm x 5 mm for the rolled samples. Cu Kα radiation with a wavelength of λ = 

0.154 nm was generated at a voltage of 40 KV and current of 35 mA, using a point scintillation 

type detector. For HPT samples, AXS BRUKER D8 diffractometer equipped with a GADDS 

(General Area Diffraction Detection System) area detector was used. The Cu Kα beam was 

collimated achieving a spot size of 100 µm on the sample. The texture measurements were 

done in reflection mode. 

 

To gain sufficient information about the texture from the pole figures and further 

construction of ODF, the distribution of the poles from a minimum of two or three reflections 

(ref. Table 3.5) are required in the case of highly crystal symmetric cubic systems. Therefore, 

the distribution of the diffraction intensities from three crystal planes {110}, {200} and {211} 

were collected for sample rotations ϕ (integral scanning - 0° to 360° in step of 5°) for each 

tilt χ of Eulerian cradle (90° to 25°, in step of 5°). The angles ϕ and (90°–χ) correspond to 

the azimuthal angle β  and α in the pole figure, respectively (refer Fig. 2.8 and 4.3 of [159]). 

The ODFs were calculated using Arbitrary Defined Cells (ADC) methods [160] using 

experimentally obtained pole figures as input for the LABOTEX software [161]. The textures 

have been represented by both pole figures and ODFs. 

 

In the case of HZG-4 texture goniometer, the X-ray path is controlled by using a 

combination of vertical and horizontal slits. From X-ray tube to sample, the slit sizes were 

0.4 mm (horizontal slit size) and 0.35 mm (vertical slit size). The beam between sample and 

detector was limited by using horizontal and vertical slits of 8.65 and 8 mm, respectively. 

The counting time of 5s for each particular χ and ϕ angle was maintained. In the case of AXS 

BRUKER D8 diffractometer, the GADDS area detector covers up to approximately 35° in 2θ 

range at a fixed position. Therefore to measure the distributions of all the three reflections 

two frames are required (ref. Table 3.5). Since the frame in the area detector at a fixed 
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position (ω and χ; e.g. 90°) covers a range of values of the α and the 2θ (running along 

horizontal) a large proportion of scans in the pole figure(s) measurement can be obtained. 

Additional scans for pole figures are achieved by further tilting and rotation of the sample. 

Thus in order to plan scans in the pole figure construction for measurement and further to 

generate the intensity data for β scans over each α ranging up to70° after the measurement. 

a special BRUKER software MULTEX –AREA was used (see Fig. 3.5). 

 

Table 3.5: Bragg reflections and their positions in 2θ used for calculation of macrotexture 

(Cu Kα beam). 

 

Reflections Bragg’s position in 2θ, °  

{110} 38.83 
{200} 56.00 
{211} 76.15 

 

 

 

In the next step, the data obtained were evaluated by LABOTEX software for more advanced 

texture analyses. At first, incomplete pole figures (α ranging up to70°) did result. As a next, 

3D-ODFs were calculated by an iteration-based method [160] from three incomplete pole 

figures. Then complete pole figures (α ranging up to 90°) were derived by recalculation from 

the ODFs. In the case of R&F samples, the ODF symmetrization was performed from triclinic 

system to orthotropic sample symmetry, in order to enhance the component analyses. In the 

case of HPT, a monoclinic sample symmetry was applied.  
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Fig. 3.5: The main user interface of Multex Area software; (a) scheme plan for pole figure 

measurement considering high angle reflection {200} contained in the first frame, (b) 

selected reflection in the first frame, and (c) pole figure construction for both {110} and 

{200} reflections, contained in the first frame to obtain the intensity scans over β for each α 

ranging up to70°. 

 

 
 

3.7. X-ray Line Profile Analysis (XLPA) 
 

X-ray diffraction peak profile analysis is a powerful technique to determine the density and 

arrangements of the dislocatios, and the CSD (crystallite) size. The crystallite sizes obtained 

by X-ray diffraction is equivalent to the mean size of domains which scatter X-rays 

coherently [162]. The CSD size is typically smaller than grain size obtained from TEM. In this 

work, the so called convolution multiple whole profile [163,164] (CMWP) fitting procedure 

was used. This is based on model utilizing Fourier transforms for size broadening 

(broadening of the peak is caused by smallness of CSD size) and strain broadening 

(broadening caused by lattice defects such as dislocations, stacking faults, twinning and 

others). In this procedure it is assumed that the spherical crystallites follow a log-normal 

size distribution. The strain in most cases is associated to dislocations unless the contrast 

factor follows another dependence on the diffraction vector (for details see below).  
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Diffraction measurements usually provide the intensity I vs 2θ profile. In the CMWP 

procedure, this diffraction pattern can be described by the convolution of 

(domain/crystallite-) size (s), and (defect-) distortion (D) intensity profiles and expressed 

as INet = Is ∗  ID + IBG, where IBG is the background intensity.  

 

This intensity profile INet can also be written in cosine Fourier function Fc(s) as 

 

Fc(s) = 2 ∫ A(L)cos (
∞

0
2πLs)dL                                         (3.8) 

 

The Fourier coefficient of the peak profiles A(L) is the product of size Fourier coefficient  

As(L) and distortion Fourier coefficient AD(L) [165,166]. The As(L) coefficient is a function 

of the median m and variance σ of the log-normal distribution. 

 

A(L) =  As(L) ∗ AD(L)                                                         (3.9) 
 

where L is the Fourier length. Assuming the strain is represented by the dislocations, the 

distortion Fourier coefficient AD(L) can be expressed in the following form: 

 

AD(L) =  exp (−2π2g2L2 < εg,L >2)                                          (3.10) 

 

where g is the absolute value of the diffraction vector, <ε>2 is the mean square strain caused 

by the dislocations. Several researchers have worked on the determination of mean square 

strain value. Out of these, Wilkens’ dislocation model [167] for estimation of <ε>2 gives a 

satisfactory result. He introduced a length parameter, i.e. the effective outer cut-off radius of 

a dislocation (Re*), instead of crystal diameter. It is assumed that the crystal contains 

separate regions with a diameter of Re*, in which parallel screw dislocations are randomly 

distributed and within each of these regions the distribution of the dislocations with density 

of ρ is completely random. It can be written as 

 

εg,L =  (
b

2π
)

2
πρCf (

L

Re
∗ )                                                 (3.11) 

 

where b is the absolute value of the Burgers vector, ρ is the dislocation density, C  is the 

contrast factor [168–172] of the dislocations and f is the strain function. The values of C 

depend on the relative orientation of the line, burgers, and diffraction vectors. If all the 

possible slip systems in a crystal are equally populated or if the polycrystal is texture free, 

then C for a particular g and b can be weighted average to determine effective �̅�. For cubic 

crystals, 
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 C̅ =  C̅ h00 (1 − qH2)                                                  (3.12) 
 

where C̅ h00 is the average dislocation contrast factor for h00 type reflections and H2 = (h2k2 

+ h2l2 + k2l2)/(h2+ k2 + l2)2, q is the fitting parameter depending on the elastic constants of 

a crystal C11, C12, and C44, the anisotropy factor Ai = 2 C44/ (C11–C12), and the ratio of C11/C12. 

A detailed calculation can be read in [168]. 

 

In the present work, the CMWP procedure is applied to XRD patterns obtained from 

synchrotron radiation experiments at ESRF, Grenoble, France for all SPD processed Ti–45.0 

Nb alloys. The size parameters (median m and variance σ) and strain parameters (ρ, q, and 

Re*) are varied for the profile fitting to determine the CSD size and dislocation density. This 

procedure can not be applied to SPD processed Ti–16.1 Nb alloy since it shows stong 

overlapping of peaks of various phases. 

 

The graphical interface of the CMWP program is shown in Fig. 3.6. (for R&F-1 sample 

of Ti–45.0 Nb alloy) The fixed parameters such as The lattice parameter abcc = 0.3286 nm, 

Burgers vector b = (
√3

2
) a = 0.2845 nm, wavelength λ = 0.020686 nm, the average contrast 

factor considering screw and edge dislocation for 200 reflection, C̅ 200 = 0.316 (using the 

numerical code program ANIZC, http://metal.elte.hu/anizc developed by Borbeley et al. 

[173] and using the elastic constants C11 =137 GPa, C12 = 109.6 GPa, and C44 = 33.17 GPa, 

calculated for a single crystal of Ti–45.0 Nb [9]) were introduced into the program. The 

starting values of fitting parameters (a, b, c, d, and e) are varied. The measured and calculated 

patterns are compared using the Marquardt-Levenberg nonlinear least square algorithm 

[174,175]. In this numerical procedure the weighted sum of squared residuals (WSSR) is 

minimized (default is 10-9). The number of iterations was selected as 100. The fitting 

procedure is stopped if the specified number of iterations is reached or if the relative change 

of WSSR between two iterations is below the fit limit of 10-9.  

 
The fitting parameters a, b, c, d, and e are related to the physical quantities as follows: 

 

𝐪 = 𝐚 ,                                                                            (3.13) 

𝐦 = 𝐞𝐱𝐩 (𝐛),                                                                (3.14) 

𝛔 =
𝐜

√𝟐
 ,                                                                           (3.15) 

𝛒 =
𝟐

𝛑(𝐛𝐁𝐮𝐫𝐠𝐞𝐫𝐬𝐝)
𝟐 ,                                                          (3.16) 

 

𝐑𝐞
∗ =

𝐞𝐱𝐩 (−𝟏/𝟒)

−𝟐𝐞
                                                              (3.17) 

 

http://metal.elte.hu/anizc
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The resulting physical quantities are q, m, σ, ρ, Re*, M* are collected from the solution file and 

these are statistically averaged for low WSSR (within 10% variation). The CSD size (denoted 

by the area weighted crystallite size <X_area>) is calculated by the relation below: 

 

< Xarea > = 𝑚𝑒𝑥𝑝(2.5σ2)                                        (3.18) 

 

In the case of R&F processed Ti–45.0 Nb alloy (the sample R&F-1) the resulting parameters; 

m, σ, <Xarea> ρ, M, and q are obtained as (37±5) nm, 0.5 ± 0.1, (65 ± 7) nm, (1.61 ± 0.15) × 

1015 m-2, 1.0 ± 0.1, and 1.5, respectively. 

 

 

 
 

Fig. 3.6: The graphical interface of the CMWP program applied to R&F processed Ti–45.0 Nb 

alloy (R&F-1). The fixed crystallographic parameters (crystal structure = cubic, lattice 

parameter a = 0.3286 nm, Burgers vector b = 0.2845 nm, average contrast factor for the 200 

reflection Ch00 = 0.316) and the experimental parameters (wavelength = 0.0206 nm, N1 = 

256, N2 = 256, profile cutting parameter = 2.5) are introduced. The ellipticity is maintained 

as 1 representing spherical crystallites (init_epsilon = 1). The size parameters (b and c) and 

strain parameters (a, d, and e) are varied for profile fitting. 

 

 

 



46 | P a g e  

 

 
 

Fig. 3.7: A profile fitting for R&F processed Ti–45.0 Nb alloy (R&F-1): the measured data 

(green), fitted data (red) and the difference in the profiles (blue) as obtained from evaluate 

program. 

 

 

 

3.8. Transmission Electron Microscopy (TEM) 
 

In this technique a beam of high energy electrons is allowed to transmit through the thin 

specimen (<100 nm). The path and spread of the electron beam on to the specimen is 

controlled by condenser apertures and electromagnetic lenses such as condensr lens, and 

objective lens. Beyond the specimen the path and spread of the scatterings are controlled by 

the objective lens, diffraction aperture. The electrons interact with the specimen either 

produces the image with high resolution or diffraction pattern in the reciprocal space. These 

can be collected to an imaging device, such as a fluorescent screen, or to the CCD camera.  

 
The formation of diffraction pattern (see Fig. 3.8 (a)) is achieved by removal of the 

objective aperture/contrast aperture (located back focal plane of the objective lens), 

inserting the selected area diffraction (SAD) aperture (at the image plane of the objective 

lens) as well as decreasing the strength of intermediate lens. The diffraction pattern (DP) 

without using SAD is not very useful because of two reasons; the specimen is more often 

buckled, so the DP will be distorted and the direct beam is also too intense for the CCD 

camera. Therefore, SAD aperture is used to limit the intensity and to select the region of 

interest. To form the image on the fluorescent screen reverse procedure is followed i.e. 

removal of the SAD aperture, insertion of the objective aperture and increase the strength of 

intermediate lens (see Fig. 3.8 (b)). In TEM equipment, the change of diffraction mode to 
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image mode is handled by a push button which actually changes the strength of intermediate 

lens. The objective aperture controls the collection angle of the beam. So when inserted it 

gives a very good contrast with a liitle reduction in resolution. Therefore, it is also called as 

contrast aperture. To image the bright field, the objective aperture is placed on to the direct 

beam and for the dark field image the objective aperture is placed on the diffracted beam.  

 

 For this thesis, microstructural investigations in SPD processed samples were carried 

out mainly in TEM, Philips CM 200 operated at 200 kV. In the case of Ti–16.1 Nb alloy, the 

specimens of 2.3 mm in diameter at a distance of 2.5 mm from the center of the HPT disc 

(HPT-8-10 i.e. processed at P = 8 GPa, N =10) were punched by spark erosion. Beforehand, 

the samples were dimpled and ion-milled. For HPT-8-10 after isochronal heat treatment in 

DSC, the microstructural investigations were also made. In the case of Ti–45.0 Nb the TEM 

investigations were made at the center of the INI sample on its cross-section, in the direction 

of the torsion axis for the HPT-4-10 sample at a radial distance of 1.5 mm from the center of 

the disc and on the rolling plane for the R&F-5 sample. TEM bright field and dark field image 

were taken in addition to selected area diffraction pattern (SADP). The SADPs were analyzed 

using the PASAD software package [176]. 
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Fig. 3.8: (a) Diffraction mode and (b) imaging mode in TEM operation [177]. 
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3.9. Microhardness 
 

Hardness can be defined as the resistance of the material to the plastic deformation which 

gives an indication of the strength of the material. There are several types of indentation 

techniques available and Vickers microhardness technique is one of them. It uses a square-

base diamond pyramid as the indenter with the opposite indenter faces are 136° angles 

apart. These are expressed in HV (Vickers hardness in MPa), which can be defined as the 

ratio of load to the surface area of the indentation. The area is calculated by measuring the 

lengths of the diagonals of the impression in the microscope. The HV is determined by using 

following relation 

 

𝐇𝐕 =
𝟐𝐅𝐬𝐢𝐧(𝛉/𝟐)

𝐝𝟐 =
𝟏.𝟖𝟓𝟒 𝐅

𝐝𝟐                                                (3.19) 

 

where F is the force in N, d is the length of the diagonal in mm. 

 

The samples of Ti–16.1 Nb and Ti–45.0 Nb alloys before and after SPD were 

mechanically grinded up to 4000 grid paper and further cloth polishing using 0.05 µm 

alumina suspensions. Microhardness tests were performed using Vickers indenter. All 

indentations were carried out using a force of 1.96 N with a dwell time of 10s.  

 

 
 

Fig. 3.9: Schematic of Vickers hardness test [178]. 
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3.10. Nanoindentation 
 

Nanoindentation [179,180] has been most commonly used technique to measure the 

hardness H and elastic modulus E of the materials. They are determined from the single 

nanoindentation load-displacement measurement without need of imaging indent’s imprint. 

A schematic of load vs displacement curve, obtained using Berkovich indenter is shown in 

Fig. 3.10, where P denotes the load and h is the displacement relative to the undeformed 

surface. Nanoindentation analysis is based on the unloading curve behavior. This curve is a 

non-liner one and can be modeled using the power law relationship as follows: 

 

P = α(h − hf)
m                                                          (3.20) 

 

where α and m are power law fitting parameters.  In the case of Berkovich indenter it is 1.5 

[180]. 

 
The loading and unloading condition of the indenter is schematically shown in Fig. 

3.11. Here the behavior of the Berkovich indenter is modeled by a conical indenter with half 

included angle ф = 70.3° and the assumption is that the material adjacent to indenter sinks 

(no pile up). The sink in height can be expressed as  

 

hs = ε
Pmax

S
                                                                (3.21) 

 
where ε is indenter shape factor. For Berkovich indenter ε = 0.7 and for the flat punch this 

value is 1. The contact depth (hc) along which contact is made between the indenter and the 

material can be written as  

hc = hmax − ε
Pmax

S
                                                      (3.22) 

 

Once the contact depth is known, the contact area A is can be calculated and hardness is 

estimated using the relation: 

 

 H =  
Pmax

A
                                                               (3.23) 

 
where 

 

A =  F(hc) =  ∑ Cn
8
n=0 (hc)2−n =  C0h2 + C1h + C2h1/2 + C3h1/4 + ⋯ + C8h1/128       (3.24) 
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Fig. 3.10: Schematic of load (P)-displacement (h) curve obtained during one cycle of loading 

and unloading using a Berkovich indenter [180]. hmax is the total displacement of the indent 

during at P = Pmax, and hf is the net plastic deformation after recovery of the elastic part 

during unloading. 

 

 

 

 
 

Fig. 3.11: Schematic of unloading process of the indentation [180]. hmax = h is the total depth 

of penetration, hc, hs correspond to contact depth and sink-in depth, respectively. 
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The parameter elastic unloading stiffness S (commonly called as contact stiffness), is 

calculated as S = dp/dh from the upper portion of the unloading curve (see Fig. 3.10).  The 

elastic modulus is also related to contact area A and the unloading stiffness S through the 

relation 

 

S =  β
2

√π
Eeff√A                                                        (3.25) 

 

Eeff is the effective elastic modulus, given by  

 

1 

Eeff
=  

1−ϑ2

E
+

1−vi
2

Ei
                                        (3.26) 

 
where E and Ei are the Young’s moduli of the specimen and indenter, respectively and υ and 

υi are the corresponding Poisson’s ratios, Ei = 1140 GPa, υi = 0.07. 

 

 

 

 
 

Fig. 3.12: (a)The ISO14577 standard module selected for hardness and Young’s modulus 

measurements (Loading rate = 100 mN/20 s, Creep = 30s at maximum load of 100 mN, 

Unloading rate = 9 mN/s, thermal drift being 10 mN for 60s), (b) two residual impressions 

of Berkovich indenter on as-received Ti–45.0 Nb alloy. 
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The samples of Ti–161 Nb and Ti–45.0 Nb alloys before and after SPD were 

mechanically polished up to 4000 grid paper and further cloth polishing using 0.05 µm 

alumina suspensions. Nanoindentation experiments were carried out using a Berkovich 

indenter (maximum force of 100 mN) in UNAT equipment from ASMEC laboratories. The 

ISO14577 standard hardness and modulus measurement module was followed, shown in 

Fig. 3.12. The indents are spaced about a distance of 50 μm. Twenty five indentations were 

applied on each sample. The Poisson’s ratio was assumed to be 0.31 and 0.41 for Ti–16.1 Nb 

and Ti–45.0 Nb, respectively. The Oliver and Pharr method [179] was used to determine the 

hardness and Young’s modulus. 

 
 
 

3.11. Micro-tensile tests 
 

A tension test (stress-strain curves) offers most of the important properties of the materials 

such as Young’s modulus E, Ultimate Tensile Strength (UTS), Yield stress, ductility. The 

conventional tensile test measurement involves large sized samples and therefore the strain 

is generally calculated by the movement of the crosshead. However, for the case of some 

material processing where the sample size is limited e.g. HPT, the measurement of the tensile 

properties is quite critical because of well-known size effect [181] which influences the 

mechanical properties largely. Hence the measurement requires the use of the non-contact 

optical strain sensors (in this work laser speckle strain sensor [182] based on the theoretical 

work of Yamaguchi [183]) to measure the strain with accuracy and also the sample size is 

too small for use of conventional strain sensors. 

 

 

 
 

Fig. 3.13: Schematic of measurement set-up with laser beam, sample surface, and two line 

cameras [182]. 
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When a slightly granual image is hit by the laser beam the light is dispersed in different 

directions and creates a granular looking called as speckle pattern. The principle of the strain 

calculation by the laser speckle method is based on the shift of the speckle pattern caused by 

displacement of the sample. The schematic of setup is depicted in Fig. 3.13. The laser beam 

is along z-axis is perpendicular to the sample surface (x-y plane). The line cameras are in x-

z plane perpendicular to the incident light at a distance of L from the sample surface. Ax is 

the speckle displacement on the camera plane. Due to the fact that the video processor stores 

the initial speckle pattern as a reference, the shift of the speckle displacement (ΔAx) during 

tension can be calculated by image correlation of the collected consecutive patterns. Then 

the strain value results as  

 

εxx =  
∆Ax

2L tan ϴ
                                                      (3.27) 

 

This strain calculation by laser speckle method is valid until the UTS is reached. These 

measured strain values are true strain (εT) type. The engineering strain is calculated by 

following the relation 

 

ε = 1 − exp(εT)                                                 (3.28) 
where ε is the engineering strain.  

 

After that necking starts leading to failure of the sample. At this particular point (during 

necking), the local measurement of the strain by laser speckle varies strongly as the focusing 

positions during necking changes randomly. Beyond the UTS, the true strain values are 

calculated from the crosshead movement. The engineering stress is estimated by the ratio of 

Force F and initial cross-sectional area A0.  

 

 

 
 

Fig. 3.14: Geometry of tensile test samples, adopted from [182]: (a) schematic of two 

identical tensile test samples, (b) the sample dimension, and (c) HPT-4-10 tensile specimens 

(as an example) cut by spark erosion from the sample of 8 mm in diameter. 
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In the case of Ti–45.0 Nb alloy, the micro-tensile specimens were prepared in dumbbell 

shaped (see Fig. 3.14) form by spark erosion with 0.75 mm width, ~0.45 mm thickness and 

a parallel gauge length of 2.5 mm. The tensile axis for the INI sample is parallel to extrusion 

direction ED (see Fig. 3.2). In the case of HPT, the tensile axis is parallel to shear direction 

SD. Tensile measurements were carried out at room temperature with a strain rate of              

10-3 s-1. For each of cases; INI sample and HPT three samples were tested and the average 

stress-strain curve was calculated. For R&F samples, tensile tests were not successful due to 

delamination of the sample. 

 

 

 

3.12. Differential Scanning Calorimetry (DSC) 
 

Differential scanning Calorimetry [184] (DSC) is a powerful technique widely used to study 

the thermal properties and phase transitions of the material in a controlled atmosphere. It 

measures the difference in the heat flow between the sample and a reference is recorded as 

a function of temperature. The reference sample is usually an inert material such as alumina 

(for experiments above temperature T > 600°C), or an empty aluminum pan (for T < 600°C). 

During the experiment, a sample is heated over a range of temperature and at some point 

the material may undergo a physical or chemical change that releases or absorbs the heat 

and this change is reflected in the heat flow curve. As the DSC is maintained at constant 

pressure, the time derivative of the heat flow is equal to the time derivative of the enthalpy 

and can be written as  

 

(
𝐝𝐪

𝐝𝐭
)

𝐩
=  

𝐝𝐇

𝐝𝐭
                                                               (3.29) 

 

where  H = M × cp × ∆T, Cp is the specific heat in J/g K at constant pressure p, M  is the mass 

of the sample in g,  ΔT is the change in temperature in K.  

 

On differentiation of eq. 3.29  

 
1

M
(

dH

dt
) = cp

dT 

dt
                                                          (3.30) 

 

Heat flow difference between the sample and the reference is  

 

∆ (
dH

dt
) = (

dH

dt
)

sample
−   (

dH

dt
)

reference
                                    (3.31) 
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The heat flow can be positive or negative. For an endothermic process, the heat is absorbed. 

So the enthalpy of the sample is higher than the reference and hence the change in enthalpy 

becomes positive. For an exothermic process, the change in enthalpy becomes negative. In 

general crystallization, oxidation, decomposition reactions, and annihilation of defects are 

exothermic in nature. 

 

Two types of DSCs are in common use [185]; heat-flux DSC and power compensated 

DSC.  In heat-flux DSC, the sample and reference pan are connected by a low resistance heat-

flow path and placed on a single furnace. The furnace is heated at a linear heating rate and 

the heat is transferred to the sample and reference pan. Because of different heat capacity of 

the sample and reference pan, there would be a temperature difference between them. This 

temperature difference are measured by using thermocouples and the heat flow is 

determined by the thermal equivalent of Ohm’s law [185] (calibration using standard 

samples is necessary). 

 

q =
∆T

R
                                                          (3.32) 

 

where q is the sample heat flow, ΔT is the temperature difference between the sample and 

reference,  R is the resistance of the heat path.  

 
In a power compensated DSC [186] the sample and reference pans are placed on two 

separate heating furnaces. The temperature of the sample and the reference pans is 

maintained equal by varying the thermal power input between two furnaces. The equivalent 

energy difference is converted into the change in enthalpy and plotted as a function of 

temperature or time. 

 
For this dissertation work, DSC measurements were carried out in Netzsch DSC204 (heat-

flux DSC) and Perkin Elmer DSC 8500 (power compensated DSC) in the temperature range 

of RT to 550°C with standard heating rate of 10°C/min.  In the case of Ti–16.1 Nb alloy, HPT 

processed samples were subjected to DSC to study the thermal stability of the HPT-induced 

phase and to determine the phase transition temperature. Additionally, partial isochronal 

heating experiments up to temperatures of 150, 250, 350, and 520°C were carried out and 

coupled with XRD diffraction experiment to determine the thermal stability of phases. The 

DSC measurements were not carried out for Ti–45.0 Nb, since the parent β-phase is stable 

upon SPD and up to an extended temperature. 
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4. Results 
 
Parts of this chapter of “Results” mentioned are published in the international Journals. The 

details of these are found in the chapter “Bibliography” under the citations numbers 

[31,73,187]. 

 
 
 
 

4.1. Investigations of the alloy Ti–16.1 Nb 
 
As shown in the Fig. 2.11 [9,30] and Fig. 8.1 the Ti–16.1 Nb alloy being close to the first lower 

minima in Young’s modulus (about 65 GPa) it is selected for study aiming for suitability for 

biomedical applications. Now the goal is to enhance the mechanical strength Ti–16.1 Nb 

alloys. Therefore, this alloy was subjected to SPD methods such as HPT (application of severe 

plastic strain in combination with a high hydrostatic pressure) and R&F (application of 

severe plastic strain at a relatively low hydrostatic pressure). In addition, the samples were 

also subjected to hydrostatic pressure. The thermal stability of the HPT induced phases are 

studied with combination of DSC and XRD. To clarify the phase transition temperature in 

HPT processed alloy the samples were also subjected to in-situ heating experiments in the 

synchrotron facility at ESRF, Grenoble, France. In this work, the effect of hydrostatic pressure 

and SPD on the phase evolution and mechanical properties (E and H) are studied. The 

structural investigations were carried out by XRD, SEM, and TEM. The mechanical properties 

were investigated by nanoindentation and microhardness methods. The phase fractions in 

the alloys were determined by the Rietveld refinement technique.  

 

 

 

4.1.1. Mechanical properties  
 

The Young’s modulus E and nanohardness H measured by nanoindentation, are summarized 

in Table 4.1 and Fig. 4.1. The Ti–16.1 Nb alloy after water quenching (WQ) from the β-phase 

region at a temperature of about 1000°C shows the Young’s modulus E = 66 GPa and 

nanohardness H = 1.9 GPa. With an application of hydrostatic pressure P of 4 GPa in HPT 

without rotating anvils the values H and E measured by nanoindentation increase by about 

30% and 50%, respectively, than those of the WQ specimen. With increase of P from 4 to 8 

GPa the values of E and H slightly increase to 93 GPa and 3.0 GPa, respectively. HPT-

processed specimens exhibit rather high values of E and H. In the case of HPT-4-1 and HPT-

4-5 (samples were denoted by HPT-P-N: P is the pressure in GPa and N is the number of 

rotations) the values of E = 106 and 129 GPa respectively and the values of H are 3.5 and 4.0 
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GPa respectively. A similar but less pronounced increase of E with strain is observed in the 

case of the specimens HPT-8-1, HPT-8-5 and HPT-8-10, whereas the value of H almost 

remains constant (about 3.8 GPa). Similar values of E (100 GPa) and H (3.3 GPa) were 

measured in the case of rolling and folding samples (R&F-5 and R&F-7). An isochronal 

annealing treatment to HPT-8-10 was carried out in DSC up to the temperature of 520°C (the 

sample is denoted HPT-8-10 + isochronal heating to 520°C). The measurement by 

nanoindentation shows E = 112 GPa and H = 3.2 GPa. The summary of the Vickers 

microhardness (HV) results is listed in Table 4.1. It is noticed that in the case of HPT samples 

the values obtained are 1.1–1.3 times higher than H values obtained from nanoindentation.  

 

 

 

Table 4.1: Summary of the mechanical properties obtained from nanoindentation (E and H) 

for specimens WQ, HP, HPT, HPT + isochronal heating, and R&F. Values of were determined 

from 25 indents for each specimen as arithmetic averages including standard deviations. The 

values (Em) and (Hm) represent Young’s modulus and Hardness, calculated by a rule of 

mixture using the values Ei and Hi values for pure phases (i.e. α, α’, α”, ω and β). The values 

of the Vickers microhardness (HV) were also presented (to compare with values of hardness 

H obtained from nanoindentation). The ε is the von Mises strain.  

 

Specimen ε 
E 

GPa 
H 

GPa 
Em 

GPa 
Hm 

GPa 
HV 

GPa 
HV/H 

WQ 0 66 ± 4 1.9 ± 0.2 - - 2.1 ± 0.1 1.1 
HP-4 0.024 86 ± 5 2.8 ± 0.2 97 2.7 3.3 ± 0.1 1.1 
HP-8 0.034 93 ± 11 3.0 ± 0.5 98 2.7 3.7 ± 0.1 1.2 
HPT-4-1 24 106 ± 5 3.5 ± 0.3     
HPT-4-5 120 129 ± 4 4.0 ± 0.2 124 3.5 4.4± 0.2 1.1 
HPT-8-1 25 118 ± 4 3.7± 0.2   4.6± 0.2 1.2 
HPT-8-5 130 127 ± 7 3.7± 0.4   4.8± 0.2 1.3 
HPT-8-10 296 130 ± 5 3.8 ± 0.3 - - 4.8± 0.2 1.3 
R&F-1 1.1 65 ± 11 2.3 ± 0.3 77 2.1 3.7± 0.2 1.7 
R&F-3 3.3 72 ± 13 2.6 ± 0.4   3.8± 0.2 1.4 
R&F-5 4.4 100 ± 7 3.3 ± 0.3   4.0± 0.2     1.2 
R&F-7 6.0 99 ± 10 3.2 ± 0.5 110 3.1 4.4± 0.2 1.3 
HPT-8-10+isochronal 
heating  to 520°C 

- 112 ± 3 3.2 ± 0.1 94 1.5 3.2± 0.2 1.0 
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Fig. 4.1: Nanoindentation of specimens WQ, HP-8, HPT-8-10, HPT-8-10 + isochronal heating 

to 520°C and R&F-7. The force vs. displacement curve shows increasing values of H and E for 

specimens WQ to HP-8 to HPT-8-10 (qualitatively; the increase of E is evident from increase 

of the slope of the unloading curve increases and H increases as final displacement hf 

decreases) while isochronal heating (HPT-8-10 + 520°C) causes a drop of both H and E. 

 
 
 

4.1.2. Structural investigations 
 

4.1.2.1. Standard diffraction patterns for phases 

 

As already mentioned the Ti–Nb alloy system may exhibit four possible phases depending 

on stabilizing elements, heat treatments, quenching rate and deformation methods. The 

phases are α/α’-hexagonal, α”-orthorhombic, β-bcc and ω-hexagonal. To identify the 

presenting phase(s) in the Ti–16.1 Nb alloy before and after SPD standard diffraction 

patterns were constructed using literature values of the lattice parameters and atomic 

positions of the phases: α/α’ (a = 0.2959 nm, c = 0.4703 nm [7], space group P63/mmc; the 

lattice structure of hcp α’ is identical to that of α [32]), β (a = 0.3286 nm, space group Im3̅m 

[34]), ω (a = 0.4647 nm, c = 0.2845 nm, space group P6/mmm; based on the (111) plane 

collapse model for the β → ω transformation aω = √2aβ, (c/a)ω = √3/8 [19], α” (C-centered 

orthorhombic: a = 0.2989 nm, b = 0.5072 nm, c = 0.4698 nm, y parameter = 0.0181 nm, 

space group Cmcm [7,41]), depicted in Fig. 4.2. 
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Fig. 4.2: Calculated XRD of Ti–16.1 Nb for bcc β, hexagonal ω, hcp α, hcp α’ martensite, and 

orthorhombic α” martensite.  
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4.1.2.2. Ti–16.1 Nb before SPD 

 

The phase analyses and microstructure of the WQ specimen were carried out by XRD and 

electron microscopy. The experimental XRD pattern of WQ specimen is illustrated in Fig. 4.3. 

Comparing the standard patterns shown in Fig. 4.2, the experimental pattern is indexed with 

orthorhombic α”- martensitic phase (it should be pointed out that there is a strong overlap 

between α/α’ and α”-phases) as the splitting of reflections is seen, typical to α”-phase. As a 

splitting behavior, the doublets of the α”-phase such as (110)α”-(020)α”,  (111)α”-(021)α”, 

(112)α”-(022)α”, (200)α”-(130)α”, as opposed to the single reflections (10-10)α, (10-11)α, (10-

12)α, (11-20)α of the α/α’ phase is noticed because of lower symmetry in orthorhombic 

structure than hexagonal lattice structure, see Fig. 4.2. However, Rietveld refinement shows 

that the WQ alloy does not entirely contain α”-phase. A minor phase fraction of 9 wt.%  of 

the α/α’ phase (see  Table 4.2). The SEM (FEG-SEM LEO1530 operated at 15 kV at IFW 

Dresden) investigations showed the within the range of 200–400 μm with acicular 

morphology of self-accommodated martensitic variants (see Fig. 4.4(a)).  The analysis by 

TEM revealed a twinned morphology of the martensite (cf. Fig. 4.4(b)). The spot diffraction 

pattern agrees with a α”-martensitic structure (see Fig. 4.4(c)). However, a clear distinction 

of α” from the α/α’-phase is hardly achievable by TEM as the standard diffraction patterns 

of these lattice structures are very similar. 

 

 

 

4.1.2.3. Ti–16.1 Nb subjected to hydrostatic compression and to SPD 

 

A pure hydrostatic compression of P = 1 GPa without torsion in the HPT showed no phase 

change of α”-phase. While compression to P = 4 and 8 GPa caused the reflections 

corresponding to ω-phase (represented by open squares) to appear in addition to α’’-phase 

(represented by solid reverse triangle), shown in Fig. 4.3. Some reflection’s positions 

however could not be indexed unambiguously. These are indicated by a single asterisk in 

case they might correspond to either α” or α/α’ lattice structure. Reflections that can arise 

by either the ω-phase, α” or α/α’ lattice structures are indicated by a plus sign. Rietveld 

refinement of HP-4 sample yielded phase fractions of 36, 28 and 36 wt.% of the α”-,  α/α’-, 

and ω- phase, respectively (see Table 4.2). With increase of P = 4 to 8 GPa intensity of α’’ 

reflections decrease and the phase fraction of the α” decreases to 20 wt.%.  
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Table 4.2: Phase fractions (wt.%) of selected specimens and corresponding value of 

agreement index Rwp obtained from Rietveld refinement. 

 
 

Specimen α” α/α’ ω β  Rwp 

 wt.%  

WQ 91 9 - - 17.3 
HP-4 36 28 36 - 20.1 
HP-8 20 30 38 12 21.9 
HPT-4-5 - 9 86 5 8.1 
HPT-8-10  - 1 99 - 7.2 
HPT-8-10+isochronal 
heating to 520°C 

- 78 - 22 7.2 

R&F-1 62 16 20 2 22.7 

R&F-7 22 9 65 4 22.3 

 
 
 

XRD patterns after HPT processing at P = 4 GPa for N = 1 and 5 turns showed the 

presence of ω as major phase along with minor phase fraction of α/α’ reflections, as 

illustrated in Fig. 4.3 (for clarity XRD of HPT-4-5 is shown only). In the case of specimens 

processed by HPT with P = 8 GPa and N = 1, 5, 10 almost identical XRD patterns were 

obtained (the results of HPT-8-1 and HPT-8-10 are shown in Fig. 4.3) and almost all of the 

reflections correspond to the ω-phase. The Rietveld refinement yields the phase fraction of 

99 wt.% for the ω-phase. However, the two peaks (indicated by arrows) cannot be identified 

in terms of the ω, β, α/α’, α”-phases. From the present results it is concluded that HPT 

processing, with P  4 GPa and N  1 gives a complete transformation to ω-phase from α”-

phase. Fig. 4.4 (d) and (e) show TEM micrographs after HPT-deformation (HPT-4-10). A 

complex contrast pattern is observed in the bright field image which is result of strongly 

fragmented grains and high dislocation density. Based on the analysis of several dark field 

images the heterogeneous microstructure was observed; larger fragments (average size of 

about 240 nm) containing subgrains with small misorientations (see e.g. A in Fig. 4.4 (d)) 

and small grains with an average size of about 70 nm were encountered (see e.g. B in Fig. 4.4 

(d)). The small grains are leading to a ring-shaped diffraction pattern (shown in Fig. 4.4 (f)).  

 

In order to examine the influence of the choice of the SPD-processing method R&F 

was carried out. Fig. 4.5 shows the XRD patterns of R&F-processed specimens. The presence 

of corresponding to ω-phase can be seen even for R = 1 (ε =1.1) in addition to parent α”-

phase. Rietveld analysis showed a fraction of about 62, 16, 20, and 2 wt.% of α”, α/α’, ω-

phase and β , respectively, shown in Table 4.2. With increase of R to 3 (ε =3.3) the intensity 

of the ω-phase reflections arising increases and that of reflections corresponding to α” and 
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α/α’ decreases. Further increase of the strain results almost no change in the XRD pattern. 

In the case of R&F-7 the ω-phase becomes the dominant phase (see Table 4.2). 

 

 

 

 
 

Fig. 4.3: XRD of specimens WQ, HP, and HPT. The WQ specimen contains the α” phase as the 

major phase. With application of hydrostatic pressure (HP-4, HP-8), the ω-phase starts to 

form. Shear strain in addition to hydrostatic pressure in HPT (HPT-4-5, HPT-8-1, HPT-8-10) 

results in the ω-phase as the single existent phase. 
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Fig. 4.4: Microstructure and corresponding diffraction patterns of specimens WQ ((a) – (c)), 

HPT-8-10 ((d)–(f)), and HPT-8-10 + isochronal heating to 520°C ((g)–(i)). SEM micrograph 

(a) shows coarse grains containing self-accommodated martensitic variants; BF image (b) 

shows martensitic twins; SADP shown in (c) agrees with that of α” phase. BF image (d) shows 

a complex contrast arising by overlapping grains and by strong lattice strains. Both larger 

grain fragments containing subgrains (e.g. A) and rather well defined nanograins (e.g. near 

B) are observed; the corresponding DF image (e); SADP shown as an in (f) agrees with that 

of the ω-phase. BF image (g) and corresponding DF image (h) shows ultrafine grains that 

frequently contain subgrain boundaries and isolated dislocations; the diffraction spots of the 

SADP shown as (i) agree with that of α+β phases. 
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Fig. 4.5: XRD of specimens processed by R&F. The sample R&F-1 yields the formation of the 

ω-phase. Further increase of strain i.e. R&F-3 to R&F-7 the XRD patterns become almost 

identical and yields 65 wt.% of phase fraction of ω-phase. 

 

 

 

In the case of R&F, it is noticed that even if the hydrostatic pressure is not larger than 

1 GPa the formation of the ω-phase occurs. However, on contrary to HPT the ω-

transformation is not complete in cases of R&F. Since the XRD of the HP-1-0 sample 

(hydrostatic compression P = 1 GPa) does not show any phase transformation, it can be 

concluded that in the case of R&F the ω-phase is induced by a combined effect of pressure 

and strain. Ti–16.1 Nb subjected to HPT followed by isochronal heating. 
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4.1.3. Thermal stability of HPT-induced ω-phase 
 
To examine the thermal stability of the HPT-induced ω-phase the samples (HPT-8-10) were 

isochronally heat treated in DSC within a temperature range of RT to 550 °C utilizing heating 

and cooling rates of 10°C/min. This sample is denoted as HPT-8-10 + isochronal heating to 

520°C. In the first heating run an endothermic reaction with a peak area of ∆H = 1.7 ± 0.5 

J/g with an onset temperature of about 410°C and a peak temperature of about 455°C were 

observed (see Fig. 4.6). Further heating and cooling cycles did not show any peaks in DSC 

scans. Similar observations were noticed for all HPT-processed samples (in the case of HPT-

4-5 and HPT-8-1 an endothermic peak of ∆H = 1.4 J/g and 1.7 J/g at a temperature of about 

450°C were observed, respectively). 

 

 

 

 
 

Fig. 4.6: Two heating and cooling scans of HPT-8-10 in DSC showing an exothermic peak at 

about 200°C (can be related to annihilation of defects) and an endothermic peak at about 

455°C (related to phase transition of ω- to α+β- phase mixture). 
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Fig. 4.7: XRD of HPT-8-10 subjected to isochronal heating. The isochronal heating to 350°C 

shows little changes as compared to the sample HPT-8-10 (see Fig. 4.3). Heating to 520°C (HPT-

8-10 + isochronal heating to 520°C) causes the formation of equilibrium α and β phases.  

 

 

 

The XRD measurements were carried out after partial isochronal heating to 150, 200, 250, 

350 and 520°C in DSC. It was observed that the high pressure ω-phase is retained until 

350°C, shown in Fig. 4.7. In contrast, isochronal heating to 520°C (i.e. above the finish 

temperature of the endothermic peak observed by DSC), results in disappearance of 

reflections of the ω-phase and the appearance of reflections from both α and β lattice 

structure. Analysis of the XRD pattern with Rietveld methods yielded a phase fraction of 78 

wt.% α and 22 wt.% β. This indicates that the reverse transformation from metastable ω to 

equilibrium α and β phase occurs at around 410°C.  

 

 

 

4.1.3.1. In-situ heating experiment at ESRF 

 

To predict the exact starting temperature for the decomposition of the ω-phase in α- and β- 

phases a sample of HPT-8-10 was in-situ heat treated with synchrotron radiation from RT to 

800°C with a heating rate of 10°C/min at ESRF facility. Some of the corresponding XRD 

profiles are shown in Fig. 4.7. It is observed that the ω-phase is stable until 300°C. XRD 

patterns in terms of phase fractions obtained by Rietveld analyses (see Table 4.1) and were 

compared to values obtained from the equilibrium phase diagram using Lever rule. 

  



68 | P a g e  

 

Exceeding a temperature of 300°C, the phase fraction of the ω-phase drastically drops 

(by about 40 wt.% in the temperature interval from 300°C to 320°C). However, the 

decomposition of the metastable ω-phase into equilibrium α-and β-phase mixture is 

complete at a temperature of about 460°C (see Table 4.1 and Fig. 4.9). With further heating 

the phase fraction of the β-phase gradually increases and is in good agreement with that of 

obtained from the phase diagram [28]. The α-phase fraction increases strongly up to a 

temperature of about 500°C opposing the trend expected from the phase diagram. These 

results suggest that most of the ω-phase fraction is consumed by α-phase up to a 

temperature of 500°C while the phase fraction of β is already close to its equilibrium value. 

At 500°C the ω-phase completely decomposed into α- and β-phase. At this point the phase 

fractions of α-and β-phases were estimated by Rietveld refinement and by equilibrium phase 

diagram show the similar values. Increasing the temperature up to 800°C, the intensities of 

α-peaks continue to reduce and that of β-phase increases. This observation is also reflected 

in the phase fraction estimations (see Table 4.1). However, at temperatures > 500°C the 

phase fractions determined by Rietveld analysis deviate from their corresponding 

equilibrium values obtained from phase diagram i.e. the phase fraction of β gets lower while 

that of α is increasing than their equilibrium values.  

 

TEM of HPT-processed sample after isochronal heating to 520°C reveals that the bulk 

nanocrystalline ω-phase transformed into an ultrafine equiaxed α/β microstructure (see Fig. 

4.4 (g) and (h)). The SADP patterns shown in Fig. 4.4 (i) can be indexed in terms of α and β 

lattice structures.  
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Fig. 4.8: XRD profiles of a HPT-8-10 obtained from in-situ heating synchrotron experiments. 

The symbols □, ○, and ▼ indicate reflections of the ω-, β-, and α-phase, respectively.  

 

 

 

 
 

Fig. 4.9: ω-, α-, and β-phase fractions obtained from the experiment by Rietveld refinement 

(indicated by open symbols and full lines) and taken from the equilibrium phase diagram 

(indicated by full symbols and dotted lines). 
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Table 4.3: Phase fractions (wt.%) obtained using the Rietveld refinement procedure for HPT-

8-10 in  Ti–16.1 Nb alloy during in-situ heating. The quality of the Rietveld fit is given by the 

parameters Rwp.  

 

Temperature 
(°C) 

ω 
(wt.%) 

β 
(wt.%) 

α 
(wt.%) 

Rwp 

RT 100 - - 7.21 
300 100 - - 5.68 
320 62 32 6 6.55 
400 36 28 36 8.01 
460 - 42 58 9.04 
500 - 36 64 7.28 
600 - 44 56 9.93 
700 - 72 28 9.32 
800 - 80 20 11.47 
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4.2. Investigations of the alloy Ti–45.0 Nb 
 

In this study, β- Ti–45.0 Nb was selected as its Young’s modulus lies close to the local 

minimum of 65 GPa (see Fig. 2.11 [9,30] and Fig. 8.1) in the Ti–Nb binary alloy system. The 

samples were taken for SPD processing as shown in Fig. 3.2. This work presents a detailed 

and systematic study of the mechanical properties (measured by nanoindentation, tensile 

test, microhardness), microstructure (carried out by optical microscope and TEM) and 

texture (by X-ray texture) of Ti–45.0 Nb alloy prior and after SPD (R&F and HPT) aiming to 

improve the mechanical properties by enhancing strength while maintaining a low Young’s 

modulus. The CSD size and dislocation densities were measured by Convolution of Multiple 

Whole Profile method (CMWP) [163,164].  

 
 

 

4.2.1. Mechanical properties  
 
Table 4.4 and Fig. 4.10 summarize the E measurements by nanoindentation, hardness 

measurements by Vickers microhardness tests. The value of E in the case of initial as-

received sample (denoted by INI) was measured as 65 ± 3 GPa The R&F processed Ti–45.0 

Nb samples showed a drop in the values of E from 63 ± 2 GPa down to 50 ± 2 GPa for R&F-

1 to R&F-5, respectively. In the case of HPT processed samples, E remained within the range 

of 60–63 GPa, independent of degree of deformation. 

 

The stress-strain curves of the INI and HPT processed specimens obtained from 

microtensile tests are shown in Fig. 4.11. The microtensile tests were not successful in the 

case of R&F samples due to delamination problem. The value of E of INI is 68 ± 3 GPa while 

in the case of HPT, the value of E is 66 ± 3 GPa. The values of E obtained from microtensile 

tests show a very good agreement with those of the nanoindentation measurements. The 

ultimate tensile strength (UTS) increased substantially from INI to HPT sample, from 446 ± 

14 to 986 ± 7 MPa (almost twice the value of the UTS of samples prior to HPT processing). 

In the case of INI sample, the fracture strain is about 24 ± 2 %. The total elongation to failure 

is 14.0 % and 8.5% for HPT-4-1 and HPT-4-10 samples, respectively. 

 

The INI sample shows the microhardness (H) value of 1.50 ± 0.04 GPa. In the case of 

R&F, the value increased to 1.88 ± 0.07 GPa for R&F-1 and increases only slightly with 

further increase of the strain (see Fig. 4.10). The most pronouncing hardening effect (65% 

increase compared to starting material) is seen in the case of HPT samples and the value gets 

saturated after N = 1. 
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Table 4.4: Summary of mechanical properties; Vickers microhardness H, Young’s modulus E 

from nanoindentation as a function of von Mises strain ε and the calculated values of Young’s 

modulus Ecalc obtained from the texture data (taken from [73]). 

 

Samples   
ε Vickers 

Microhardness 
Nanoindentation 

Mechanical 
Compatibility 

E-Calculation 
 

 H, GPa E, GPa (H/E) х 100 Ecalc, GPa 

INI 0 1.50 ± 0.04 65 ± 3 2.3 ± 0.1 64 

R&F-1 1.5 1.88 ± 0.07 63 ± 2 2.9 ± 0.4 60 

R&F-3 3.0 1.89 ± 0.05 58 ± 3 3.2 ± 0.2 51 

R&F-5 4.8 1.97 ± 0.11 50 ± 2 3.9 ± 0.3 52 

HPT-4-1 15 2.40 ± 0.05 60 ± 2 4.0 ± 0.2 62 

HPT-4-5 85 2.48 ± 0.09 62 ± 2 4.0 ± 0.2 63 

HPT-4-10 170 2.47 ± 0.09 63 ± 2 3.9 ± 0.2 63 

 

 

 

4.2.2. Structural investigations 
 

4.2.2.1. Ti–45.0 Nb before SPD 

 

XRD pattern taken from the INI sample is shown in Fig. 4.12 (a). The diffractogram of the 

initial material shows the reflections corresponding to a single phase β matrix. The optical 

microscopy on the INI sample revealed equiaxed grains with an average grain size of 25 μm 

(see Fig. 4.13 (a)). The TEM BF image showed remained the dislocation structures after the 

hot hydrostatic extrusion (Fig. 4.13 (b)). The SAD pattern shows strong diffraction spots 

which agree well with that expected from β-phase with BD = [110] (see Fig. 4.13 (c)). In 

addition diffuse streaks running along the <112> directions as well as weak spots arising at 

the positions n/3<112> (with n=1, 2) elongated along <112> were observed, which 

corresponds to the ω-phase reflections.  
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Fig. 4.10: Values of Young’s modulus (E) and microhardness (H) obtained from 

nanoindentation and Vickers microhardness methods, plotted as a function of von Mises 

strain ε for (a) R&F, and (b) HPT samples. Based on texture data the Young’s moduli 

(E_calculation) were calculated in [73], presented here for a comparison with 

measurements. 
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Fig. 4.11: Stress-strain curves for INI and HPT processed samples: UTS value increased from 

445 (initial) to about 980 MPa (HPT-4-1: von Mises strain ε=15 & HPT-4-10: ε=170). 

Fracture strain decreases with increase of strain during SPD process. 

 
 
 
4.2.2.2. Ti–45.0 Nb subjected to SPD 

 
XRD patterns corresponding R&F and HPT processed samples are depicted in Fig. 4.12. All 

the reflections correspond to the β-phase. In the case of samples R&F-5, a heterogeneous 

microstructure is observed shown in Fig. 4.14: i.e. microcrystalline (top row) and ultrafine 

grained (bottom row). In the microcrystalline regions; grains exceeding a size of several 

microns are observed (see Fig. 4.14 (a)). The complex contrasts in TEM BF image are caused 

by lattice strains, Moiré fringes (indicated by M) and bend contours. Fig. 4.14 (b) shows a 

high density of SPD induced dislocations frequently forming tangles. Based on the SADP 

shown in Fig. 4.14 (c) it is concluded that the grains contain the β-phase. However, streaks 

running along <110> are a strong indication for a lattice modulation related to an inherent 

instability of the β-phase. In the ultrafine grained regions a lamellar structure of elongated 

grains (having an average width of about 150 nm and a length in the range of 0.5–1.5 µm) is 

observed. They are separated from each other by large angle grain boundaries (the grains 

are elongated along the dashed lines marked in the TEM DF image of Fig. 4.14 (e)). Each of 

the elongated grains contains subgrains with rather small relative misorientations. These 

lead to ring-like diffraction pattern in the SADP (see Fig. 4.14 (f)). 
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Fig. 4.15 shows TEM images corresponding to HPT-processed sample - HPT-4-10. The 

complex contrast pattern in (see Fig. 4.15 (a) and (b)) seen is caused by the severely 

deformed nanocrystalline grains. The grain sizes vary within range of 70–170 nm with an 

average of 90 nm. The nanocrystalline aggregate leads to a ring shaped diffraction pattern 

(see Fig. 4.15 (c)). The analysis of the SADP of HPT-4-10 by PASAD revealed that the peaks 

on the diffraction rings can be indexed in terms of the β-phase. However, some very weak 

diffraction spots were also encountered which correspond to the ω-phase. 

 

 

 
 
Fig. 4.12: XRD patterns of (a) INI, (b) R&F, (c) HPT processed samples: all the peaks 

correspond to β-phase representing the major phase. 

 

 

 
 

Fig. 4.13: INI sample: (a) Optical microscopy showing the equiaxed grains with average grain 

size of 25 μm, (b) TEM BF image showing dislocations, and (c) corresponding SADP pattern 

(BD = [110]), additional diffuse spots refer to the ω-phase. 
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Fig. 4.14: The microstructure of samples R&F-5: microcrystalline region (top row) and 

ultrafine grained region (bottom row). (a) TEM BF image showing a rather complex contrast 

arising from bend contours, lattice strains and Moiré fringes (indicated by M). (b) TEM BF 

image of dislocation tangles. (c) SADP showing bright spots belonging to the β-phase; in 

addition, diffuse streaks are observed that run along <110> directions. BD = [001]. (d) TEM 

BF and (f) corresponding DF image showing elongated ultrafine grains. (f) Corresponding 

SADP: Strong rings correspond to the β-phase. However, some weak additional reflections 

are observed. Most of them can be indexed in terms of the ω-phase. 
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Fig. 4.15: Microstructure of sample HPT-4-10. (a) TEM BF image, (b) corresponding DF 

image showing nanocrystalline grains. (c) SADP showing strong diffraction rings that can be 

indexed in terms of β-phase. Some very weak reflections of the  phase are also encountered. 

 

 
 

4.2.3. Evolution of texture upon SPD 
 

The variation in the relative peak intensities in the XRD patterns (see Fig. 4.12) can be 

attributed to changes in the crystallographic texture arising during SPD. In the case of R&F, 

the intensity ratio I{110}/I{200} decreases substantially from about 9 to 0.1 with increasing 

number of rolling cycles R from 1 to 5. This indicates that {200} planes align preferentially 

parallel to the rolling plane. However, no specific trend in the relative intensities of 

diffraction peaks with the degree of deformation is seen for the samples subjected to HPT.  

 

The texture of the INI sample shows a <110> fiber texture (Fig. 4.16), typical of bcc 

metals [188]. The corresponding pole figures are shown in Appendix section (cf Fig. 8.2). In 

the case of the starting material, <110> fiber also exists, however it is not complete as the 

sample was taken from the outer edge of the extrudate and therefore, locally it experienced 

a plane strain deformation similar to the case of rolling (known as cyclic fiber texture [189]. 

The texture intensity of the INI is 6.0 mrd (multiple of random distribution). 
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Fig. 4.16: φ2=45° ODF sections for INI sample The intensities are given in mrd. The Euler 

angle Φ is running across ED. 

 

 

 

In the case of R&F samples, a rotated cube component {001} <110> developed, i.e. 

{001} planes and <110> directions are preferentially aligned parallel to ND and RD, 

respectively, together with a very weak γ-fiber texture (<111> parallel to ND), Fig. 4.17. The 

{001} <110> component gets strengthened with increase in R from 1 to 5 (i.e. with increase 

in strain from 1.5 to 4.8) while the intensity of the γ-fiber decreases. The corresponding pole 

figures are shown in the Appendix section (cf Fig. 8.3). The {001} <110> component gets 

strengthened with increase in R from 1 to 5 (i.e. with increase in strain from 1.5 to 4.8) while 

the intensity of the γ-fiber decreases.  

 

 
Fig. 4.17:  φ2=45° ODF sections for R&F samples (a) R=1, (b) R=3, and (c) R=5. The Euler 

angles Φ and φ1 are running across RD and ND, respectively. 
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Fig. 4.18: {110} pole figure showing the main ideal orientations and fiber textures associated 

with the simple shear deformation of bcc materials, adopted from [190]. 

 

 

 

The texture measurements conducted at a radius of 2 mm of the HPT discs show a change 

from the initial extrusion fiber texture to a rather weak shear texture. The ideal orientations 

in simple shear deformation of bcc metals are shown in Table 4.5 [191] and standard {110} 

pole figure (cf Fig. 4.18). From the ODF sections φ2=0° and φ2=45° it is clearly noticed that 

with increasing strain, the D2 component, {1̅1̅2} <111>, dominates (notation: {shear plane} 

<shear direction>). This fact corresponds to the alignment of the slip plane {1̅1̅2} parallel 

to the shear plane and the Burgers vector <111> lies parallel to the shear direction. The 

intensity of this shear texture increased slightly with increasing strain while the intensity of 

F and J ̅components decreased (Fig. 4.19). The corresponding pole figures are shown in Fig. 

8.4. 

 



80 | P a g e  

 

 

 

Fig. 4.19: φ2=0° and φ2=45° ODF sections for HPT processed samples (a) HPT-4-1, (b) HPT-

4-5, and (c) HPT-4-10. The key figure above gives the ideal components of simple shear of 

bcc metals. The Euler angles Φ and φ1 are running across SD and SPN, respectively. 
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Table 4.5:  Main ideal orientations in simple shear deformation of bcc metals [191]. 

 

Component 
Miller indices Euler angles (°) 

Shear 
plane 

Shear 
direction 

φ1 Φ  φ2 

D2 {1̅1̅2} [111] 54.74 45 0 
   144.74 90 45 

D1 {112̅} [111] 125.26 45 0 
   35.26 90 45 

E {110} [11̅1] 90 35.26 45 
J {110} [11̅2] 90 54.74 45 
𝐉̅ {1̅1̅0} [1̅12̅] 30 54.74 45 
   150 54.74 45 

F {110} [001] 0/180 45 0 
   90 90 45 

 
 
 

4.2.4. Determination of the dislocation density from XLPA 
 
It is observed that with increase of the von Mises strain ε there is a significant increase of the 

dislocation density as well as reduction in CSD sizes. (see Table 4.6). The high amount of the 

dislocation desnity is noticed for HPT-processed Ti–45.0 Nb alloy , however, the rate of 

increase of the dislocation density is higher in case of R&F compared to those of HPT. Also 

the severe grain refinement occurs during HPT because of high hydrostatic pressure in 

addition to high amount of torsional strain.  

 
Table 4.6: Dislocation densities and CSD sizes measured by X-ray line profile analysis 

(CMWP-program) for SPD processed samples.  

 

Samples 
 

ε 
Dislocation density 

(1015/m2) 
CSD size 

(nm) 

R&F-1 1.5 1.61 ± 0.15 65 ±  7 
R&F-3 3.0 2.96 ± 0.28 63 ±  5 
R&F-5 4.8 5.11 ± 0.61 53 ±  7 
HPT-4-1 15 4.70 ± 0.44 55 ±  8 
HPT-4-5 85 5.62 ± 1.29 33 ±  9 
HPT-4-10 170 5.41 ± 0.71 27 ±  6 
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5. Discussion 
 

Parts of this chapter of “Disscussion” mentioned are published in the international Journals. 

The details of these publications are found in the chapter “Bibliography” under citation 

numbers [31,73,187]. 

 

 

 

5.1. Discussion of the results of Ti–16.1 Nb 
 

The SEM and TEM micrographs of WQ Ti–16.1 Nb presented in Fig. 4.4 show groups of self-

accommodated martensitic variants and martensitic twins, respectively. The TEM SADP 

agrees with that expected in the case of the α”-orthorhombic martensite. The XRD of WQ Ti–

16.1 Nb (see Fig. 4.3) confirms the martensite corresponding to the α”-orthorhombic lattice 

structure. This result is in good agreement with the observations reported in the literature. 

It is known that the stability of the martensitic phases (α’ and α”) in Ti–Nb alloys depends 

upon the Nb-content; lower Nb content promotes the formation of α’-martensite whereas 

α”-martensite formation is seen with relatively higher Nb-content. Moffat et al. mentioned 

that the transition boundary between α’/α’’ occurs at 13.3 wt. % Nb [32]. A recent systematic 

study of Ti–Nb alloys also revealed that α’’ is the main phase in Ti–16.1 Nb quenched from 

the single β-phase field down to room temperature [7,8,192]. As outlined in [31], Ti–13.7 Nb 

water quenched from the β-phase region shows almost entirely hexagonal α’ martensitic 

phase. Based on these results it can be concluded that the transition of α’ to α’’-phase lies 

between 13.7 wt.% Nb and 16.1 w.% Nb. 

 

The effect of hydrostatic pressure (1, 4, and 8 GPa) on the α”-orthorhombic martensitic 

structure of WQ Ti–16.1 Nb alloy is discussed as follows: Based on the results in Table 4.2 

the threshold pressure for inducing a phase transformation of the α” martensite is in the 

range of 1 to 4 GPa. While the application of a pressure of 1 GPa does not affect the observed 

phase fraction of the α’’-martensite, the increase of the pressure from 4 to 8 GPa the stability 

of α’’-phase gets lowered (36 wt.% to 20 wt.%), and the formation of the ω-phase occurs at 

the expense of α”-phase (cf. Fig. 4.3 and Table 4.2). This result also suggests that a hydrostatic 

pressure solely is sufficient to trigger the formation of the ω-phase. Also the presence of α/α’-

phase indicates that a pressure induced α” to α’ transformation occurring either 

concomitantly or as a precursor for the formation of the ω-phase (see Table 4.2). A pressure 

induced ω-phase formation from α”-phase was reported previously [43,44]. Afonikova et al. 

mentioned that in the case of Ti–18 wt.% Nb alloy (exhibiting a mixture of  α’ and α”-phases) 

the threshold value of the pressure required for the onset and the completion of the ω-phase 
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is 3–5 GPa and >10 GPa, respectively [44]. The formation of ω-phase was also reported for 

α”-Ti–16.4 to 26.4 wt.% Nb with application of hydrostatic pressure of 8 GPa [43].  

 

The present investigation, however, showed that a complete transformation to the ω-phase 

is also possible at lower hydrostatic pressure with the aid of a shear deformation, i.e. occurring by 

HPT, when P  4 GPa and N  1 (cf. Fig. 4.3 and Table 4.2). In detail, the shear deformation 

decreases the necessary hydrostatic pressure for a complete ω-phase transformation from >10 [44] 

to 4 GPa. It is known that the presence of local stress concentrations can lower the pressure 

required for a pressure-induced phase transformation [193]. The martensitic structures in 

the initial WQ state may act as potential site for stress concentrators. Furthermore, the 

defects produced by HPT straining of the WQ specimen offer favorable nucleation sites along 

with the martensitic structures and thereby reduce the pressure required for the α’’→ω 

transformation. As a main result, the combination of the HPT induced grain refinement and 

the HPT induced phase transformation can be used to obtain bulk nanocrystalline ω-Ti-Nb. 

Similar results on the formation of bulk submicrocrystlline ω-Ti [23,25] and ω-Zr [194,195] 

are reported. However, in the present case the thermal stability of the ω-phase (about 300°C, 

cf. Table 4.3) is considerably higher than that of reported in bulk ω-Ti (about 130°C [23,25]) 

and ω-Zr (about 210°C [194,195]). 

 

R&F has been shown to promote the formation of ω-phase at hydrostatic pressure of 

about 1 GPa. This estimation has been based on (i) the measured value of the nanohardness 

H =3.2 GPa obtained by R&F process (see Table 4.1), and (ii) the relation UTS =1/3 H, and 

the relations P~URS~UTS [196], where URS and UTS denote the ultimate flow stress for 

rolling and ultimate tensile stress, respectively. Since a pure hydrostatic pressure of 1 GPa 

yields no phase change of the parent α”-martensitic phase, the occurrence of ω-phase in the 

case of R&F suggests that the ω-phase formation is affected by a combined effect of pressure 

and strain (cf. Table 4.2). However, contrary to the case of HPT the transformation is not 

complete. Mantani et al. reported the effect of cold rolling up to von Mises strain ε = 0.5 on 

Ti–15 and 20 wt.% Nb (containing pure α’ and α”, respectively) and observed no phase 

transformation [197]. Therefore it is concluded that rolling strains greater than 0.5 (in the 

present case ε  1.1) are necessary for the formation of the ω-phase. This means that there 

exists a threshold strain for the ω-phase formation at which a sufficiently high number 

density of the nucleation sites for the formation of the ω-phase is provided [198]. 

 

The DSC scans of HPT-8-10 results in the formation of an endothermic peak in first 

heating cycle (RT to 550°C with heat rate of 10°C/min) while further heating and cooling 

cycles did not show any signals (see Fig. 4.6). This is explained as follows: The HPT induced 

metastable ω-phase transforms to α and β-equilibrium phases during the first heating run. 

Since these are the equilibrium phases (cf. the α+β two-phase region of the equilibrium 

phase diagram [28,192]), no reactions were observed with further heating and cooling 
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cycles. The phase fractions obtained by the Rietveld analyses from the measured XRD 

patterns during in-situ heating experiment (RT to 800°C with heat rate of 10°C/min) on 

HPT-8-10 at ESRF show that most of the ω-phase fraction is consumed by the α-phase up to 

a temperature of 500°C while the phase fraction of β is already close to its equilibrium value 

after 400°C (see Fig. 4.9 and Table 4.3). In the temperature interval from 300 to 320°C, the 

phase fraction of the ω-phase drops strongly (the rate is about 2%/°C that is ~40 wt.% with 

20°C of heating). In this temperature interval, the β-phase strongly increases (with a rate of 

about 1.6%/°C). Contrary to that, the rate of the formation of the α-phase is rather low 

(about 0.3 %/°C). This picture changes for the temperature interval from 320 to 460°C. The 

disappearance of the ω-phase fraction (rate of 0.45%/°C) is almost equal to the formation of 

α-phase (rate of ~0.4%/°C). At 500°C the ω-phase has completely decomposed into α- and 

β-phase. Further heating to a temperature of 800°C shows that the phase fractions 

determined by Rietveld analysis deviate from their corresponding equilibrium values 

obtained from phase diagram i.e. the phase fraction of β gets lower while that of α is 

increasing than their equilibrium values (cf. Table 4.3). This result might indicate that 

applying a heating rate of 10°C/min during the in-situ experiment, the kinetics of the phase 

separation is not sufficient to achieve the thermodynamic equilibrium. 

 

HPT-processing followed by isochronal heating to 520°C results in an ultrafine 

mixture of α and β-equilibrium phases (see Fig. 4.4). It should be noted that in the case of 

α/β Ti-based alloys like Ti–6Al–4V, various thermomechanical treatments were applied to 

obtain tailored morphologies (including lamellar, basketweave, globular, or Widmanstätten) 

in order to optimize mechanical properties; typical length scales of the these phase 

structures are in the range of several microns [199,200]. In the present case of Ti-Nb, the 

pathway via an intermediate nanocrystalline ω-phase provides a new processing route for 

the production of a bulk material with an ultrafine and equiaxed α/β phase structure. 

 

The mechanical properties obtained are results of the phase fractions, 

microstructure, and dislocation density. It should be noted that the values of the mechanical 

properties can also depend on the way they are measured. For an example, the mechanical 

strength obtained by microhardness (HV) and nanohardness (H) differ. This discrepancy is 

clearly observed in the Table 4.1, which can be related to the mode of indent’s area 

measurements. In the case of nanoindentation estimation of hardness is based on the contact 

area measurement under load while in microhardness indent’s area is measured from 

residual imprints after unloading [180] (calculating diagonal lengths of the indent in optical 

microscope). The indent area relaxes during unloading in the microhardness case and 

therefore causes an increase in hardness value. In the case of R&F-1 the ratio of HV/H is 1.7 

and it drops to the 1.3 (same as that of HPT) with increase of strain. In the case of HPT-8-

10+isochronal heating case this ratio is found to be 1. 
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Based on the present results summarized in Table 4.1, both elastic and plastic hardening 

occur with increasing hydrostatic pressure. Hardening is further improved by strain applied 

in addition to hydrostatic pressure. However, for the samples HPT-8-N, the value of the 

Young’s modulus already shows a strong tendency to stabilization since there is only a weak 

dependence on deformation strain. Based on the analysis of the XRD diffractograms by 

Rietveld refinement methods (cf. Table 4.2) a clear dependence of the measured values of E 

on the phase fractions is observed. A similar phase fraction dependence of H is also 

encountered. However, for H, in addition to the phase fractions also effects of strain 

hardening and Hall-Petch hardening have to be considered. This is outlined comparing the 

experimental values of E and H with those obtained applying a rule of mixture: m i i

i

E f E

and m i i

i

H f H  where Ei and Hi denote the Young’s modulus and hardness, respectively, of 

a pure phase (i.e. either α, α’, α”, ω or β). The fi denote the volume fraction of a pure phase in 

a mixture of phases with average Young’s modulus and hardness given by Em and Hm, 

respectively. It should be noted that in the case of E the rule of mixture corresponds to the 

Voigt average and therefore, to an upper limit [201]. Reference values of E and H were taken 

for pure phases. In the case of the ω-phase Eω = 130 GPa and Hω = 3.7 GPa were obtained 

from the alloy HPT-8-10 containing single phase ω. It is worth to notice that similar values 

were also reported in the case of CP Ti subjected to HPT (P = 5 GPa and N = 10) containing 

bulk single ω-phase [24,25]. Values for the pure α”-martensite (Eα” = 63 GPa and Hα” = 1.8 

GPa) were calculated. Taking the experimental values of E and H of the initial Ti–16.1 wt.% 

Nb WQ alloy (containing a mixture of α” and α’-martensite), the calculation was carried out 

using Em = 66 GPa, Hm = 1.9 GPa of the phase mixture with fα” = 0.91, fα’ = 0.09 (Eα’ = 97 GPa, 

Hα’ = 2.5 GPa were taken from the Ti–13.7 wt.% Nb reference alloy containing single phase 

α’-martensite [192], see Appendix chapter, Fig. 8.1). Reference values for pure α taken from 

the literature were Eα = 100 GPa  [6,10] and Hα = 1.56 GPa [71] (measured for CP Ti) [9,66] 

and that of β were Eβ= 65.5 GPa and Hβ = 1.45 GPa [29] (measured for Ti–40 wt.% Nb).  

 

Based on the nanoindentation results (cf. Table 4.1  and Table 4.2) a clear dependence 

of the values of E on the phase fractions is observed. A similar dependence in H is also 

encountered. For H, in addition to phase fraction the effects of strain hardening and Hall-

Petch hardening can also be realized. Applying the rule of mixture, Em and Hm were calculated 

for HP-4, HP-8, HPT-4-5, HPT-8-10 + isochronal heating to 520°C, and R&F-7 (cf. Table 4.1). 

In the case of Em a good agreement between calculation and experiment is obtained. As a 

general trend an increase of E with increasing pressure and strain is noticed. This is 

attributed to the increasing phase fraction of the ω-phase on the expense of α”-phase. The 

sample HPT-8-10 + isochronal heating to 520°C containing a α/β phase shows a similar 

value of E as that of ELI-Ti–6Al–4V alloy [6,10].  
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In the case of H, the values obtained by the calculation are in good agreement with 

those obtained by the experiment. However, it should be noted that the reference value Hω 

= 3.7 GPa of the pure ω-phase was measured for the alloy processed by HPT and therefore 

is expected to include effects of high defect density and grain-refinement. This is not the case 

for the reference values of H for the pure phases α, α’, α”, and β obtained from undeformed 

materials. A special case seems to arise in the case of the hardness of HPT-8-10 + isochronal 

heating to 520°C since the measured value (3.2 GPa) is more than twice as large as the 

calculated value. This is explained by a Hall-Petch type hardening arising from the ultrafine 

α/β phase mixture obtained after HPT followed by isochronal heating and presence of non-

annihilated defects. 

 

In the current work Ti–16.1 Nb in WQ state showed the values E = 66 GPa and H = 

1.9 GPa. Processing the material through SPD enhances the strength quite substantially; 

however, E also increases because of ω-phase formation (eg. applying HPT the E value 

increased by two times). Therefore, it affects the mechanical biocompatibility adversely and 

limits the use of SPD processed T–16.1 Nb for load-bearing orthopaedic applications. On the 

other hand HPT followed by isochronal heating results in the formation of an ultrafine α/β 

phase mixture with an E value quite close to that of Ti–6Al–4V [6,10,71] and commercial 

pure Ti [71] while showing similar (HTi-6Al-4V = 3.3 GPa [84]) or superior hardness (HTi = 1.5 

GPa [71]) . Thus ultrafine α/β Ti–16.1 Nb alloy shows some potential to be used as substitute 

for CP-Ti and Ti–6Al–4V. 
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5.2. Discussion of the results of Ti–45.0 Nb 
 
Based on the XRD patterns (see Fig. 4.12) taken from INI, R&F, and HPT processed samples, 

it is concluded that Ti–45.0 Nb shows a single-phase β structure. However, using the results 

of the TEM SADP diffraction experiments a more complex situation arises. Firstly, the 

presence of a minor volume fraction of the ω-phase is evident from the SADP  of the samples 

INI (Fig. 4.13(c)) that show streak like diffuse scattering running along <112> directions as 

well as weak spots arising at the positions n/3<112> (with n = 1, 2) in addition to strong 

reflections of the β-phase. Both of them represent the presence of nanoscale domains of the 

ω-phase resulting from the short-range-correlated displacements during the collapse of 

(111) planes [19,202]. Secondly, streaks running along cubic <110> directions observed in 

samples R&F (c.f Fig. 4.14(f)) are a strong indication for a lattice modulation related to an inherent 

instability of the β-phase [203]. Thirdly, in the case of the sample HPT some weak fundamental 

reflections of the ω-phase were observed. Recently many investigation works have been 

carried out in coarse grained β Ti–Nb binary alloys that allow to determine the critical 

concentration of Nb up to which diffuse scattering related to formation of the ω-phase arises 

[30,203,204]. Todai et al. observed the ω-phase scattering for Ti–43.5 wt.% Nb whereas for 

Ti–44.7 wt.% Nb it was not encountered even by cooling to a temperature of –173°C. In the 

present case a slightly higher amount of 45.0 % Nb, the ω-phase related diffuse scattering 

occurs even at RT. Similarly, Hanada et al. reported diffuse ω-phase scattering in Ti–45.0 

wt.% Nb while it almost completely disappears for a Ti–52 wt.% Nb alloy. 

 

It is well known that SPD affects the phase stability.  E.g. in the case of coarse grained 

Ti–16.1 Nb containing the α” martensite at RT, a pronounced SPD induced transformation to 

a nanocrystalline ω-phase was observed [31]. Samples of Ti–16.1 Nb subjected to similar 

conditions of R&F and HPT as in the present case of Ti–45.0 Nb showed a substantial amount 

of the ω-phase after SPD (e.g. phase fraction of 65 and 86 wt.% ω-phase was obtained in 

R&F-7 and HPT-4-5 samples of Ti–16.1 Nb). However, in the Ti–45.0 Nb alloy changes in the 

phase structures are hardly detected using methods of XRD and TEM. This is due to the 

presence of high amount of Nb stabilizing the β-phase and therefore, suppressing the 

deformation induced formation of the ω-phase [205]. 

 

With respect to the Young’s modulus it was reported that in the case of Ti–V alloys 

the minimum of E occurs for a composition at which already weak scattering (using XRD, 

TEM) of the ω-phase is observed [81]. Similarly in the case of Ti–45.0 wt.% Nb the weakly 

scattered intensity corresponding to the ω-phase are indications of a minimum of E in the 

Ti–Nb alloys (see Fig. 2.11). Based on the calculations of the Young’s modulus from the 

texture data (taken from [73]) it is noticed that the measured values of apparent Young’s 

modulus show a very good agreement (see Table 4.4). The INI sample shows a <110> fiber 
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texture. In the case of R&F a strong rotated cube texture {001} <110> is seen. This texture 

component {001}<110> is commonly observed in bcc β-Ti alloys after rolling [62,206,207]. 

Besides this, {112} <110> and {111}<112> components can also be seen as a result of high 

cold rolling strain or recrystallization [132,208–210]. The type of texture evolution is 

strongly dependent on the stability of the β-phase. It has been reported that Ti alloys with 

relatively low β-phase stability subjected to rolling show {112}<110> and {111}<112> 

textures while in Ti alloys with higher stability {001}<110> becomes the main rolling 

component [210]. Based on 𝐵𝑜̅̅̅̅   (bond order) - 𝑀𝑑̅̅̅̅̅ (metal d-orbital energy) diagrams [211], 

the value of  Bo̅̅̅̅  = 2.88 and  𝑀𝑑̅̅̅̅̅ = 2.46 for the Ti–45.0 Nb alloy suggests that the alloy lies in 

the stable β-phase region [211,212]. Thus, the main texture component is the rotated cube 

component. The calculation of Young’s modulus from the texture data [73] also show a very 

good in agreement with measured values. Therefore it is concluded that the drop in apparent 

Young’s modulus from 64 to 50 GPa is a result of texture. In the case of the β-phase in Ti 

alloys, the elastic modulus E<hkl> is lowest measured along the [001] direction; its value 

increases in the order of E<001> < E<011> < E<111> [62,77,132]. As the nanoindentation 

measurements were carried out on the strongly textured R&F alloys with a rolling plane 

preferentially orientated along {001} crystallographic planes of the grains, this also explains 

a drop of apparent Young’s modulus by nanoindentation. A similar effect of decreasing 

Young’s modulus with high rolling reduction in the range of 50–89% was also observed in 

Ti–35Nb–4Sn alloy [213]. This decrease was, however, explained by the development of 

stress induced α” orthorhombic martensite showing a {200}α’’ <010>α’’ rolling texture. This 

rolling texture of the α” crystal structure corresponds to a rolling texture of {001} <110> in 

the β-phase. In the present case of HPT a relatively strong extrusion texture changes to 

rather weak shear texture. Textures in torsion are generally weaker than those in 

axisymmetric or plane strain deformation, because in torsion there are no stable 

orientations. As the grains continuously rotate, they slow down in rotation speed towards 

stationary positions in orientation space, whereas they strongly accelerate after they have 

passed these positions [188,214]. However, the particularly weak texture observed here 

seems to be a consequence of the pronounced HPT grain refinement down to the nanometer 

scale which leads to smoothing of the texture [215], but most importantly due to a larger 

contribution of grain boundary mediated processes, e.g. grain boundary sliding [216]. Since 

in the case of HPT, the texture is quite weak and so the contributions of texture towards the 

value of E is seemingly less, the values of E is almost identical to those expected from the 

isotropic polycrystals of Ti–45.0 wt.% Nb (about 65 GPa, [9]). 

 

The increase of the UTS value from the INI sample to HPT (P= 4 GPa, N=1 & 10) (see Fig. 

4.11) can be explained by Hall-Petch hardening which results from severe grain refinement 

and work hardening which occurs by the increase in dislocation density (see Table 4.6). Total 

elongation to failure in the case of INI sample is 24 ± 2 %. In the case of HPT, the values of 

total elongation to failure are 13 % and 8 ± 2 % for HPT-4-1 and HPT-4-10 samples, 
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respectively. Recently, a UTS value of 1020 MPa and a Young’s modulus of 56 GPa were 

reported in the case of Ti–38 wt.% Nb subjected to cold rolling (von Mises strain ε = 2.4) and 

annealing at 400°C [217]. In comparison to the present case of samples processed by HPT, 

this UTS value is slightly higher and the Young’s modulus is lower. The lower Young’s 

modulus may arise from the rolling texture as it is noticed in the present case. Also, the 

fracture strain in cold rolled and annealed Ti–38 wt.% Nb alloy is considerably lower (about 

4.6 %) in comparison to the present case of Ti–45.0 wt.% Nb alloys subjected to HPT ( 8 

%). This demonstrates that almost the same high strength at a markedly larger ductility in 

combination with a moderate value E can be achieved by HPT, in comparison with the results 

of [217]. This considerable ductility acieved by HPT can be attributed to low-strain 

rearrangements and/or annihilation of dislocations upon the release of the high hydrostatic 

pressure [212, 213]. 

 
Finally, the mechanical biocompatibility of the alloy was determined by percentage 

of strength (i.e. microhardness) over Young’s modulus ((H/E) × 100). The higher this ratio, 

the more suitable the material is for biomedical applications. From Table 4.4 it is noticed that 

in the case of INI sample this ratio in percentage is 2.30 ± 0.12 %. In the case of the R&F 

samples, the ratio increases from 2.98 ± 0.14 to 3.94 ± 0.27 % with increasing strain because 

of a decrease of the apparent value of E as result of a strongly rotated cube texture and a 

slight increase of strength from 1.88 ± 0.07 to 1.97 ± 0.11 GPa. In the case of HPT, the ratio 

percentage increases because of strengthening effects due to grain refinement and work 

hardening. Comparing the value of H for the different SPD methods, a strong strengthening 

effect (65% increase with respect to the INI sample) is observed in the case of HPT processed 

samples. While keeping the Young’s modulus almost the same, the H/E ratio increases to 

about 4.0 %, i.e. to a very high value as compared to the other SPD methods. The H/E ratio 

for commercially used orthopaedic materials such as pure Ti and Ti–6Al–4V (Ti64) is ~2.0 

% and 3.1%, respectively, using corresponding values of H and E (HTi = 2 GPa and HTi64 =  

3.4 GPa [84], ETi = 102 GPa, ETi64 = 110 GPa [10]). In the present case of R&F and HPT 

processed Ti–45.0 Nb, the values of H/E  are markedly higher than those of the already 

commercially used orthopaedic alloys. Thus, it can be concluded that HPT and R&F 

processing provide an excellent combination of high strength and low Young’s modulus and 

therefore have a great potential for application as biomaterials. 
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6. Summary and Conclusions 
 
This thesis investigated the impact of the hydrostatic pressure and SPD on the phase stability 

and mechanical properties of biocompatible Ti–Nb alloys. In particular, the Young’s modulus 

E of the alloys was of considerable interest since a low value of E close to that of cortical bone 

suggests the application of Ti–Nb as a material for orthopaedic implants. Since the value of 

E strongly depends on the Nb content, two different compositions were selected showing 

minimum values of E: Ti–16.1 Nb and Ti–45.0 Nb. The phase structure and fractions of the 

alloys induced by different thermo-mechanical treatments were analysed by TEM and XRD 

applying Rietveld refinement methods. The thermal stability and the phase decomposition 

of the HPT induced structures were analyzed in detail by in-situ heating experiments using 

synchrotron radiation. In addition, the texture evolutions in Ti–45.0 Nb with respect to SPD 

were studied and the effects of the texture on the Young’s modulus E were investigated. 

Dislocation density and coherent domain size were measured by X-ray line profile analysis 

(XLPA). In the following the results and conclusions of the thesis are summarized. 

 

 

 

(i) Ti–16.1 Nb 
 

Water quenched sample showed peaks corresponding to the α”-orthorhombic martensitic 

structure. The grain sizeof these samples was in the range of 200-400 μm, containing a fine 

structure corresponding to groups of self-accommodated martensitic variants. Upon 

application of hydrostatic pressure P of 4 and 8 GPa the ω-phase and α’-phase form at the 

expense of the parent α” lattice structure. Applying HPT, a complete transformation to the 

ω-phase occurs at a pressure P≥4 GPa. The ω-phase formed is stable at room temperature. 

Applying R&F, reflections corresponding to the ω-phase arise in addition to reflections of 

those of the parent α”-lattice structure. However, the phase transformation to the ω-phase 

is not complete even for rather high strains (R=7, von Mises strain ε of 6.0). 

 

TEM of HPT processed samples subjected to N=10 rotations at pressure P = 8 GPa 

(von Mises strain ε=296) showed a heterogeneous microstructure with an average grain 

size of 70 nm. In agreement with the XRD measurements, TEM selected area diffraction 

pattern (SADP) also revealed that the samples entirely contain the ω-phase. Therefore, bulk 

nanocrystalline single phase ω-TiNb alloys were obtained by HPT. 

 

To determine the thermal stability of the HPT–induced bulk ω-phase, in-situ heating 

experiments of HPT-processed samples (P = 8 GPa, N = 10) were carried out using 

synchrotron radiation. During heating from RT to 800°C. the ω-phase is stable until a 
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temperature of 300°C. Afterwards the ω-phase starts to decompose into α- and β-

equilibrium phases. The decomposition is complete at a temperature of 460°C.  It is seen that 

in the temperature range of 320 to 500°C, the weight fraction of the α-phase increases at the 

almost the same rate as ω-phase decreases while the phase fraction of the β-phase to the 

equilibrium values is constant as expected from phase diagram. At a temperature of 500°C, 

the ω-phase has completely decomposed into the α- and β-phase. The phase fractions of the 

latter are in good agreement with those indicated by the the phase diagram. With further 

heating, the phase fraction of the α-phase decreases and that of the β-phase increases, again 

in qualitative accordance with the phase diagram. Quantitatively, however, as compared to 

the equilibrium phase fractions, the increases of β and decreases of α with increasing 

temperature are smaller, thus representing an increasing difference to the equilibrium 

values. This result indicates that applying a heating rate of 10°C/min during the in-situ 

experiment, the kinetics of the phase separation is not sufficient to achieve the 

thermodynamic equilibrium. All  these results obtained with the HPT processed and 

isochronically heated samples were confirmed by  SADP patterns done within TEM 

investigations. The latter also exhibited equiaxed ultrafine grains.  

 

Nanoindentation measurements on water quenched Ti–16.1 Nb alloy yielded the 

Young’s modulus E and nanohardness H, as equal to 66 GPa and 1.9 GPa, respectively. The 

low value of E is due to the presence of an almost entire volume fraction of α”-phase in 

agreement with the results in the literature. The HPT-processed specimens exhibit rather 

high values of E and hardness. In the case of HPT-8-10 (P=8 GPa, N=10), an E of 130 GPa 

and a nanohardness of 4.0 GPa was observed. As compared to the undeformed alloy 

containing the elastically soft α”-martensite, the deformation induced increase of the Young’s 

modulus is caused by a complete phase transformation to the ω-phase. A part of  the increase 

of strength can be attributed to microstructural changes induced by severe grain refinement, 

according to corresponding Hall-Petch strengthening, and to work hardening by an 

increased defect density. In the case of the sample HPT followed by isochronal heating to 

520°C, measurements of E and H by nanoindentation yielded values of E = 112 GPa and H = 

3.2 GPa. Almost identical values of E (about 100 GPa) and H (about 3.3 GPa) were measured 

in the case of R&F-5 and R&F-7. The Young’s modulus of the alloy processed by the different 

thermomechanical treatments was successfully modeled in terms of phase fractions 

applying a rule of mixture. 
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As a main result, HPT induces the formation of bulk nanocrystalline ω-phase in Ti–

16.1 Nb alloy. High hydrostatic pressure (P >10 GPa) and HPT at relatively low pressure (P 

=4 GPa) causes the complete phase transformation from α” to ω-phase. Therefore, it can be 

concluded that a part of sufficient hydrostatic pressure required for a complete phase 

transformation is replaced by the shear strain in HPT. HPT followed by isochronal heating at 

520°C yields a bulk Ti–Nb alloy with an ultrafine α/β phase structure. Upon the application 

of HPT the Young’s modulus E increases to 130 GPa (almost twice to that of the initial water 

quenched alloy) because of the formation of the high modulus ω-phase. Therefore, it 

adversely affects the mechanical biocompatibility for the implant applications (the 

maximum of the Young’s modulus of the bone is 40 GPa). Hence HPT is not suitable for 

obtadisng load bearing orthopaedic applications in Ti–16.1 Nb aloy. On the other hand, R&F 

and HPT followed by isochronal heating show an E value of 100 and 112 GPa, respectively, 

close to that of conventional orthopaedic alloy Ti–6Al–4V (E =110 GPa) and commercial 

pure Ti (E = 100 GPa) while exhibiting similar or superior strength H of 3.3 GPa in 

comparison with Ti–6Al–4V (H= 3.3 GPa) and CP Ti (H= 1.5 GPa). Thus ultrafine α/β Ti–

16.1 Nb alloy or R&F- Ti–16.1 Nb show some potential to be used as substitute for CP-Ti and 

Ti–6Al–4V in orthopaedic applications.  

 

 

 

(ii) Ti–45.0 Nb 
 

The initial coarse grained Ti–45.0 Nb containing equiaxed grains with an average size of 25 

µm shows values of the Young’s modulus E = 65 GPa and microhardness H =1.5 GPa, 

pertaining to β-phase with a minor volume fraction of the ω-phase. Upon severe plastic 

deformation, a major phase fraction is still remained as β-phase. However diffuse streaks in 

TEM selected area diffraction pattern suggest that minor volume fraction of the ω-phase 

exists also with application of SPD.  

 

The Young’s modulus of samples is almost unaffected by HPT. Contrary to that, in the 

case of R&F samples, the E value drops from 65 to 50 GPa with increasing strain, i.e. number 

of rolling cycles R from 1 to 5. As SPD does not induce a phase change in this Ti–45.0 Nb alloy, 

the drop of E is suggested to arise from R&F specific texture changes which has been 

confirmed by simulations based on measured textures [73] The initial undeformed sample 

shows a <110> fiber texture. In the case of samples subjected to R&F, a strong rotated cube 

component {001} <110> develops, and the strength of this texture component increases 

with increase of von Mises strain ε from 1.5 to 4.8. In the case of HPT, only a rather weak 

texture develops. The D2 component {1̅1̅2} <111> becomes stronger with shear strain, while 

J {110} <11̅2> and F {110} <001> components get weaker. 
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Nevertheless, the HPT processed sample showed the most pronounced strength 

increase (100%) paired with considerable ductility of 8 %. The strength increase is caused 

by significant grain refinement and increase of dislocation density, and gets saturated 

already after one rotation N=1 (ε =15). Comparing the mechanical biocompatibility (given 

by the percentage ratio of H/E) it is seen that final stage of R&F (R&F-5) and all HPT samples 

exhibit similar values of about 4.0. This indicates that these SPD processed samples have 

great potential to become a new candidate for biomedical applications.  

 

 

 

7. Outlook 
 
In this work, the effect to SPD processing on biomedical Ti–Nb alloys (Ti–16.1 Nb and Ti–

45.0 Nb) was analyzed with the aim to enhance the mechanical properties i.e. maintaining 

the already rather low Young’s modulus while substantially increasing the hardness. In the 

case of the Ti–16.1 Nb, this aim could not be achieved due to the inherent instability of the 

material with respect to a pressure and strain induced formation of high modulus ω-phase 

However, severe plastic deformation was applied at room temperature only. It would be 

interesting to investigate systematically the effect of temperature and the SPD instrinsic 

strain rate on the phase stability and the mechanical properties. Also the thermo-mechanical 

treatments prior to SPD and their effects need to be studied. Recently, it has been reported 

in the β Ti-alloy Ti–36Nb–2.2Ta–3.7Zr–0.3O that with sufficiently high torsional strain in 

HPT the ω-phase can be completely be suppressed, because of severe grain refinement [137]. 

Therefore, experiments should be undertaken to decide whether or not a similar effect could 

be found in the case of Ti-Nb alloys with torsional strains being much higher as those applied 

within the present work. 
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8. Appendix 
 

8.1. Mechanical properties as a function of Nb content 
 

The Ti–Nb alloys with nominal Nb contents (14, 16.5, 19, 21.5, 24, 26.5, 29, 31.5, 36 and 45) 

wt.% were received from IFW Dresden as a part of collaboration work with Mag. M. Bönisch, 

IFW Dresden. These alloys were prepared using a cold-crucible casting device. Afterwards 

these were subjected to homogenization in the single β-phase field at a temperature of about 

10000C for 24 hours followed by water quenching (WQ). Nanoindentation experiments were 

performedwith a Berkvoich indenter using ISO14577 standard module (mentioned in 

“Nanoindentaion” section). 

 

 

 

 
 

Fig. 8.1: Compositional dependence of Young’s modulus E and Nanohardness H in several Ti–

Nb binary alloys. 

 

It is observed that the E and H values follow a w-shaped curve. The maximum value of E = 

97 GPa is observed for Ti–14.0 Nb alloy at which the main phase is found to be hexagonal α’-

martensite. The next maximum in E is observed in the range of 24–29 wt.% Nb (the main 

phase is α”-orthorhombic martensitic phase [192]). The minimum value of E ~ 65 GPa is 

found at about 16.5 wt.% (α”-phase) and 45 wt.% Nb (β-phase). The increase of the Young’s 

modulus in the region of 26–30 wt.% Nb was reported to be caused by the presence of some 
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fraction of high modulus ω-phase in addition to α”-phase or metastable β-phase [4,80]. 

Beyond 31 wt.% the Young’s modulus decreases as the phase fraction of metastable β 

increases [80]. The β-phase gets stabilized with Nb content >37 wt.% [80]. Afterwards up to 

45 wt.% the E shows minimum values owing to low values of elastic constants and beyond 

that the E increases as the Nb content increases approaching to the Young’s modulus of Nb 

(E=104 Nb [30]). Almost similar trend in the case of H as result of the existing phases can be 

explained analogously to Young’s modulus.  

 

 

 

8.2. Pole figures obtained from X-ray texture measurements 
 

 
 

Fig. 8.2: {110}, {200}, {211} pole figures of INI sample of Ti–45.0 Nb alloy in the extrusion 

system (ED = extrusion direction, RaD = radial direction).  
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Fig. 8.3: {110}, {200}, {211} pole figures of Ti–45 alloys upon rolling and folding (a) R&F-1 

(max. = 5.2 mrd), (b) R&F-3 (max. = 12.3 mrd), and (c) R&F-5 (max. = 13.6 mrd). RD = 

rolling direction, TD = transverse direction. 
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Fig. 8.4: {110}, {200}, {211} pole figures of Ti–45 alloys upon simple shear deformation in 

HPT(a) HPT-4-1 (max. = 1.70 mrd), (b) HPT-4-5 (max. = 1.55 mrd), and (c) HPT-4-10 (max. 

= 1.77 mrd). SPN = Shear plane normal, SD= Shear direction. 
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