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Abstract

The present work focuses on the investigation and clarification of dislocation-based microme-

chanical processes being active at the yield and during the post-yield stage in semicrystalline

polymers. In this context, the presence, density and interaction of dislocations is studied, par-

ticularly with respect to the properties of the amorphous phase and its interaction with the

crystalline one. For the proof and the quantification of the dislocations as well as of the crys-

talline lamellae, a special X-ray diffraction method, called Multiple X-ray line Profile Analysis

(MXPA), has been used.

In the first part of this thesis, the influence of the amorphous phase on dislocation kinetics was

studied by means of in-situ heating experiments during simultaneous X-ray diffractometry in

combination with the methods of the Dynamic Mechanical Analysis. This allowed to correlate

the thermally induced changes of the dislocation density with those of the molecular relaxations.

A second group of experiments consisted in in-situ compression MXPA tests below and beyond

the glass temperature, thus selectively modifying the rigidity of the amorphous phase. Thereby

also the rotational degrees of freedom of the crystalline lamellae could be systematically varied,

thus allowing the investigation of different micromechanical deformation mechanisms.

A third goal of the work was to study the dislocation dynamics in Polyethylene during macro-

scopic plastic deformation. As the standard-MXPA methods fail here due to the low number of

Bragg reflections, the so-called momentum method has been applied here for the first time to

a semicrystalline polymer. As in the case of MXPA, this method allows to separate size from

distortion effects and to uniquely attribute the latter to the presence of dislocations and/or to

their multiplication during further deformation.
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Kurzfassung

Die vorliegende Arbeit befasst sich mit der Untersuchung und Aufklärung versetzungsbasieren-

der mikromechanischer Prozesse, welche zu Beginn der plastischen Verformung und danach in

semikristallinen Polymeren ablaufen. Dabei werden die Existenz, die Dichte und die Wechsel-

wirkung der Versetzungen studiert, insbesondere hinsichtlich der Eigenschaften der amorphen

Phase und deren Wechselwirkung mit der kristallinen Phase. Für den Nachweis und die Quan-

tifizierung der Versetzungen als auch der Größe der kristallinen Lamellen wird eine spezielle

Röntgendiffraktionsmethode, die sogenannte “Multiple X-ray line Profile Analysis (MXPA)“,

eingesetzt.

Im ersten Teil der Arbeit wurde der Einfluss der amorphen Phase auf die Versetzungskinetik

untersucht, mittels in-situ Aufheizexperimenten bei gleichzeitiger Röntgendiffraktometrie in

Kombination mit den Methoden der Dynamisch-Mechanischen Analyse. Dadurch war es möglich,

die thermisch induzierten Änderungen der Versetzungsdichte mit solchen der molekularen Re-

laxationsvorgänge zu korrelieren.

Der zweite Teil der Experimente bestand in der Durchführung von in-situ Kompressions-MXPA

Tests unterhalb und oberhalb der Glasübergangstemperatur, womit die Steifigkeit der amor-

phen Phase selektiv beeinflusst wurde. Dadurch konnte auch der Rotations-Freiheitsgrad der

kristallinen Lamellen systematisch variiert werden, was die Untersuchung unterschiedlicher

mikromechanischer Verformungsmechanismen ermöglichte.

Ein drittes Ziel der Arbeit war das Studium der Versetzungsdynamik in Polyethylen während

makroskopischer plastischer Verformung. Weil hier wegen der geringen Zahl von Bragg-Reflexen

die Standard-MXPA Methoden versagen, wurde erstmals in einem semikristallinen Polymer die

sogenannte “Momenten-Methode” angewandt. Ähnlich wie im Fall der MXPA ist diese Meth-

ode in der Lage, den Size-Effekt vom Verzerrungseffekt zu trennen und außerdem den letzteren

eindeutig der Präsenz von verformungsinduzierten Versetzungen bzw. deren Vervielfachung bei

fortgesetzter plastischer Verformung zuzuordnen.
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Chapter 1

Introduction

Polymers have become indispensable in today’s economy, industry and science. Especially ther-

moplastics such as polypropylene and polyethylene experienced a rapid growth in production

within the last decades. Reasons for their success are not only because of their low production

costs but also due to their simple processability, low weight, chemical resistance, permeability

and low conductivity [1].

The microstructural mechanisms of plastic deformation of polymers are not fully clarified yet.

However, a detailed understanding of mechanisms which are involved in plastic flow is essential

not only to improve nowadays state of technology, e.g. increasing the strength of semicrystalline

polymers, but may also become interesting for related disciplines. Although, the idea of dislo-

cation based deformation mechanisms, is nothing new in polymer physics [2–13], it just gained

increased attention within the last decade.

In semicrystalline polymers, the crystalline phase itself is a determining factor with respect to

macroscopic strength. Previous investigations already focused on the verification of dislocation

mechanisms within semicrystalline polymers [14–23]. An indispensable tool which allowed to

quantify dislocations and as a consequence, investigate if dislocations play a role in plasticity is

a special X-ray technique, called “Multiple X-ray line Profile Analysis” (MXPA) [24–29]. By

this tool it could not only be proven that dislocations exist in polypropylene (PP), but do also

multiply with increasing deformation [23]. A further verification of dislocations could be given

by comparing size distributions obtained from MXPA and Differential Scanning Calorimetry

(DSC), while the presence of crystalline defects has to be taken into account in order to achieve

correct crystallite size distributions [21]. However, the concept of dislocations and their impor-

tance for plasticity can not be applied to all semicrystalline polymers. Some semicrystalline

polymers, even the same type of polymer, but crystallized in a different crystal structure, do not

show dislocation activity upon deformation [17, 18]. Additionally, the interplay of dislocations

1



2 CHAPTER 1. INTRODUCTION

and mechanical properties such as the yield stress was studied on the basis of strain rate jump

tests in polyethylene (PE) [16], where a dislocation based model could be used to simulate the

yield stress. It was demonstrated that the amount of dislocations being present in the material

significantly influences the strength of semicrystalline polymers.

It can therefore be considered as very promising, especially from a technological point of view,

if possibilities are found to interfere with dislocation processes in order to control mechanical

properties to a certain extent. However, this can only be achieved if a serious understanding of

microstructural deformation processes is available.



Chapter 2

Aim of the thesis

Investigations of deformation mechanisms which take into account dislocation based processes,

concentrate on the crystalline phase. The present work extends this view by focussing on the

role of the amorphous phase and its interplay with the crystalline domains with special respect

to the dislocation concept, by performing specific temperature dependent in-situ experiments.

Therefore, similar to previous studies, the MXPA-technique is used as an important tool in order

to get information on the presence and the development of dislocations. If dislocations do play

a role during plastic deformation, the mechanisms of dislocation interaction are to be clarified.

In case dislocations do only play a minor role during plastic deformation, possible alternative

deformation mechanisms are to be considered and discussed.

In the case of PE, it was not possible so far to obtain information about the development of

dislocation densities during plastic deformation by conventional X-ray Line Profile Analysis

(XLPA) methods due to its low number of independent high intensity reflections. Therefore,

an alternative X-ray method had to be applied which allows to obtain information about mi-

crostructural parameters such as the dislocation density and the coherently scattering domain

size from only a single X-ray line profile.

In order to achieve this goal several synchrotron campaigns using different in-situ setups have

been planned. The results obtained from MXPA evaluations are assisted by mechanical and

thermal characterizations in order to allow for an interpretation of micromechanical processes

being involved in the yield and post-yield stage.

3
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Chapter 3

Semicrystalline Polymers: State of the art

3.1 Structure and Morphology

Polymers are substances composed of macromolecular chains, which in turn consist of fre-

quently repeating molecules, where the number of their repetitions increases up to several

thousands. Depending on the arrangement of substituents on the chain, its tacticity is called

isotactic, syndiotactic or atactic. However, in order to form a crystalline phase, which is char-

acterized by a long range order, polymers need to be either isotactic or at least syndiotactic.

In the semicrystalline state, the molecular chains form crystalline lamellae with a thickness of

5 to about 25 nm and up to several tenth of µm in lateral direction [30, 31] depending on the

crystallization conditions and the type of polymer.

In most cases, the crystalline structure is characterized by a parallel arrangement of the

macromolecular chains, where one chain can be folded several times, depending on the molec-

ular weight of the material. This was concluded from the fact that the length of the macro-

molecules by far exceeds the thickness of the crystalline domains [32, 33]. Semicrystalline,

melt crystallized samples are commonly characterized by a superstructure known as spherulites,

build up by the crystalline lamellae which nucleate from a common center radially to the out-

side, with the crystals being embedded in an amorphous matrix (figures 3.1 and 3.2). The crystal

growth is stopped on contact with neighbouring spherulites, which results in straight interfaces

and a polygon like spherulitic shape in the fully crystallized sample.

The crystallographic structure of a semicrystalline polymer is usually not limited to a sin-

gle phase. Polypropylene, for example, is polymorphic in its nature since it can crystallize

in three different crystalline forms, which are the monoclinic α, the hexagonal β and the or-

thorhombic γ-phase, at which the α-phase is its most common crystal modification. Similar to

many other polymers, the crystalline lamellae of the α-phase of polypropylene show a parallel

5
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Figure 3.1: Morphological hierarchy of a semicrys-
talline polymer [34]. Figure 3.2: Optical micrograph

showing spherulites [35].

chain arrangement. A unique characteristic of this phase is its lamellar branching or so called

cross-hatched morphology. This crystallographic exception, which is obtained during almost

all crystallization conditions, was first observed in the 1960s [36]. The lamellar branching is

characterized by radial (“mother” lamellae) and nearly tangential (“daughter” lamellae) lamel-

lar growth within the spherulites (figure 3.3). The origin of the crosshatching phenomenon

could successfully be attributed to epitaxial interactions including (010) crystallographic planes

[37, 38], where the daughter lamellae incline an angle of 80° to 100° with respect to the mother

lamellae.

An efficient method in crystallizing PP containing significant amounts of β-modification or pure

β-iPP is by adding β-nucleation agents [39–41]. Due to its lower surface free energy compared

to α-crystals and the presence of advantageously located secondary nucleation sites, β-lamellae

posses an increased growth rate, however its primary nucleation rate is lower compared to the

α-phase. Hence, special β-nucleators are needed to obtain pure β-iPP [39, 41–43].

The orthorhombic γ-phase shows a quite unusual arrangement of the macromolecules within

the unit cell. Instead of being arranged in a parallel manner as observed in most semicrystalline

polymers, the chains form parallel bilayers, each bilayer tilted at an angle of approximately

80° to 100° against each other (figure 3.4) [44–46], very similar to the orientation of mother

and daughter lamellae in branched α-iPP, and about 40° with respect to the crystallographic b

axis [47, 48].

A common method in crystallizing PP solely in its γ-modification is the application of high pres-

sures during crystallization. While crystallizing iPP at pressures below 200 MPa both, the α

and γ-modification is observed, an increase in pressure above 200 MPa results in crystallization

of γ-phase exclusively. Recently, it could be demonstrated that crystallization of the γ-phase

can even be stimulated by adding α-nucleation agents [49], caused by either direct nucleation of

γ-crystals on the nucleating agents, or by enhanced nucleation of the α-phase which serves as a

“seed” since it is considered as an ideal substrate for epitaxial growth of γ-lamellae [38, 48–50].
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Figure 3.3: Electron micrograph of a thin
α-iPP film, exhibiting lamellar branching
at angles of 80° to 100°[38].

Figure 3.4: Unit cell packing of γ-iPP, in
top view of the (110) plane [51].

3.2 Plasticity of Semicrystalline Polymers

Due to the complex structure and the presence of several phases with a large difference in their

physical properties, but also due to changes in morphology with increasing strain, different

deformation mechanisms, operating at the microscopic scale, are activated with proceeding de-

formation. Hence, in order to understand the deformation behaviour on the macroscopic scale,

the phase specific micromechanisms of deformation have to be considered. This essentially

comprises deformation of the amorphous and the crystalline phase.

The tensile test is a good example where different deformation mechanisms can be ob-

served at different degrees of deformation (figure 3.5). This change in the deformation mecha-

nisms was found to be activated at specific transition points for a large range of semicrystalline

polymers, also being independent of chain architecture, drawing temperature and crystallinity

[52, 53]. An important finding is that these transition points are triggered by the applied strain

instead of stress [53]. Recently, Bartczak et al.[54] demonstrated that the deformation scheme

can also be observed during plane-strain compression experiments, as demonstrated on the ba-

sis of a variety of polyethylene samples, also having different lamella sizes and crystallinities.

The deformation scheme could be summarized as follows [52–54]:

(A) Transition from elastic to plastic deformation. Up to this point most of the strain is carried

by the amorphous phase.

(B) The macroscopic yield point is reached and lamellar rotation occurs. Crystalline deforma-

tion changes from a localized slip of few lamellae with advantageous orientation with respect

to the applied strain, to a more diversified distribution of crystallites.
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Figure 3.5: True stress-true strain relations for HDPE at different constant strain rates ε̇. Mod-
ified from [52]

(C) Molecules emerging from crystallites generating the amorphous network, such as tie-molecules,

are highly strained. This leads to a transmission of stresses to the crystalline lamellae which

encounter partial fragmentation.

(D) The amorphous fraction becomes fully stretched, resulting in pronounced strain hardening.

The continuous fragmentation and the accompanied release of constraints enables the formation

of a final fibrillar structure.
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3.2.1 Deformation of the amorphous phase

While the crystalline phase is mainly formed by the repetitive folding of macromolecules, there

is also a substantial amount of chains which do not fold back into the same lamella. Instead,

these chains do also enter other crystalline lamellae, neighbouring spherulites, or the chain ends

simply protrude from the crystal. All of these possible configurations together build up the

amorphous phase in which the crystalline lamellae are embedded.

The amorphous phase plays an important role during the deformation since it adds additional

degrees of freedom to the system. Three deformation modes have been postulated to take place

during deformation in the amorphous phase, which is i) interlamellar shear, ii) interlamellar

seperation and iii) lamellae stack rotation [53, 55] which is shown schematically in figure 3.6.

Figure 3.6: Plastic deformation mechanisms in semicrystalline polymers Tg < Tm [56]. The
mechanisms of fine and coarse slip are discussed in section 3.2.2

Interlamellar shear or slip is characterized by a relative translation between lamellae crystals

against each other, while the shear direction is aligned parallel to the lamellae. This deformation

mechanism was found also to be recoverable [52]. The reason are tie-molecules connecting

adjacent lamellae, but also a strong network of entangled chains, which retract the sheared

crystals upon unloading.

When a tensile stress acts on two or more parallel lamellae, with its direction normal to the

lamellae surfaces, these crystals experience interlamellar separation. This mode of deformation

is distinguished by an increase in the distance of two parallel lamellae. Since a change in

volume of the rubber like amorphous phase is difficult to perform, regions where interlamellar

separation takes place are usually a source of cavitation which may in further consequence
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lead to voids and crazes [53]. The resistance to this deformation mode strongly depends on

the number of chains connecting the lamellae (taut-tie-chains), experiencing separation and the

entanglement density within the amorphous phase. Alternatives to the formation of cavities

have been discussed such as that surrounding material from the amorphous phase fills these

gaps by simply “flowing” into them [57, 58]. However this alternative was also considered to

be unlikely since it would require tie-molecules to break apart [32]. Instead it was suggested

that the deformation can be accompanied by bending of the lamellae [32, 59].

In case of lamellae stack rotation, several layers of parallel lamellae rotate as a unit.

Figure 3.7: Possible deformation modes within a spherulite, depending on the location of the
region with respect to the applied stress. (a) the 45° domains in an undeformed spherulite,
(b) lattice rotations due to simple shear in 45° domains subject equatorial regions to enhanced
tension and radial compression and polar regions to enhanced compression (modified from [55])

Considering uniaxial deformation these mechanisms appear simultaneously depending on

the region within the spherulite with respect to the applied stress (figure 3.7). In general it can be

observed that, in the case of e.g. tensile deformation, lamellar stack rotation occurs primarily in

the equatorial regions of the spherulites, while the amorphous regions are tilted by 45° towards

the applied stress and mainly experience interlamellar shear accompanied by a rotation of the

crystalline lattice. In the polar regions however, the dominant mechanism is supposed to be

interlamellar shear, while the lamellae are extended by a set of kinks which potentially form

cavities with increasing deformation [55, 60].



3.2. PLASTICITY OF SEMICRYSTALLINE POLYMERS 11

3.2.2 Deformation of the crystalline phase

In contrast to the amorphous phase, the crystalline phase is characterized by a long range or-

der on the molecular scale and a first order transition which is melting. It is well known that

the yielding is strongly determined by the presence and deformation of the crystalline phase

[54]. Even more interesting is the fact that especially the thickness of the crystalline lamellae

is decisive for the yield point, in other words, the strength of the material [16, 61–63]. While

at small strains, deformation mainly operates via the amorphous phase by shear within small

microdomains, which multiply and finally end up in a macroscopic flow, this mechanism is

quickly exhausted and deformation also involves the crystalline phase.

The exact mechanism of crystal plasticity was controversially discussed while three major mod-

els were formulated to describe the whole deformation path.

Peterlin’s model of micronecking

Observations on plastically cold drawn polymers which experience necking depicted a transfor-

mation from the initial spherulitic, chain folded lamellar morphology to a strongly oriented fiber

structure with a new long period. This experimental certainty was used by Peterlin to develop a

model which should give an explanation of these considerable rearrangements on the molecular

scale.

The model was divided into three deformation steps which contained, a) “The continuous plastic

deformation of the spherulitic structure before the neck”, b) “The discontinuous transformation

in the neck from the spherulitic to the fibre structure” and c) “Plastic deformation of the fibre

structure after the neck” [64]. The proposed deformation mechanisms in stage a) and c) do not

differ severely from nowadays accepted explanations which involve in the case of a) inter and

intracrystalline shear (slip) processes, lamellar stack rotation or phase transformations, and in

the case of c) interlamellar shear and stretching of tie molecules leading to strain hardening.

The proposed mechanism b), however, was exposed to justified criticism.

It was proposed that during stage b), the chain folded crystalline lamllae are transformed to

a bundle of microfibrils, by so called “micronecking”, which are the basic element of the fi-

nal fiber structure. Hereby, small crystalline blocks should be “broken off” the lamellae at a

microcrack (figure 3.8) [64] and rearrange with their chain axis parallel to the shear direction

to a partially unfolded fibrillar chain structure with a regular amorphous spacing between the

crystalline blocks (figure 3.9). However, Bartczak et al. [53] clearly pointed out that a basic

requirement for this micronecking model is cavitation, otherwise a block rotation can not be

performed due to the mechanical constraints by the neighbouring crystallites but also due to the
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Figure 3.8: Microfibrils pulled out
at the crack of polyoxymethylene
(POM) single crystals [64]

Figure 3.9: Peterlin’s micronecking
model [53]

amorphous phase (figure 3.9). Nevertheless, cavitation is only characteristic for tensile defor-

mation modes (such as drawing), hence the micronecking model applies to deformation mech-

anisms in tension, but it fails if cavitation free deformation modes are considered, such as plain

strain and uniaxial compression, where also a change from an initially isotropic, spherulitic

structure to a microfibrillar fiber structure can be observed under the formation of a new long

period [65]. The microstructural mechanisms operating during this deformation modes were

clarified by taking into account crystallographic slip processes [65], which will be discussed in

detail in section 3.2.2.

The melting recrystallization model

A few years after Peterlin published his model, already considering the possibility of partial

melting of the lamellae [64], Flory and Yoon [66] expanded the idea to the melting-recrystallization

model taking into account data from neutron scattering. They concluded that as large irre-

versible deformations, as appear during cold drawing and plastic flow, must either include

breakage of the macromolecular chains or destruction of pre-existing crystalline domains by

melting [66]. Since plastic flow, in general is not accompanied by a decrease in molecular

weight, mechanism one was excluded. Instead, they suggested that localized melting processes

of small crystalline regions, followed by subsequent recrystallization to a new crystalline region

in a pattern compliant with the prevailing stress. A problem of this model is that it does not suf-

ficiently explain the yielding process. By taking into account crystallographic slip however, it
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was possible to model the whole plastic strain range up to chain rupture. Additionally, it was

experimentally confirmed that crystallographic processes are active at the yield. Séguéla [67]

discussed these two processes pointing out that melting-recrystallization is not a necessity for

plastic deformation but rather a consequence of chain unfolding, whereas crystallographic slip

is present at all stages of deformation.

Crystallographic slip

Basically, a crystalline lamella can be deformed by twinning, martensitic phase transformations

and crystallographic slip, while the latter is the most important since it is present at all stages of

deformation and can accommodate large plastic strains [68]. Crystallographic slip occurs, if two

parts of a crystal separated by a common slip plane undergo a relative translation against each

other which occurs, similar to metals, in the closest packed planes. Slippage within a crystal

starts if the necessary critical resolved shear stress (CRSS) on such a slip plane is reached.

However, it was found that the theoretically calculated shear stress being necessary to initiate

slip is increased by an order of magnitude compared to the measured ones. The reason is

that the crystal is not sheared at once, which would correspond to a simultaneous movement

of all atoms within the slip plane against each other, instead the movement of atoms occurs

consecutively. Within a crystal this mechanism corresponds to a movement of a dislocation,

further discussed in section 3.2.3. If a force acts on a dislocation within a slip plane in direction

of its Burgers vector, dislocation movement occurs. Hence, the resulting shear stress in this slip

plane is essential for the dislocation mobility, if the critical resolved shear stress (CRSS) τ0 is

overcome. In case of uniaxial deformation with a stress σ, the resolved shear stress τ can be

calculated using Schmids law:

τ = σ cosκ · cosϕ = mσ (3.1)

where κ and ϕ are the angles between the slip plane normal and the slip direction with

respect to the uniaxial stress respectively (figure 3.10). The factor m = cosκ · cosϕ is the

Schmid factor and can vary within 0 ≤ |m| ≤ 0.5. This implies that at a given stress σ, the slip

plane with the highest Schmid factor experiences the highest shear stress τ . If this shear stress

exceeds the critical resolved shear stress τ0, crystal slip will take place governed by dislocation

motion.

In order to achieve homogeneous deformation of a crystal, at least five independent slip

systems are required [69]. In polymers the number of possible slip systems is usually less than

five due to its long chain structure. Instead, the soft amorphous phase acts as an additional slip

system where the lamllae can rearrange. Two basic mechanisms of crystallographic slip are
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Normal to

slip plane

Slip direction

Shear stress τ

φ

ĸ

A0

A
┴

Figure 3.10: Crystallographic slip occurs if the shear stress exceeds a critical value on a slip
plane. The shear stress depends on the orientation of the slip plane normal and the slip direction
with respect to the applied stress.

observed, which is chain slip and transverse slip (figure 3.11). In case of chain slip, the slip

direction is parallel to the chain direction. Chain slip already occurs at small plastic strains due

to its low CRSS [60]. This was also supported by Shadrake and Guiu [9] who calculated line

energies of various types of straight dislocations for polyethylene. A slip is called transverse,

if the slip direction is perpendicular to the chain axis. Due to its higher CRSS, this type of

slip commonly appears at higher deformations [22]. Crystallographic slip with the slip plane

perpendicular to the chain axis would require chain rupture which is not possible due to the

strong covalent bonds in the macromolecular chains (figure 3.11c).

Figure 3.11: Chain slip is the preferred type of crystallographic slip, especially at small defor-
mations due to its low CRSS. With increasing deformation, shear stress increases accordingly
resulting in an additional activation of transverse slip. Due to strong covalent bonds in the chain,
slip involving shearing of the chain is impossible.
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On the basis of wide angle and small angle X-ray scattering (WAXS and SAXS) it is

possible to determine the alignment of the molecular chain axis and the normal of the lamellar

surface. This enables to differentiate between two modes of chain slip, which is fine slip and

coarse slip. Considering fine slip, slip occurs on many parallel oriented planes simultaneously.

This type of slip is characterized by an increase of the angle between the normal vector of the

lamellae surfaces and the chain axis as deformation proceeds (figure 3.12b). In the case of

coarse slip, less parallel slip planes are activated, though they experience much greater slip,

while the angle between the normal vector of the lamellae and the chain axis does not change

during deformation (figure 3.12c).

Figure 3.12: The lamella in its undeformed state (a) can deform by two types of chain slip,
which is (b) fine slip, where an increase in the angle between normal vector of lamella surface
and chain axis occurs, and coarse slip (c) where the angle between the two vectors remains
uninfluenced.

As mentioned above, crystallographic slip is accompanied by dislocation generation and

movement. The following chapter will elucidate the role of dislocations during deformation in

more detail and discuss their basic principles.

3.2.3 Deformation by dislocation motion

The presence of dislocation was already postulated several decades ago in metal physics since

the calculated stress required to deform a crystal plastically was much higher than the measured

stress during the experiment. This discrepancy could be resolved by taking into account the

presence of dislocations, facilitating the plastic flow. In polymers however, the presence of dis-

locations was controversial for a long time. Although, there existed already a large amount of

literature which proved the existence of grown-in dislocations from solution grown single crys-

tals [70, 71], the verifications of dislocations in melt grown semicrystalline polymers was rather

challenging, amongst others, due to its multiphase morphology. Nevertheless, the presence

of dislocations in melt-crystallized PP could be verified by Wilhelm et al. [23] using a spe-

cial X-ray technique discussed in detail in section 3.2.3. It was possible to show that not only

dislocations are present in the material, but also that their number multiplies with increasing

deformation. This was a first direct experimental evidence that dislocations do play a role dur-
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ing plastic deformation processes, at least in the α-phase of PP. Continuative studies, also based

on X-ray evaluations, concentrated on semicrystalline polymers with a non parallel chain align-

ment such as the γ-phase of PP, which develops at crystallization pressures above 200 MPa. In

this case, similar to experiments of Wilhelm et al. the development of the dislocation density

with increasing strain was investigated [17]. Surprisingly, instead of a permanent increase in

the number of dislocations with proceeding deformation, its increase was much smaller. This

certainty pointed at a different deformation mechanism being active in the material, instead of

crystallographic slip guided by dislocation motion like in the case of α-iPP, the primary defor-

mation mechanism in the case of γ-iPP was interlamellar shear of the amorphous layers due

to the non-parallel chain arrangement in the crystals leading to a higher CRSS [17, 48]. How-

ever, a small increase in dislocation density at higher degrees of deformation accompanied by

a steady decrease in CSD-size could be observed. This process may be understood in terms

of geometrically necessary misfit dislocations located between the boundaries of the crystalline

blocks within the lamellae. Using a simple model [72], the dislocation density could be esti-

mated on the basis of the crystalline block size [17]. The presence of dislocations could also

be verified by more direct methods such as SEM and AFM [73]. In this case, high pressure

crystallized PE was plastically deformed and investigated by SEM and AFM while dislocations

could be observed at the side faces of the crystalline lamellae. Very recently, model predictions

of the yield strength as function of strain rate for different amounts of dislocation density being

present in the material were made, emphasizing the role of dislocations for plasticity [16]. In

this work it could be shown that the yield strength, amongst the thickness of the crystalline

lamellae, can be controlled by the number of dislocations present in the material. All these ex-

amples point at the importance of dislocations with respect to plasticity, which is also the reason

why many plasticity models take into account a dislocation approach [3, 62, 63, 74]. Hence, the

basic principles should be explained in the following sections.

Theory of dislocations

Dislocations can be differentiated between two types that are, edge and screw dislocations,

however in practice, dislocations were found to have qualities of both types, meaning that they

are mixed. An edge dislocation can be constructed schematically by introducing an additional

half plane of atoms in an undistorted, defect free crystal lattice, with the dislocation line being

at the bottom of the extra half plane (figure 3.13). In order to construct a screw dislocation,

one side of the crystal has to be shifted relative in one direction with respect to the opposite

side (figure 3.14). The type of dislocation is usually determined by the angle or orientation

of the Burgers vector with respect to the dislocation line. The Burgers vector determines the
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Figure 3.13: (a) An edge dislocation is constructed by adding an extra half plane of atoms
in a crystal lattice (indicated by the red line). The Burgers circuit is shown by arrows around
the edge dislocation with the positive line sense of the dislocation line into the paper. (b)
Transferring the same circuit in the undistorted lattice yields the Burgers vector by the closure
failure (modified from [75]).

Figure 3.14: (a) A screw dislocation is obtained by shifting one side of a crystal with respect
to its opposite side. The Burgers circuit is drawn around around the screw dislocation. (b)
Transferring the same circuit in the undistorted lattice yields the Burgers vector by the closure
failure [75].

magnitude and direction of the relative shift experienced by the two crystal parts. In case of

an edge dislocation, Burgers vector and dislocation line are oriented perpendicular, for screw

dislocations their orientation is parallel.

Many authors take into account a dislocation approach in modelling the flow stress of

semicrystalline polymers. These models assume that the yielding is controlled by the energy be-

ing necessary to nucleate a screw dislocation with the Burgers vector being parallel to the chain

axis within the crystalline lamellae, in other words, that shear stresses together with thermal

fluctuations generate dislocations on the lamellae edges [9, 10, 12].
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It has been shown that the required energy to generate a screw dislocation under a shear

stress τ is given by [9, 10]:

∆G =
Kb2l

2π
ln

(
r

r0

)
− τblr (3.2)

which is composed of a term related to the stored elastic line energy per unit length for a

pure screw dislocation and a term originating from the work supplied by external shear forces

respectively, with K the crystalline shear modulus related to (hk0)[001] slip, the thickness of

the crystalline lamellae l, the Burgers vector b, the core radius of the dislocation r0 (neglecting

any contribution from the dislocation core) and the distance from the dislocation line to the

lamella edge (radius of the dislocation) r. The critical dislocations radius, thus maximizing ∆G

is obtained by the first derivative of ∆G with respect to r and setting it to zero resulting in

rc =
Kb

2πτ
. (3.3)

The obtained critical Gibbs free energy will then read as:

∆Gc =
Kb2l

2π
ln

(
rc
r0

)
− τblrc =

Kb2l

2π

[
ln

(
Kb

2πτr0

)
− 1

]
(3.4)

The shear stress at yield τyield = τy is thus obtained by rearranging equation 3.4

τy =
Kb

2πr0

[
exp

(
2π∆Gc

lKb2
+ 1

)]−1

(3.5)

In order to calculate the tensile yield stress σy, the validity of the Tresca yield criteria τy =

σy/2 was assumed and applied to equation 3.5 resulting in

σy =
Kb

r0π

[
exp

(
2π∆Gc

lKb2
+ 1

)]−1

. (3.6)

Considering that r0 = 10±1Å [9], which corresponds to twice the distance of neighbouring

chains we can set r0 ≈ 2b [6] and

σy =
K

2π

[
exp

(
2π∆Gc

lKb2
+ 1

)]−1

. (3.7)

From equation 3.7 it can be seen that the yield stress is directly related to the thickness of

the crystalline lamellae l (lamellae thickness) and on the test temperature by ∆G. ∆G has to

be applied by thermal fluctuations and is proportional to kT with the Boltzmann constant k

and the absolute temperature T [6]. This mechanism was initially proposed by Peterson [13]

and developed further by Young [10] and also Shadrake and Guiu [9]. However, according to



3.2. PLASTICITY OF SEMICRYSTALLINE POLYMERS 19

this model, the yield strength increases monotonously with increasing lamella thickness which

was disproved by Kazmierczak et al [61] by compression experiments on PE with lamellae

thicknesses between l= 20 nm and 170 nm (figure 3.15). Argon et al [62] were able to solve

this discrepancy by assuming that edge and screw dislocation half loops nucleate on the surfaces

of the lamellae being independent of the lamellae thickness. By this approach they could model

the observed transition from a yield stress increasing with lamella thickness to one of constant

development for high lamellae thicknesses (above ca. 20 nm). Another problem of the classical

crystal plasticity approach (equation 3.2) is, that it is unable to fit both, the temperature and

crystal thickness dependence of the yield stress. Brooks and Mukhtar [76] assumed that the

core energy term (elastic strain energy of a screw dislocation within the core radius r0) E0

cannot be ignored within the original formulation. By considering the core energy E0, equation

3.2 becomes [76]:

∆G =
Kb2l

2π
ln

(
r

r0

)
+ E0 − τblr. (3.8)

Analogue to the steps performed above, the tensile yield strength results in:

σy =
K

π
α(T ) exp−

(
2π∆Gc

lKb2
+ 1

)
(3.9)

with the temperature dependent function

α(T ) =
b

r0

exp

(
2πE0

lK(T )b2

)
. (3.10)

By this approach they could model the yield stress in a temperature range from -60 to

60°. However, as Nikolov and Raabe pointed out [63], the approach suggested by Brooks

and Mukhtar yields a negative core energy at elevated temperatures.

Nikolov and Raabe could solve this problem assuming nucleation and propagation of [001]

screw dislocations as a result of 180° chain twist defects with a Burgers vector of c/2. This type

of molecular twist mechanism had already been proposed by several authors [6, 8, 74, 77, 78]

and will be discussed in section 3.3. The core energy of a twist defect is composed of, similar

to above, the elastic energy from distortion within the misfit zone E0, but also a term related to

the energy change δU due to the twist motion.
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Similar to the model to Brooks and Mukhtar the change in the free energy ∆G originating

from the nucleation of a pair of screw dislocations was calculated as [63]:

∆G =
Kb2l

2π
ln

(
r

r0

)
+ 2(E0 + δU)− τblr. (3.11)

For the stress induced twist motion they suggested an Eyring activated rate process, also

introducing a parameter β which takes into account surface and chain end effects. Their model

for the yield stress could succesfully describe the experimental data of Kazmierczak et al. [61]

including the overshoot of the yield stress at a lamellae thickness of about 50 nm (figure 3.15).

However, in case of temperature dependence, the model underestimates the yield stress for low

temperatures below the glass transition temperature [61]. This is reasonable since the amor-

phous phase significantly contributes to the yield stress below the glass transition temperature

and can therefore not be neglected.

Figure 3.15: Yield stress as a function of lamellae thickness [63]
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3.3 Molecular relaxations in polymers

3.3.1 Viscoelastic behaviour of polymers

Upon deformation, polymers show a viscoelastic behaviour, which can be described by an elas-

tic and viscous component. During elastic deformation, the material changes its shape when

subjected to an external force until it reaches a new equilibrium state. The energy which is

applied during the deformation process is stored in the material and is available to restore the

original shape of the material during unloading. Contrary, viscous behaviour, such as in viscous

liquids change their shape irreversible upon an external load. Thus, due to their viscoelastic

nature, polymers in general, but also an arbitrary given polymer type can exhibit both charac-

teristics dependent of the considered time, frequency and temperature scale [79]. In contrast

to purely elastic materials, viscoelastic materials do dissipate energy when an external force

is applied and removed. This is reflected in a hysteresis loop when plotting the applied stress

acting on the sample as a function of strain. The area of this loop is a measure of the energy

lost during this cycling step [80]. Viscoelastic materials are characterized by a strong strain rate

dependence. Depending whether the stress changes linearly or nonlinearly under the applied

strain rate, it is differentiated between linear and non-linear viscoelasticity respectively. Prin-

cipally, linear viscoelasticity occurs if a material is subjected to deformation that is either very

small or very slow. This allows the application for various mathematical models based on the

assumption that the total deformation is the sum of elastic (Hookean) and viscous (Newtonian)

components in order to predict the response of the material under different loading conditions

[81]. In order to study viscoelastic behaviour and in further consequence molecular relaxations

and transition points, data are required for a wide range of frequency and/or temperature. A

common method, beside stress-relaxation and creep experiments, is the application of dynamic

mechanical analysis .

Dynamic Mechanical Analysis (DMA)

In this experimental procedure, the sample is subjected to an alternating, usually sinusoidal,

strain while simultaneously measuring the stress. In a purely elastic scenario, stress σ and

strain ε will be in phase, while in a purely viscous case, strain lags behind stress by π/2. Hence,

in the viscoelastic case, the behaviour will be somewhere between these two extremes.
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This behaviour is expressed by

ε = ε0 sinωt (3.12)

and

σ = σ0 sin(ωt+ δ) (3.13)

with the angular frequency ω and the phase lag δ.

Applying the addition theorem for trigonometrical functions on equation 3.13 yields [81]:

σ = σ0 cos δ sinωt+ σ0 sin δ cosωt. (3.14)

If we rewrite equation 3.14 in a more simple form by substituting A = σ0 cos δ and B =

σ0 sin δ we see that the stress is composed of two components: with the first term being in phase

with strain and the second term being 90° out of phase with the strain:

σ = A sinωt︸ ︷︷ ︸
in phase with ε

+ B cosωt︸ ︷︷ ︸
π/2 out of phase with ε

. (3.15)

We can expand equation 3.14 by ε0 to

σ = ε0
σ0

ε0

cos δ sinωt+ ε0
σ0

ε0

sin δ cosωt = (3.16)

= ε0E
′ sinωt+ ε0E

′′ cosωt (3.17)

with

E ′ =
σ0

ε0

cos δ E ′′ =
σ0

ε0

sin δ (3.18)

where E ′ is called the storage modulus, since it is a measure of the elastic energy stored

within the material and is in phase with the strain, while E ′′, which is out of phase with the

strain is known as loss modulus and can be related to a dissipation of energy during deformation

by internal friction, molecular motion and relaxation processes [80].
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Together with

ε = ε0 exp{iωt} σ = σ0 exp{i(ωt+ δ)} (3.19)

the complex modulus E∗ can be calculated:

E∗ =
σ

ε
=
σ

ε
eiδ =

σ

ε
(cos δ + i sin δ) = E ′ + iE ′′. (3.20)

Figure 3.16 shows the phase diagram for the complex modulus including the phase angle δ.

δ

E*
E''

E'

Figure 3.16: Complex modulus E∗

The tangent of the phase angle is also called damping or loss factor and is a measure of

how efficiently the material loses energy due to molecular relaxations and friction. According

to figure 3.16 it is seen that it is the ratio of the loss and the storage modulus and is independent

of sample geometry [79]:

tan δ =
E ′′

E ′
=
G′′

G′
=
η′′

η′
(3.21)

where, similar to the complex modulus E∗, G′′ and G′ are the components of the complex

shear modulus G∗ and η′′ η′ of the complex viscosity η∗ [79, 81].
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3.3.2 Molecular relaxations and transitions

A big advantage of DMA is its high sensitivity in contrast to other methods such as differential

scanning calorimetry (DSC) or differential thermal analysis (DTA) , where transition tempera-

tures, e.g. the glass transition temperature Tg, are often undetectable. Moreover, in combination

with a temperature scan at constant frequency or alternatively, a frequency scan at constant tem-

perature, molecular relaxations and transitions can be studied.

Molecular relaxations are usually labelled α, β, γ etc. in order of their appearance with de-

creasing temperature. Thus, in amorphous polymers, the transition at the highest temperature is

commonly the α-transition also known as glass transition. The glass transition is characterized

by large scale chain motion (in the order of up to 100 carbon atoms [82]) being accompanied by

a drastic change in the elastic modulus. Relaxation orders at lower temperatures originate from

a steady decreasing number of mobile chain segments.

In case of semicrystalline polymers however, an additional transition can be observed above

Tg. This α-transition was frequently attributed to originate from both, the amorphous and the

crystalline phase [83, 84] which can further be subdivided into an α1 and α2 transition [83, 85].

Measurements on cold drawn and annealed high density polyethylene (HDPE) sheets showed

[86] that a maximum loss in the tan δ curve occurs at the α-transition when the lamellae incline

an angle of about 40° with respect to the applied stress. This leads to a maximum resolved shear

stress parallel to the crystals which undergo an interlamellar shear. Consequently, this transition

was associated to interlamellar shearing processes. The authors Stachurski and Ward [86] and

Ward and Sweeney [81] concluded that the molecular origin of this process was attributed to

shear in the crystallographic c direction (c-shear) together with chain motion on the lamellae

surface. However, in case of low density polyethylene (LDPE) , c-shear and interlamellar shear

are two different types of relaxations, which were attributed to the α and β-relaxation respec-

tively due to their large difference in activation energy [87]. More recently, Hoyos et al. [84]

investigated the correlation between the α-relaxation and the crystalline morphology in iPP,

pointing out that a key mechanism determining the intensity of this transition is, irrespective

of the exact molecular mechanism involved, the exchange of isotactic sequences between the

crystalline and amorphous phase.

A possible molecular mechanism which could explain this exchange of chain segments was

proposed first by Renecker et al. [88] and then refined by Mansfield and Boyd [89]. This

mechanism involves a twisted region accomplished by rotation of a macromolecular chain by

180° that propagates along the chain axis through the crystal [89] (figure 3.17). After this point

defect passed through the crystal, a translation of the whole chain stem occurs by a distance of

b=c/2, which not only results in a rearrangement of the crystal surface but also in a modification
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Figure 3.17: Under the application
of a shear stress τ , crystal slip occurs
with a Burgers vector b=c/2 occurs
due to propagation of a 180° chain
twist defect [63, 77].

Figure 3.18: Reorganization of the
crystal interface occurs by (a) short-
ening of chain loops (CL), which
permits (b) lengthening of tie chains
(TC) permitting additional deforma-
tion of the amorphous phase (modi-
fied from [77])

of the tie chains, connecting the crystalline with the amorphous phase. Figure 3.18 demon-

strates this process by means of chain loop shortening. The propagating twist defect leads to

translational mobility within the crystal, resulting in a surface modification by shortening of two

loops. This in return allows for an extension of tie chains which allows for further softening of

the interlamellar material [77].

Some semicrystalline polymers such as polyethylene terephthalate (PET) and isotactic polystyrene

(iPS) do not posses an α-relaxation. It is supposed that this is due to their bulky side groups

which strongly increase the necessary energy for the formation of such a defect [77].

Similar to amorphous polymers, the β (glass-rubber) relaxation Tg or Tβ in semicrystalline

polymers is attributed to large molecular rearrangements within the amorphous phase solely.

In case of PP Jawad and Alhaj-Mohammad [90] studied the β-relaxation in samples subjected

to different draw ratios. They reported a decrease in the loss factor (tan δ) upon drawing and

attributed this phenomena to the hindered mobility of the amorphous regions, thus relating it to

the glass transition temperature. These findings are also supported by the relatively high differ-

ence in activation energies between the α and the β-relaxation. The glass transition represents

a major transition for many polymers being accompanied with drastic changes in the physical

properties of the material e.g.: a strong decrease in the Youngs modulus upon heating.

The γ-relaxation is characterized by only short ranged rotations and motions. Such mecha-

nisms were attributed to sub-glass transitions in general, also called crankshaft motions, since

it involves rotations of only a few bonds. The simplest rotations, in terms of minimal energy

requirement, that leave the chain stems in place are the three bond [91] and the five bond motion

[92] (figure 3.19).
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Figure 3.19: Three and five bond crankshaft motion

Dielectric relaxation measurements on PP also show a weak δ-transition located at a tem-

perature of approximately -240°C to -173°C. As expected, the reported activation energies for

this processes were rather small being in the range of 1 kJ/mol to 5 kJ/mol [85, 93], while its

molecular mechanism was attributed to hindered rotations of CH3 groups [93, 94].



Chapter 4

Experimental Details and Methodology

4.1 Sample preparation

The main focus of this work was dedicated to polypropylene, especially its α-modification,

since it is not only a model material for the application of X-ray line profile analysis methods,

but it is also known to show strong dislocation activity upon plastic deformation [16–19, 21–23].

As additional materials polyethylene terephthalate (PET) and polyethylene (PE) were chosen

due to their relatively high crystallinity. The experiments presented in chapter 5 include (i) in-

situ annealing experiments and (ii) in-situ deformation experiments, both during simultaneous

X-ray diffraction.

(i): For the in-situ annealing studies, compression molded boards were also cut and afterwards

cold rolled to different strains in order to introduce a large number of dislocations (see section

5). The in-situ annealing itself was performed using a heating stage located within a vacuum

chamber (figure 4.4) which allowed to span the relevant temperature range from -180°C up to

400°C.

In case of (ii), uniaxial compression was chosen as deformation mode, which allows to reach

high strains, simultaneously minimizing crazing. A specially designed miniature compression

machine was used for this purpose which can directly be mounted next to the particle detectors

at the beamline (figure 4.3). The samples used for the in-situ compression studies were first cut

from compression molded plates to rectangular blocks using a “Struers - Accutom” precision

cut-off machine with water cooling and were then turned to cylinders with approximately 8 mm

in diameter. Since all compression experiments were performed in transmission, a low sample

diameter was essential to minimize absorption.

27
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Figure 4.1: Compression chamber used
for the production of γ-samples

Figure 4.2: Construction drawing of the
compression chamber. The position of the
sample is highlighted in red.

Figure 4.3: Miniature compression ma-
chine used in an in-situ setup

Figure 4.4: Heating stage mounted to the
vacuum chamber

Additionally it was investigated in how far the molecular weight of iPP has an impact on its

γ-phase crystallization (chapter 8.1). Therefore, a specially designed compression chamber was

used for the production of γ-samples, which was mounted to an ultimate tensile testing machine

of the type “shimadzu” (figure 4.1 and 4.2). The device allowed for production of samples with

8 mm in diameter and a maximum height of about 4 cm. The necessary pressure for crystal-

lization was controlled by software within an accuracy of 0.02 MPa. Heating was achieved

by a ceramic heating band mounted on the upper part of the compression chamber allowing

for a maximum heating rate of 12 °C/min. The temperature was controlled by an “Eurotherm

3216N“ PID temperature controller, equipped with a sensor support for a Type J thermocouple.

An implemented RS232 serial interface allowed for a computer connection and to predefine

a temperature program via software. Cooling from the melt to the crystallization temperature

was achieved by aircooling using ventilators with an average cooling rate of approximately 4.5

°C/min and watercooling was used for cooling down to room temperature.

A more detailed explanation of the experimental procedures is given in the corresponding chap-

ters 5 and 8.1.
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4.2 Differential scanning calorimetry (DSC)

Differential scanning calorimetry, together with differential thermoanalysis (DTA) are the dom-

inant analytical methods for studying thermal behaviour of materials. In general, calorimetry

determines the quantity of heat which is generated, or has to be generated for a physical or

chemical transition to occur, which goes along with a change in the inner energy of the sub-

stance, also referred to as enthalpy in case of constant pressure [95].

A key parameter in characterization of transitions is the change in enthalpy at a transition be-

tween two states. Such transitions can lead either to an increase in enthalpy such as occurs

during melting or at the glass transition, or to a decrease during crystallization or decomposi-

tion [95, 96].

Basically DSCs can be differentiated between two different operational methods, that are heat-

flux and power compensation. In case of heat flux DSC the samples and a reference which does

not show any transition temperatures, are located in the same heating chamber, subjected to the

same temperature program. If a phase transition, e.g. melting occurs in the sample, where its

temperature stays constant until the transition is finished, the resulting temperature difference

leads to a change in heat flow which is proportional to the heat capacity.

However, during power compensation, sample and reference are located in different heating

chambers. If the sample experiences a transition, the resulting temperature difference to the

reference has to be balanced to zero by either heating or cooling. Here, the difference in heating

power between sample and reference corresponds to the heat flow. Power compensated DSCs

are considered to be more accurate since reaction processes can be resolved better, due to the

small heating chambers and the fast response of the electrical components.

A power compensated DSC of the type “Perkin Elmer 8500” was used for DSC studies. Be-

side determination of first and second order transitions such as the melting and glass-transition,

DSC is ideally suited for determining crystallinity or the thickness of crystalline domains, the

lamellae thickness. The overall crystallinity of a polymer is obtained by the ratio of the melting

enthalpy and the melting enthalpy of the theoretically 100% crystalline material. However, it

has to be taken care of, that a potential recrystallization peak originating from e.g.: too fast

cooling during the measurement, has to be subtracted.

In contrast to single crystalline low molecular weight substances, which exhibit a clearly defined

melting temperature, semicrystalline polymers, are characterized by a broad melting interval.

While the shape of the melting peak depends on the size distribution and morphology of the

crystals, the position of the melting peak is determined by the finite thickness of the crystalline

lamellae. In contrast to an infinitely large ideal single crystal with a equilibrium melting tem-
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perature T0
m, the melting temperature of a “real” semicrystalline polymer is located at a lower

temperature. This behaviour is expressed by the Gibbs-Thomson equation [97] (section 8.2):

Tm = T 0
m

(
1− 2σe

∆hf ·λ

)
(4.1)

with the surface energy σe, the enthalpy of fusion for the crystalline phase ∆hf and the

lamellar thickness λ.

4.3 X-ray Line Profile Analysis

The analysis of X-ray diffraction profiles and patterns in terms of their broadening and shape

is generally known as X-ray Line Profile Analysis (XLPA or XPA). These methods allow for

a determination of microstructural parameters such as the presence and density of dislocations

and the thickness of crystalline lamellae by considering the broadening of X-ray line profiles.

This broadening can be attributed to the limited crystal size on the one hand and to strains within

the crystal lattice, which cause a deviation from the perfect atomic order on the other hand. The

most advanced version of XLPA allows for a reliable separation of strain and size related peak

broadening by taking into account multiple X-ray profiles and their upper harmonics and is thus

called Multireflection X-ray line Profile Analysis (MXPA) [27].

4.3.1 MXPA and CMWP-fit

The measured intensity distribution of a Bragg reflection can be described by a convolution of

the size and strain related intensity distributions known as the Warren and Averbach equation

[98, 99]:

A(L) = AS(L)AD(L) = AS(L) exp(−2π2g2L2〈ε2
L〉) (4.2)

with the variable of the Fourier transform L the size coefficients AS(L) and distortion co-

efficient AD(L) which depends on the length of the diffraction vector g and the mean square

strain 〈ε2
L〉. Krivoglaz [100] and Wilkens [101, 102] were able to derive the mean square strain

under the assumption that it is caused by the strain field of dislocations:

〈ε2
L〉 =

(
b

2π

)2

πρCf

(
L

R∗e

)
(4.3)

with the Burgers vector b, the dislocation density ρ, the contrast factor of dislocations C

and the Wilkens function f(L/R∗e). The Wilkens function depends on the Fourier length L and
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the outer cut off radius of dislocations R∗e which determines the range of the distortion fields

of the dislocations. The size coefficient is calculated under the assumption of a lognormal size

distribution of the crystals [103]. The contrast factor of dislocations C considers the anisotropy

of lattice distortions generated by dislocations or more generally, the influence of dislocations

on the peak broadening, and depends on the relative orientation of the Burgers vector, line

vector and diffraction vector. Thus, the dislocation related peak broadening also depends on the

orientation of the diffraction vector and will therefore be varying for different reflections, the

peak broadening is anisotropic. While in single crystals, the contrast factorC can be determined

experimentally, an average contrast factor C is used in case of polycrystals, by averaging over

the possible slip systems [104]. The most advanced version of MXPA fits ab-initio physical

functions directly to the measured data, called “Convolution Multiple Whole Profile - fitting” or

“CMWP-fit”. The corresponding software package available at http://csendes.elte.

hu/cmwp/, developed by Ribarik et al. [103] has been used as a major tool for the evaluation

of diffraction profiles throughout this work. The theoretical profile is basically composed of a

polynomial function BG(2Θ) which describes the diffuse scattering, e.g. due to the amorphous

phase, or air scattering, and a profile Ihkl which models the individual peaks

Itheoretical = BG(2Θ) +
∑
hkl

IhklMAXI
hkl(2Θ − 2Θhkl

0 ) (4.4)

where IhklMAX is the intensity of the corresponding Bragg-reflection located at 2Θhkl
0 . Instru-

mental peak broadening and the functions describing the peak broadening due to dislocations,

size effects and planar faults is included within the mathematical formulation of Ihkl.

4.3.2 Modified Williamson-Hall analysis

The Williamson-Hall (WH) analysis [105] and especially its modified version (MWH) [27] are

fast methods for an estimation of the dislocation density and the crystallite size, where, instead

of the whole peak profile, only the peak broadening or the integral breadth is used as input

parameter for the evaluation procedure. The general equation for the Williamson-Hall plot,

using the full width at half maximum (FWHM) for the peak broadening is given by

∆K = 0.9/D + ∆KD (4.5)

where D is a measure for the average size of the crystalline domains, the coherently scatter-

ing domain size (CSD-size) and ∆KD is the strain contribution to the line broadening [27] with

K = 2 sin θ/λ, where θ and λ are the diffraction angle and wavelength respectively. However,

the peak width will not always show a monotonic behaviour as a function of the diffraction or-

http://csendes.elte.hu/cmwp/
http://csendes.elte.hu/cmwp/
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der K, which is known as strain anisotropy. Strain anisotropy originates from lattice distortions

caused by the presence of dislocations. Ungár et al. demonstrated that this anisotropy can be

accounted for by introducing the contrast factor of dislocations C. Plotting the peak width as

a function of KC
1/2

instead of K results in the modified Williamson-Hall plot [104], where

the peak widths form a monotonous function in KC
1/2

if the strain induced peak broadening

originates from the presence of dislocations:

∆K = 0.9/D + (πM2b2/2)1/2ρ1/2KC
1/2

+O(K2C) (4.6)

where C is the average of the contrast factor, M is a constant depending on the outer cut-off

radius of dislocations, the Burgers vector b and the average dislocations density ρ.

4.3.3 Momentum-Method

In contrast to the multi-reflection-techniques mentioned above, the momentum method allows

to extract the same physical quantities out of a single line profile. The method developed by

Groma [106–108] is based on the asymptotic behaviour of the second and fourth order restricted

moments and can be considered as an advancement of the variance method originally proposed

by Wilson [109]. The kth order restricted moments Mk are defined as

Mk(q
′) =

∫ q′

−q′
qkI(q)dq/

∫ ∞
−∞

I(q)dq (4.7)

where I(q) is the intensity of the measured profile as a function of q = 2/λ(sinΘ−sinΘ0),

with the wavelength λ, the diffraction angle Θ and the Bragg angle Θ0 [108]. Wilson [109] and

Groma [106] calculated the the second order restricted moment, for the case of large q values

as

M2(q) =
q

π2εF
− L

4π2K2ε2
F

+
Λ < ρ > ln(q/q0)

2π2
(4.8)

with εF as the area weighted particle size [110], the Scherrer constant K, the tapper param-

eter L describing the rate of decrease of the cross section area of crystallites [108, 110], the

average dislocation density < ρ >, the dislocation contrast factor Λ and the fit parameter q0

[108]. The fourth order restricted moment reads as:

M4(q)

q2
=

q

3π2εF
+

Λ < ρ >

4π2
+

3Λ2 < ρ2 >

4π2q2
ln2(q/q1) (4.9)

where < ρ2 > is the square of the average dislocation density and q1 is again a fitting

parameter.



4.4. SYNCHROTRON EXPERIMENTS 33

4.4 Synchrotron Experiments

A large extent of this work is based on in-situ deformation and temperature controlled experi-

ments during simultaneous X-ray diffraction, while the recorded diffraction patterns were eval-

uated using the techniques explained in chapter 4.3. Due to their multi-phase nature, semicrys-

talline polymers exhibit a viscoelastic behaviour. This is reflected in stress relaxation tests

for example, where stress decreases monotonously when constant deformation or strain is ap-

plied on the sample. Especially during in-situ diffraction experiments, this is an undesired

effect, since stress relaxation is also coupled to microstructural changes, particularly in terms

of dislocation kinetics. Therefore, measurement times during such experiments must be kept

at a minimum which requires high intensity light sources, however, this requirement is usually

not fulfilled by conventional laboratory X-ray sources. Another problem with many conven-

tional diffractometers is the initial peak broadening due to instrumental conditions (instrumen-

tal broadening). Since copper is commonly used as anode material, not only the desired Kα, but

also Kβ radiation together with a continuous Bremsstrahlungs-spectrum are emitted. In case

of a copper anode, the two latter are often filtered by a nickel filter with its absorption edge

between the Kα and Kβ lines, thus eliminating the Kβ radiation. A better solution is the use of

monochromator single crystals with a well known lattice spacing. Under the utilization of the

Bragg condition, a better monochromatic radiation in terms of ∆λ
λ

is obtained compared to a

nickel filter for example.

In order to meet the requirements of high intensity, combined with monochromatic radiation,

synchrotron light sources are an ideal experimental tool. The diffraction experiments within

this work were primarily performed at the synchrotron light laboratory “ELETTRA” in Trieste,

Italy, SAXS-Beamline (5.2L). This beamline offers the possibility to measure at three different

discrete energies of 5.4, 8 and 16 keV adjustable by a double-crystal monochromator contain-

ing three pairs of asymmetrically cut flat Si(111) crystals, each optimized for the mentioned

energies [111]. An adjustable slit system allows to modify the spotsize on the sample down

to dimensions of about 30 µm2 with a flux density at the sample of 1 · 1012 ph s−1 mm−2 at a

beam current of 400 mA and 8 keV. The photon flux, thus allows to study samples with several

mm in diameter at relatively short measurement times. This is an important feature, since most

diffraction experiments were performed in a transmission setup. The reason is that a larger sam-

ple volume is investigated, which minimizes artefacts originating from local inhomogeneities.

The application of XLPA methods, especially MXPA, requires the detection of as many diffrac-

tion orders as possible, hence an appropriate detector system is required. In the following

experimental sections, two types of detectors were used. First, an INEL CPS-590 position sen-
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Figure 4.5: Inel detector used in the
synchrotron setup

Figure 4.6: Two dimensional Pilatus
detector

sitive linear detector curved by an angle of 90°. This curvature is part of a circle with a diameter

of 500 mm, with the sample located in the center (figure 4.5).

A PILATUS hybrid pixel detector was used as an alternative detector (figure 4.6). In con-

trast to metals, polymers not only show broader diffraction peaks, but also a significant increase

in diffuse scattering due to the amorphous phase. This generally results in a higher value of in-

tegral counts (photons striking the detector per time interval). Since this detector type has a very

low readout time due to its solid-state sensors, compared to gas based detectors, measurements

can be performed at higher integral count rates, thus again decreasing the measurement time.

However, the two dimensional detector area was limited to 83.8 x 33.5 mm2, thus the available

angular range was smaller compared to the INEL detector.

In order to minimize diffuse scattering, which is already considerably larger in polymers com-

pared to metals due to the presence of an amorphous phase, the primary X-ray beam, was

encapsulated by lead (Pb) panels along the distance, sample - slit system. During some ex-

perimental setups, special equipment such as a miniature uniaxial-deformation machine (figure

4.3), heating chamber (figure 4.4) or cryostream cooler were used. Those devices, very often

contain components which are made of iron or titanium and thus can contaminate the diffraction

pattern by secondary scattering. This certainty had to be taken care of by covering critical parts

of the devices by lead to keep pollution of the recorded diffraction patterns at a minimum.
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4.5 Data Pre-processing

Calibration

Data recorded by particle detectors contain two parameters, the number of particles striking the

detector (number of events) and the positions or locations where these events occurred (channel

number). Hence, before any evaluation step can be performed it is necessary to determine

the 2Θ angle of the corresponding channel number. Therefore, a material with well separated

Bragg-reflections, where its exact positions are well known has to be measured. A common

material for calibration is LaB6, however, the same quality could be obtained by the use of

standard thermoplasts like polypropylene or polyethylene terephthalate (PET). In case of two

dimensional data acquisition using the PILATUS detector, determination of the beam center

and detector tilt was performed in addition using the software “fit2D” [112–114]. Especially

taking into account the tilt of the detector around the horizontal beam axis is important since

this allows to correct for possible distortions of the diffraction patterns [114] which may lead to

inaccurate values obtained by XLPA.

In case of the INEL detector, the conversion from the channel numbers to 2Θ diffraction angles

was undertaken by a computer program written in the programming language OCTAVE [115,

116]. In this case, distortions of the diffraction profiles are already at a minimum since the

detector covers the sample in a curved 90° angular range where the sample is located in its

center.

Figure 4.7: Recorded 2D “raw” data
of α-iPP on the PILATUS detector.
The Bragg-reflections are represented
by Debye-Sherrer rings.
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Phase separation

As already mentioned in chapter 3, semicrystalline polymers often have a multiphase crys-

talline structure. Commonly only a single phase shall be investigated, therefore each phase of

the diffraction patterns has to be modelled separately while only the phase of interest is used for

further evaluations. Since many different patterns are generally recorded during an in-situ ex-

periment, an evaluation script has been written in the Bash Unix shell and command language,

in order to speed up the phase separation process (section 8.2). This script uses the command-

line program “Gnuplot“ [117] for two dimensional plots and the program “fityk” [118], both

freely available.

The program is optimized for handling of polypropylene, since this was the main material of

interest in this work. At the beginning, the supporting points for the background function can

be set individually in each diffraction pattern which are then transferred to “fityk” where the

background is subsequently fitted by a polynomial fifth order. It has to be mentioned that this

background model is just provisional to ensure a reliable fit of the Bragg reflections. The fi-

nal diffuse background scattering is taken care of in the evaluation using CMWP-fit. After all

phases have been modelled, the phase of interest is obtained by subtracting the remaining phase

from the diffraction pattern and exported to a separate file.

It turned out to be very valuable to perform a modified Williamson and Hall analysis (section

4.3) on the phase separated diffraction pattern. A corresponding software package is available

[115] which not only allows to check the influence of a different background fit on the result,

and give a first rough estimation about crystallite size and dislocation density, but also provides

a first determination of the fit parameters for the average dislocation contrast factor C. This fit

parameters are then used as starting parameters and are refined in the following whole profile

fitting approach (CMWP).

During the CMWP evaluation a more accurate determination of microstructural parameters of

the material, such as the dislocation density, median of grain size distribution, outer cut-off

radius of dislocations and grain ellipticity is obtained. It was taken care that the outer cut-off

radius of dislocations is fixed well below the thickness of the crystalline lamellae. As final eval-

uation step the “multi-eval” extension to CMWP-fit was used [119]. Hereby, different starting

values for the microstructural parameters are set, while each possible permutation of those pa-

rameters is used for an evaluation of CMWP-fit. The program analyses all results with respect

to their residuals, by which the global minimum is obtained, followed by calculating the average

and standard error for each parameter [119].



Chapter 5

Results

5.1 Molecular relaxations occurring during annealing

5.1.1 Polypropylene

In order to study the thermal stability of deformation induced dislocations, in-situ heating ex-

periments were performed using synchrotron radiation. Therefore polypropylene of the type

“BE50” (MFI 0.3 g/10 min at 230 °C, 2.16 kg) containing α-nucleating agents was severely

pre-deformed to a plastic true strain of ε = 1.2 by cold rolling in steps of ε ∼= 0.15 in order to

introduce a high number of dislocations. After the rolling process, the sample was immediately

stored in a bath of liquid nitrogen (T=77 K). This prohibited any relaxation of the material fol-

lowed by a potential reduction in defect concentration.

Before the sample, still at liquid nitrogen temperature, could be mounted to the sample stage,

it had to be ensured that first, the stage is also cooled to T=77 K and second, the fixing of the

sample to the stage occurs at the same low temperature. This was achieved by cutting a block

of expanded polystyrene (EPS) to rectangular dimensions, so that the part of the stage on which

the sample will be mounted is fully immerged in liquid nitrogen. A temporary sealing of the

EPS block and the metal cylinder was achieved by an adhesive tape (figure 5.1 and 5.2). After

liquid nitrogen was put in the EPS block, the sample was quickly transferred from the storage

container to the bath and mounted above the pinhole of the sample stage. The transfer time of

the sample was kept below one second, thus it can be assumed that warming of the sample and

consequential relaxations were negligible.

The sample stage was then mounted to the heating chamber and connected to the tempera-

ture controller (figure 5.3). After starting the vacuum pump, the EPS block was removed and

the heating chamber was closed immediately. This procedure guaranteed that the sample was at

37
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Figure 5.1: The sample stage was
embedded in a block of polystyrene
which served as pool for liquid ni-
trogen. A temporary tightening was
achieved by a simple adhesive tape.
This had the advantage that the EPS
block could quickly be removed from
the stage prior the measurement.

Figure 5.2: In order to avoid warm-
ing of the sample, it was mounted to
the stage in a bath of liquid nitrogen.

low temperatures during the whole transfer process and undesired formation of ice which could

lead to additional peaks in the diffraction pattern was avoided by measuring in vacuum. Figure

5.4 shows the transmission measurement setup with the sample stage mounted to the heating

chamber. The red line represents the incoming beam which is diffracted by the sample and exits

through the pinhole to the detector.

Wide Angle X-ray Diffraction (WAXD) patterns were then recorded at different annealing

temperatures starting from -180 °C up to 165 °C. When a target temperature was reached, it

was waited for 10 min for the sample to obtain thermal equilibrium. Afterwards each annealing

temperature was kept constant for 600 s, simultaneously performing X-ray diffraction, before

heating to the next temperature. After a diffraction pattern was recorded above the melting

temperature of 165 °C, the sample was cooled to room temperature of T=22 °C and an additional

pattern was recorded for the recrystallized sample.

Figure 5.5 and 5.6a show the diffraction patterns recorded at different annealing tempera-

tures up to the melt. The sample relaxation is clearly visible by the shift of the reflection peaks

to smaller 2Θ angles, especially for the (040) and (130) reflection (figure 5.6b). It can already

be seen in figure 5.5 that the amount of γ-phase in the material is marginal (about 5%), how-

ever, since only the monoclinic α-phase shows dislocation mediated deformation mechanisms

[17, 19, 23] and is therefore of interest, the γ-fraction was modelled and removed from the

diffraction pattern.
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Figure 5.3: The sample stage, still
attached to the EPS block, mounted
to the heating chamber. Before the
EPS block can be removed, the stage
has to be connected to the temperature
controller ensuring a LN2 flow to the
sample. If this is accomplished, the
LN2 bath can be removed, followed
by immediately closing the heating
chamber in order to build up vacuum.

Figure 5.4: The transmission setup
with the sample holder mounted to the
heating chamber. The red line repre-
sents the incoming beam, while the
green line indicates an arbitrary re-
flection from the sample

The obtained diffraction patterns were then evaluated by the MXPA method, providing the

development of the dislocation density and CSD-size as a function of annealing temperature

(figure 5.7 and 5.8). It is noted at this point that the error bars in figure 5.7 and 5.8 represent a

numerical error originating from the evaluation process. A small error bar indicates low resid-

uals of the resulting convergent fit obtained from a rough scan of the starting value parameter

space [119]. Three distinct drops in the dislocation density development can be found in figure

5.7. During the first drop, a decrease from ρ = 1× 1016 m−2 to about ρ = 8.5× 1015 m−2

reaching a temperature of -100 °C is observed. The dislocation density then stays constant up

to the glass transition temperature of PP (Tg ≈ 10 °C), followed by a significant decrease by

about 2.5× 1015 m−2 where a small plateau is reached. Exceeding a temperature of 100 °C is

again accompanied by a pronounced change in the dislocation density which leads to its reduc-

tion to a value as low as ρ = 0.9× 1015 m−2. After the sample was heated above its melting

temperature, it was cooled to room temperature where, in its recrystallized state, a dislocation

density of ρ = 0.4× 1015 m−2 was obtained.

The coherently scattering domain size changes insignificantly over a wide temperature range

(figure 5.8). A slight change within 12 and 14 nm can be observed from -180 °C to about 100

°C, followed by an increase to about 16 nm. After the sample was recrystallized from the melt,

a CSD-size of 14 nm was obtained.
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(110)

(040) (130)

(111) (13-1)

Figure 5.5: Diffraction patterns were recorded for various annealing temperatures, up to the
melting temperature.
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Figure 5.6: (a) and (b): A peak shift to lower 2Θ angles is observed, which is caused by sample
relaxation. The positions of the recrystallized samples are plotted as separate points

Dynamic Mechanical Thermal Analysis (DMTA)

Additional DMTA measurements were performed which allow to correlate changes in the dis-

location density to molecular relaxations. Methods for determining the complex modulus E∗

comprised the usage of an “ANTON PAAR MCR301” and a “Perkin Elmer Pyris” device op-

erated in torsion and compression mode. Measurements were carried out on undeformed and

deformed samples (figure 5.9a). In case of the latter, a compression molded PP plate was cold

rolled to a true strain of ε = 1.2 and was then carefully cut using a “Struers-Accutom” precision

saw with water cooling and low rotations. Measurements were carried out at frequencies of 0.5,

1 and 10 Hz within a temperature range from -140 °C to 155 °C using a heating rate of 2 °C/min

(figure 5.9b). Additionally, measurements of the loss modulus and the storage modulus were

performed (figure 5.10), as a function of temperature measured at three different frequencies.

However, the molecular relaxations occurring during annealing are seen best in the loss tangent
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Figure 5.7: The development of the dislocation density as a function of annealing temperature.
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Figure 5.8: The domain size only changed slightly up to about 100 °C which can be considered
to be within the experimental error. The error bars are in point size, which indicates well
converging fits for the different starting parameters.

delta curves, not mentioned that this quantity is not dependent on sample geometry like the two

other ones. To ensure that measurements are carried out within the viscoelastic regime a small

dynamic strain of 0.05% amplitude was applied.
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Figure 5.10: (a) Loss and (b) storage modulus measured at test frequencies of 0.5, 1 and 10 Hz.
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5.1.2 Polyethylene terephthalate (PET)

In-situ annealing studies were also performed on PET. However, the relatively complex molec-

ular structure of the material and the lower symmetry of the triclinic unit cell [120] impeded

the evaluation of diffraction patterns. Since PET is, amongst carbon and hydrogen, also com-

posed of oxygen, the absorption during X-ray diffraction is drastically increased compared to

PP. Therefore it was necessary to keep the sample thickness low in order to reduce absorption.

Furthermore, the evaluation of the dislocation density was performed by an improved version

of the modified WH-analysis [22], since triclinic structures can not be accounted for by the

CMWP-package.

Table 5.1

lamellae thickness (nm) crystallinity (%) glass transition (°C)
PET extruded 18.3 8.5 73.1
PET annealed 21.7 37.1 66

As raw material, extruded bands were provided by the ”Laboratory of Polymer Engineering

LKT-TGM, Austria”. The DSC traces in figure 5.11 show that crystallinity was very low after

the extrusion process. A value of 8.5% was obtained after subtracting the recrystallization peak,

which is not high enough in order to perform profile analysis. Therefore the sample was crystal-

lized for 5 hours at a temperature of 185 °C, which increased the crystallinity to 37.1%. A side

effect of the annealing process was that the lamellae size distribution was narrowed, meaning

that the thickness of the lamellae were in a closer range. Table 5.1 shows the parameters ob-

tained from DSC before and after annealing. The lamellae thickness was calculated according

to the Gibbs-Thomson equation [97] using following parameters for PET: fold surface energy

σe=0.106 J/m2 [121], equilibrium melting point of purely crystalline PET T 0
m=564 K [121],

heat of fusion of an ideally crystalline sample ∆H0=140 J/g[122], based on the density of per-

fect crystalline PET ρc=1.514 g/cm3. Interestingly, the glass transition temperature is strongly

reduced upon crystallization.

Similar to the experiment with PP, the sample was pre-deformed by cold rolling to a true

strain of ε=0.6, subsequently storing it in liquid nitrogen. After mounting it to the temperature

stage, it was then measured at different annealing temperatures while each temperature was kept

constant for 600s. Figure 5.12 shows a selection of diffraction patterns, which undergo a peak

shift to smaller 2Θ angles caused by a relaxation of the lattice.
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Figure 5.12: A peak shift is observed with increasing annealing temperature due to relaxation
of the crystalline lattice.

After the phase separation process, and the XLPA evaluation, dislocation density and CSD-

size were obtained as a function of annealing temperature (figure 5.13 and 5.14). Compared

to other semicrystalline polymers, such as α-iPP, the initial dislocation density of the highly

strained, pre-deformed sample, is comparatively low with ρ = 3.5× 1015 m−2, indicating that

the contribution of dislocations to crystalline plasticity is less pronounced. Nevertheless, a
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significant decrease of the dislocation density can be observed when a temperature of approxi-

mately T=25 °C is reached. The CSD-size depicted in figure 5.14 indicates an initial value of 17

nm which stays constant up to 25 °C. Reaching an annealing temperature of 100 °C the domain

size increases up to 25 nm.
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5.2 Crystalline plasticity below and above the glass transition

temperature

This section concentrates on the investigation of the role of the amorphous phase and its in-

terplay with the crystalline domains during high plastic deformation, by selectively varying

the rigidity of the amorphous phase. Therefore, in-situ compression experiments were per-

formed on isotactic polypropylene below the glass transition temperature during simultaneous

X-ray diffraction using synchrotron radiation. Isostactic polypropylene with a high content of

α-phase was used for the investigation, since it could be shown in previous studies, that dis-

locations strongly contribute to its deformation mechanism [17–19, 23]. For the experimental

setup, the curved INEL CPS 590 detector was chosen, while the sample was compressed using

the miniature compression machine (figure 4.3). During the whole experiment, the sample was

kept below its Tg of 10 °C at -5 °C using an Oxford Cryostream cooler. The deformation mode

was compression, which allowed to reach high strains, simultaneously avoiding the occurrence

of cavitation. The sample was then deformed stepwise to different degrees of deformation, up to

a true strain of ε= 0.8 at a true strain rate of ε̇ = 10−3s−1, while the deformation was interrupted

every time a diffraction pattern was recorded. Additionally, a diffraction pattern was recorded

of the undeformed sample at a room temperature of 24.8 °C before it was cooled below its Tg.

The development of the microstructural parameters obtained by the MXPA-method were then

compared to the same experiment, performed at room temperature, above Tg.

The recorded diffraction patterns were first analysed with respect to their phases using the

procedures and programs mentioned in section 4.5. Hereby the small amount of γ-phase was

modelled (figure 5.15) and then removed for the subsequent XPA evaluation.

The yield stress found during compression below Tg was 120 MPa, considerably higher

compared to similar experiments performed above Tg which can be attributed to the increased

stiffness of the amorphous phase.

Prior the MXPA evaluation, all diffraction patterns were analysed using the Williamson-Hall

and its modified version. Figure 5.16 shows the WH and MWH plot for the sample deformed

below Tg. Two representative strains where chosen for the plot, which are εtrue = 0 for the

undeformed sample and the highly deformed sample with εtrue = 0.8. The non-monotonous

behaviour of the peak width with increasing diffraction order already points at lattice distor-

tions, caused by the presence of dislocations. This is confirmed in the MWH-plot where a

linearisation is achieved by introducing the dislocation contrast factor. According to equation

4.6, the dislocation density is proportional to the slope of the fit, while the CSD-size is deter-

mined by the intercept of the fit with the ordinate.
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Figure 5.15: WAXS pattern of undeformed iPP below Tg. Measured data (o), fit (full line),
α-phase (dash-dotted line), γ-phase (dashed line) and amorphous phase (dotted line).

Interestingly, it is found that the undeformed and highly deformed sample have only marginally

differing dislocation densities, which is ρ = 1.7 · 1015 m−2 and ρ = 2.3 · 1015 m−2 for the un-

deformed and deformed sample respectively. The change in the CSD-size, however, is found to

be more significant, since a decrease from initially 24nm to 16nm is obtained by the modified

WH-analysis (figure 5.16).

If these results are compared to the experiments performed above Tg (figure 5.17), a different

behaviour can be observed. Here, the undeformed sample shows an increase in dislocation den-

sity from ρ = 6.6 · 1014 m−2 to ρ = 1.4 · 1016 m−2 for the sample deformed to a true strain of

ε = 0.55, accompanied by a decrease in CSD-size from 29nm to 13nm.

Figure 5.18 shows the final result of the dislocation density development obtained from

each recorded diffraction profile, using the MXPA method. Considering the sample deformed

at room temperature (above Tg), a pronounced increase starting at a true strain of approximately

ε = 0.2 from ρ = 0.5 · 1015 m−2 to ρ = 1.6 · 1016 m−2 is observed. The change of the disloca-

tion density for the sample deformed below Tg, in spite, is only moderate, revealing an increase

from ρ = 1 · 1015 m−2 to about ρ = 2.6 · 1015 m−2. The dislocation densities obtained by

the MXPA-method are very close to the results obtained from the MWH-evaluation, for both

experiments.

A decrease of the CSD-size was found at both deformation temperatures, from 20nm to

12nm for the sample deformed above Tg and from 23 nm to 14 nm for the low temperature

experiment (figure 5.19).
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Figure 5.16: WH and MWH-plot for the undeformed and deformed sample cooled below Tg,
showing a similar dislocation density in both cases
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Figure 5.17: In contrast to the sample deformed below Tg, an increase in dislocation density is
observed at higher degrees of deformation in case of the room temperature experiment
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Figure 5.18: Development of the dislocation density of α-iPP at room temperature and below
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Figure 5.19: Coherently scattering domain size (CSD-size) as a function of true strain. The
black triangle indicates the CSD-size obtained for the unloaded sample at a temperature of 24.8
°C before cooling below Tg.

Crystallinity as evaluated from X-ray diffractograms was found to decrease from initially 66

% to a value of 52 % at a plastic deformation of ε = 0.8 for the sample deformed below Tgand

from 56 % to 43 % for the room temperature experiment.
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5.2.1 Application of the Momentum Method to PE

In contrast to PP, the diffraction pattern of PE only shows two high intensity peaks in case of

an undeformed state, which is the (110) and (200) reflection [123] (figure 5.20). Due to the

presence of only two peaks, multi-reflection methods including CMWP cannot be applied, here

the momentum method is the appropriate tool, since it allows to determine the same physical

quantities out of a single line profile (section 4.3.3).
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Figure 5.20: Comparison of diffraction patterns obtained for the undeformed and highly
strained sample (background subtracted). The formation of a hexagonal phase was already
observed at a true strain of ε = 0.05. (hexagonal phase (b), orthorhombic phase(•))

PE was compressed in-situ during simultaneous X-ray diffraction using synchrotron radi-

ation. Similar to the experiment in section 5.2, diffraction patterns were recorded at different

degrees of plastic strain, while the sample was still under load. The experimental setup con-

sisted of a miniature compression machine and a curved INEL CPS 590 detector (section 4.4),

while the sample was deformed up to a true strain of ε = 1 using a strain rate of ε̇ = 10−3s−1.

After each deformation step, the measurement was just started after the first sudden decrease in

stress occurred.

Figure 5.20 shows diffraction patterns obtained at different strains. While in the undeformed

case only two reflections of the orthorhombic phase can be observed, an additional phase ap-

pears already at a true strain of ε = 0.05. It is known that a hexagonal phase is obtained during

high pressure crystallization as a result of chain extended growth [124], a monoclinic phase was

reported in the case of pressures exceeding 300 MPa and/or deformation by rolling [125].
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Figure 5.22: Development of the fourth order moment divided by q2 for different degrees of
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Due to its high intensity, the orthorhombic (110) reflection was used for the XLPA evaluation.

The kth order restricted moments are obtained according to equation 4.7, discussed in section

4.3. Figures 5.21 and 5.22 show the individual plots for M2 and M4 respectively as a function of

q = 2/λ(sinΘ− sinΘ0) obtained for PE compressed to different true strains. Considering M2

in figure 5.21, a logarithmic behaviour is found, while an increase of the M2 signal is obtained

with increasing deformation. Figure 5.22 shows the fourth order restricted moments of the (110)

reflection at different degrees of deformation. Similarly to M2, an increase in magnitude of the

M4 signal is found with increasing deformation.
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Chapter 6

Discussion

6.1 Meaning of molecular relaxations with special respect to

dislocation movement

In section 3.2 it was already pointed out that plastic deformation is governed by dislocation

movement and generation. However, there are some exceptions like the γ-phase of PP, where

the non-parallel chain structure leads to an increased CRSS and hence the interlamellar shear

becomes the predominant deformation mechanism [17]. A similar behaviour was found in

the case of poly(3-hydroxybutyrate) (P3HB) , where the dislocations density does marginally

change with increasing deformation [18, 20]. This behaviour could be related to bulky side

groups, which hinder the crystallographic slip and as well result in a high brittleness of the ma-

terial. These experiments have in common, that they investigated the evolution of the dislocation

density at room temperature. The following section will discuss the temperature dependent in-

situ experiments as introduced in section 5.1 giving insight in dislocation kinetics at polymer

specific transition temperatures. This allows to study the interplay of the crystalline and amor-

phous phase in a new context and also the role of molecular relaxations by combining XLPA

with DMA data.

Influence of transition temperatures on the dislocation density

By plotting the dislocation density obtained by the MXPA evaluation (figure 5.7 from section

5.1) together with the loss factor (tan(δ)) obtained by DMTA at 1 Hz (figure 5.9b from section

5.1), changes in defect concentration can be observed at specific transition temperatures orig-

inating from molecular relaxations. As mentioned in subsection 3.3.2, molecular relaxations

have already been rigorously investigated for PP while three main transitions, α, β and γ, could

53
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Figure 6.1: Comparison of the loss tangent signal and the evolution of the dislocations density
as a function of annealing temperature. A significant drop in the defect concentration can be
observed at the glass transition temperature Tg = 10 °C and beyond 85 °C (red curve), which
correspond to the β and α-relaxation respectively. Loss factor tan(δ) measured by DMTA with
a frequency of 1Hz (blue curve). The error of the recrystallized sample (black triangle) is in the
order of the point size.

be identified in this order with decreasing temperature [126]. Using dielectric spectroscopy a

fourth relaxation located at a temperature below 100 K was reported known as the δ-relaxation

[85, 93, 94].

However, in the tan(δ) curve of the deformed sample in figure 6.1 only two transitions, the

α and the β-transition could be detected, while the weak δ-transition could not be resolved

during mechanical spectroscopy. The origin of the α-transition can be attributed to both, the

amorphous and the crystalline phase, when it is supposed that the intensity of this transition

is controlled by an interchange of chain segments between the crystalline and the amorphous

phase. A possible explanation of such a mechanism is given by a molecular model based on

chain twist defects (figure 6.2), already discussed in section 3.3.2. Such a defect-based relax-

ation mechanism within the crystalline phase may cause a strong reduction of the dislocation

density when the defect propagates along the chain axis into the adjacent amorphous phase.

As a consequence, a translation of the chain stems occurs by the distance of a Burgers vector,

resulting in a surface modification consisting of shortening of the chain loops (figure 6.3). This

in further consequence allows for an extension of tie chains permitting additional deformation

of the amorphous phase resulting in an increase in the tan(δ) signal [77, 127, 128].
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Figure 6.2: Under the application of
a shear stress τ , crystal slip occurs
with a Burgers vector b=c/2 occurs
due to propagation of a 180° chain
twist defect [63, 77].

Figure 6.3: Reorganization of the
crystal interface occurs by (a) short-
ening of chain loops (CL), which
permits (b) lengthening of tie chains
(TC) permitting additional deforma-
tion of the amorphous phase (modi-
fied from [77])

This explanation is supported by figure 6.4 which shows a comparison of the tan(δ) sig-

nal for an undeformed and deformed sample. It is apparent that the intensity of the signal is

strongly increased in case of the deformed sample. Considering that the mechanical α-process

can be related to inter- and intralamellar shear processes which stimulate the transfer of chain

segments from the crystalline to the amorphous phase, it is plausible that the peak broadening

and/or increase in intensity occurs for one or both of the corresponding α1 and α2 relaxations

in the mechanical loss spectra [83]. The higher the initial dislocation density is in the deformed

sample, more chain segments are being transported to the amorphous phase via propagating

twist defects. However, the stronger α-signal may also be caused by the higher initial frac-

tion of the amorphous phase since it is well known that crystallinity decreases with increasing

deformation.

However, it has to be considered that the chain twist mechanism only operates in chain

direction, along the c-axis. Yet, previous investigations show that with increasing deformation

also dislocations with screw and edge character operating in transverse direction are activated

[22]. Consequently, and according to figure 6.1, it is possible not only that the reduction in

dislocation density, but also the intensity of this α-transition is not only caused by dislocations

with chain character, but also by dislocations with transverse character.

While the α-transition is attributed to an interplay of the amorphous and crystalline phase,

the β-transition was related to relaxations in the amorphous component solely [90]. The as-

signment of the β-relaxation to the glass transition temperature in PP was also supported by the

higher activation energy compared to the α-relaxation (table 6.1). The decrease of the disloca-

tion density around the glass transition temperature can be explained in terms of a reduction in
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Figure 6.5: E’ measured at 1 Hz at a heating rate of 2 °C/min

backstresses acting on the crystalline phase. Below Tg, the material is still highly strained from

the rolling procedure. The fact that the sample was subsequently cooled to -180 ° after deforma-

tion prohibited any intermittent sample relaxation, thus, “freezing” a large amount of stresses

within the material. It can be assumed that a significant part of these stresses in the amorphous

phase is transmitted to the neighbouring crystallites, thus stabilizing the dislocations therein.

Increasing the temperature above Tg, therefore results in an increase of chain mobility and free

volume in the amorphous phase accompanied by a simultaneous decrease in its modulus. Figure

6.5 shows the evolution of the storage modulus E ′ as a function of temperature. The dissipating
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Table 6.1: Comparison of activation energies for the α and β-relaxation process in polypropy-
lene.

Ea,α (kJ mol−1) Ea,β (kJ mol−1)
225 > 400 [129]
158 358-364 [130]

163-205 167-234 [131]
222 246-497 [132]

110-170 380 [82, 133]

backstresses facilitate dislocation mobility, which results in a reduction in dislocation density

by their annihilation or propagation into the adjacent amorphous phase.

Here, the activation energy of the process is provided by both, back-stresses and thermal energy,

in contrast to the dislocation density reduction at the α-relaxation, where the whole activation

energy is provided thermally.

The activation energy was evaluated for the α and β-relaxation of the undeformed sample

and for the β-relaxation of the deformed sample, by means of a frequency dependence which

was found for both transitions due to thermal activation. With increasing frequency a reduction

in the intensity of the signal and a shift of the transition temperature to higher temperatures must

be observed. The temperature dependence of a relaxation process which occurs at a temperature

(T ) and its excitation frequency (f ) is therefore used to determine the corresponding activation

energy (Ea) of this process, which is given by the Arrhenius equation:

f = f0 · e
−Ea
RT . (6.1)

Here, f0 is a pre-exponential factor and R is the gas constant (R=8.314 JK−1mol−1). By

plotting the logarithm of the different frequencies against the temperature at which the transition

is observed, the activation energy is obtained by the slope of a linear fit, which can be seen by

logarithmizing equation 6.1 and in figure 6.7.

ln(f) = ln(f0)− Ea
R

·
1

T
. (6.2)

Table 6.2 shows the values forEa obtained for the transition temperatures, which are similar

to those reported in literature (table 6.1). A slight increase in the activation energy is found for

the β-transition in case of the deformed sample. As can be seen in figure 6.6 for the deformed

sample, the α-relaxation spans a temperature range from about 40 °C up to several degrees be-

low the melting temperature of Tm=164.6 °C (peak temperature), obtained by DSC analysis.

This on the one hand implies that this transition is indeed composed of at least two subtransi-

tions, such as the α1 and α2-transition, however, on the other hand, their evaluation in terms of
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Table 6.2: Activation energies for the α- and β-relaxation for the undeformed and deformed
sample

Ea,α (kJ mol−1) Ea,β (kJ mol−1)
ε = 0 160 368
ε = 1.2 - 409
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Figure 6.6: Loss tangent versus
temperature of samples deformed to
ε=1.2 for three different test frequen-
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activation energy is complicated. By fitting the α-transition by an α1 and α2 peak it is found

that with increasing frequencies, a shift to lower temperature occurs. According to equation

6.1, this would result in a negative activation energy.

The γ and δ-relaxation, usually observed between -120 °C to -50 °C and -240 °C to

-173°C respectively in case of PP [85, 132], could not be resolved by DMTA in torsion mode.

Although the initial drop in dislocation density (figure 6.1) is located in the same temperature

range as the two transitions below Tg , it is not clear whether they are the reason for the decrease

in defect concentration at this temperature. Especially the δ-relaxation with its low activation

energy of 4.2 kJ mol−1 to 5 kJ mol−1 which is attributed to small vibrations of CH3 groups

can not be considered as eligible to represent comparatively large rearrangements which are

necessary for dislocation movement such as a chain twist.

While the dislocation density was observed to drastically change between -180 °C and 100

°C, the CSD-size changed only slightly over the same temperature range (figure 6.8) which must

be considered as being close to the experimental error of the method. The following increase

from 13 nm to 16 nm most probably originates from recrystallization processes. A possible

mechanism is the recrystallization of small angle grain boundaries or small misorientations

within crystalline lamellae which are formed by geometrically necessary misfit dislocations

upon bending of the lamellae during deformation [17].
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Polyethylene terephthalate (PET)

In case of PET it was already shown in section 5.1 (figure 5.13) that a significant decrease

of the dislocation density from ρ = 3.5× 1015 m−2 to ρ = 1.5× 1015 m−2 is observed upon

annealing when reaching a temperature of approximately T=25 °C (figure 6.10). According

to DSC scans this temperature is still below the glass transition of 66 °C, which is somewhat

surprising when this result is compared with the strong decrease of dislocation density just

occurring at the glass transition temperature in PP. It has to be mentioned here that the modified

WH method, where the only input parameter is the FWHM, seems to be distinctly less reliable

than the CMWP approach fitting the whole profiles of the entire diffraction pattern, and may

show results being markedly different from those of CMWP. This can be seen clearly by a direct

comparison of the two methods applied to deformed iPP (figure 6.9). Similarly to the case

of PET, an early and smooth decrease of dislocation density can be seen although the CMWP

indicates a markedly stepwise annealing behaviour also being in parallelism to the DMA results.

So it can be assumed that PET shows a dislocation annealing characteristic being similar to that

of PP, at the glass transition temperature. A more direct conclusion is not possible as CMWP

does not work for triclinic lattices so far; perhaps the use of DMA may yield further evidence

for this conclusion. The CSD-size development in figure 5.14 and figure 6.10 was found to be

constant up to a temperature of 25 °C, followed by an increase up to 25 nm approaching 100



60 CHAPTER 6. DISCUSSION

°C, most probably due to crystallization processes in the material, or similar to the experiment

performed with PP, due to a recrystallization of small angle grain boundaries, leading to larger

coherently scattering domains.
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ated by the WH-method (blue curve) and by the MXPA-method (red curve).
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Figure 6.10: CSD-size and dislocation density development in PET. Numerical errors are of
the order of the point size.

The dislocation density of ρ = 3.5× 1015 m−2 prior to annealing is comparatively low

compared to other semicrystalline polymers, such as α-iPP. This may have several reasons.

One possibility is that the complex chain structure involving benzyl groups and oxygen hinder

the propagation of crystalline defects. Considering dislocations in terms of chain twist defects,

it would be plausible that 180 ° chain twists cannot be formed due to the bulky side groups.
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In case of poly(3-hydroxybutyrate) (P3HB) a similar behaviour could be observed [18]. In

this latter case the dislocation density did not change upon in-situ compression, instead, P3HB

tended to form macroscopic cracks with increasing deformation which led to destruction of the

crystalline lamellae before crystallographic slip could occur.

Another explanation is that the PET-material has been pre-deformed at room temperature of

about 22 °C which is markedly below its Tg of 66 °C. Hence, the amorphous phase is not

soft enough in order to allow for interlamellar rotations of the crystalline domains. Thus the

rearrangements of lamellae are hindered unless a position is reached where the Schmid-factor

is high enough to initiate crystallographic slip, usually accompanied by dislocation generation

and motion. More light upon this effect is shed within the following section, where the influence

of the amorphous phase on crystalline plasticity is systematically investigated.

6.2 Influence of rigidity of amorphous phase to the disloca-

tion activity

It could be shown in the previous section that strains from the amorphous phase (back-stresses),

which are transmitted to the crystalline lamellae, stabilize dislocations within the crystalline

phase. However, the role of the amorphous phase with special respect to dislocation generation

during high plastic deformation was unclear so far. In order to clarify this question, the contri-

bution of a dislocation mediated plastic deformation mechanism operating within the crystalline

phase, has been investigated with special consideration of the varying rigidity of the amorphous

phase. For this purpose in-situ compression experiments during simultaneous X-ray diffraction

using synchrotron radiation, were performed on isotactic polypropylene below Tg.

It was already shown in section 5.2 that considerable differences in the development of the

dislocation density can be found when the sample is deformed below or above its Tg (figure

6.11). This implies that different deformation mechanisms are active at different deformation

temperatures.

The importance of dislocations for plastic deformation and the related basic mechanisms

were already discussed in section 3.2. However, the key points will be recapitulated throughout

this section to ensure a coherent explanation of the results obtained above.
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Due to the multiphase amorphous - crystalline morphology and the presence of tie molecules,

acting as additional stress transmitters, both phases are subjected to deformation. An important

difference, with respect to the deformation temperature is, that in case of deformation above

Tg, the amorphous phase acts as an additional slip system. Thus, the crystalline lamellae can

rearrange by one or more amorphous deformation modes, as discussed in section 3.2.1. From

section 3.2 we know that in case of semicrystalline polymers, such as α-iPP, deformed above

its Tg, crystallographic slip is a basic mechanism operating over the whole strain range, espe-

cially within the plastic regime [53, 67]. This crystal slip is further accompanied by dislocation

generation and motion. However, dislocations only move if the critical resolved shear stress τ0

is reached within the slip plane, which is expressed by Schmid’s law and depends on the orien-

tation of the slip plane normal and the slip direction with respect to the applied stress (section

3.2.2). Combining these facts, the development of the dislocation density (figure 6.11), for the

sample deformed above Tg can be explained.

At small strains, one or more of the amorphous deformation modes dominate. Hence, the crys-

talline lamellae reorganize but not yet deform plastically by a significant amount; thus, disloca-

tion activity is poor. With proceeding deformation, the hard crystalline lamellae still undergo

rearrangements as they are embedded in a soft amorphous matrix, therefore, the number of slip

planes which reach τ0 increases due to lamellae rotation and increasing uniaxial stress. This

way an increased crystallographic slip governed by dislocation generation and motion occurs,
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particularly when a true strain of ε = 0.25 is exceeded (figure 6.11).

During deformation below the glass transition, however, the rigidity of the amorphous phase

prevents the crystalline lamellae from rotating. As a consequence the crystals cannot rotate to

an orientation where the Schmid-factor is high enough to reach or exceed the critical resolved

shear stress. Thus, less crystals experience crystallographic slip, reducing the increase in dislo-

cation density compared to the same material deformed above Tg.

This mechanism can also explain the comparatively small value in dislocation density of PET

after its deformation to ε=0.6 as discussed in section 6.2 (figure 6.10)

Due to inhibited dislocation kinetics below Tg, the macroscopic plastic strain has to be accom-

modated by alternative mechanisms, so that deformation can be accompanied e.g. by micro-

cracking and/or shear banding. This behaviour is similar to that of poly(3-hydroxybutyrate)

(P3HB) where also no significant increase in dislocation density was found because the lamel-

lae experience fragmentation instead of crystallographic slip [18].

A decrease in the CSD-size can be seen at both deformation temperatures, above and below Tg.

This reduction is caused by any deformation that leads to a misorientation of at least 1.5° within

the crystal lattice. Considering deformation below Tg, it can be assumed that the primary de-

formation mechanism being active is bending of the lamellae which leads to formation of geo-

metrically necessary misfit dislocations (section 3.2.3) [17]. This, very similar to the behaviour

of γ-iPP during plastic deformation, results in a decrease in the domain size, simultaneously

increasing the dislocation density slightly. Here, crystallographic slip seems to be negligible

due to the hindered mobility of the crystalline domains.

In case of deformation above Tg, it is assumed that both deformation mechanisms, crystal-

lographic slip and bending of the lamellae are active during the whole deformation path. A

reduction in the domain size can preferably be seen up to a true strain of ε = 0.25. This can

primarily be attributed to increasing crystalline misorientations caused by lamellae bending.

However, also crystallographic slip processes contribute to the plastic flow, especially those slip

planes with a low τ0. According to previous investigations this corresponds to screw disloca-

tions moving on chain slip planes [22].

If a true strain of ε = 0.25 is exceeded, deformation by crystalline misorientations becomes less

important which is reflected in a more constant development of the CSD-size. In fact crystal-

lographic slip becomes the dominant deformation mode at higher strains. The increasing stress

not only increases the number of screw dislocations operating in the chain slip system being

involved in the deformation process, but also leads to an activation of transverse slip systems

containing dislocations with edge character [15, 22].
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6.2.1 Evidence for dislocation presence and multiplication from the Mo-
mentum Method

The previous sections concentrated on PP since it is well suited for MXPA experiments due to

its large number of high intensity Bragg reflections. As already mentioned in previous chapters,

not all semicrystalline polymers posses sufficient numbers of Bragg peaks which could be used

for the successful application of MXPA. An example of such a material is PE, which represents,

due to its simple crystallographic structure, a model material for studying plastic deformation

mechanisms. The following section shows how information about microstructural parameters

can still be extracted from single PE line profiles applying a special X-ray technique, the so

called momentum method [107, 108].

Multi-reflection methods are powerful tools when it comes to determine microstructural param-

eters in a non-destructive manner, which is indispensable during in-situ investigations. How-

ever, a necessity of multi-reflection methods including whole profile fitting approaches is, as the

name indicates, the presence of several high intensity reflections. A semicrystalline polymer

which does not fulfill these conditions is polyethylene. PE crystallizes in an orthorhombic crys-

tal structure [30, 32, 134, 135] with a lamella thickness of about 20 nm, which can be increased

to 160 nm by high pressure crystallization, often accompanied by an increase in crystallinity

[124, 136–138].

Since the diffraction pattern of PE only shows two high intensity peaks in case of an unde-

formed state, multi-reflection methods including CMWP cannot be applied. However, by the

use of the momentum method the same physical quantities can be determined out of a single

line profile. Still, a basic requirement for the application of this evaluation method is that the

background-to-peak-ratio (BGR) is not larger than 10−4 [107].

In order to demonstrate the importance of a low BGR, Groma and Szekely [107] demonstrated

the influence of different artificially added background levels on the qualitative development of

the fourth order restricted moment. According to figure 6.12 it can be seen that the development

of the moment changes if the background level is in the order of 10−3. Nevertheless, Groma

and Szekely suggested that the relative intensity should be kept below a value of 10−4 in order

to obtain reliable results. However, according to figure 6.12 it can be seen that the qualitative

development of the fourth order moment only changes marginally from a background level of

10−3 to 10−4 so that a relative intensity of at least 10−3 can be accepted (figure 6.12).

While the requirement of a low BGR can be fulfilled rather easily in metallic materials if the

peaks are well separated, (by e.g. using synchrotron radiation or increasing the measurement
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Figure 6.12: Effect of relative intensity on the development of the fourth order restricted mo-
ment. Exceeding a BGR of 10−4 results in a different development of the restricted moments
[107].
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Figure 6.13: BGR for the (110) reflection as a function of true strain.

time), it is much more challenging in case of polymers. The limiting factor with respect to

relative intensity is the presence of an amorphous phase. In standard thermoplasts such as PP

or PE, crystallinity is in the range between 50 % to 70 %, thus a remaining amorphous frac-

tion contributes to the diffraction pattern by increasing the background scattering. Increasing

the measurement time is not constructive, since with proceeding time, not only the peak in-

tensity, but also the amorphous halo increases. Figure 6.13 shows the relative intensity for the

orthorhombic (110) reflection with increasing deformation. Already in the undeformed state,

the BGR is about two orders of magnitudes beyond the suggested threshold which is necessary

to perform a quantitative determination of dislocation densities. An increase in relative inten-

sity is observed with proceeding deformation due to amorphization of crystalline domains, most

probably caused by extensive shear band formation, therefore a quantitative determination of



66 CHAPTER 6. DISCUSSION

dislocation densities is not possible, especially at higher deformations.

However, even if the relative intensity cannot be reached within the given experimental

conditions, the following discussion shows how qualitative estimations can be made whether

line broadening is dominated by local strains as a consequence of dislocation activity, and/or is

due to size effects, and how this situation changes with deformation.

On the basis of equation 4.8 it can be seen that the first term of the second order moment

which depends on the finite crystal size, is linear in q, while the presence of dislocations results

in a logarithmic behaviour.

M2(q) =
q

π2εF
− L

4π2K2ε2
F

+
Λ < ρ > ln(q/q0)

2π2
(4.8)

The consequence of line broadening which is solely induced by a small crystal size or in-

ternal strains caused by dislocations is shown by a simulation consisting of theoretical plots

of the second order moment (equation 4.8) in figure 6.14a and figure 6.14b respectively. In

figure 6.14a the crystal size εF is kept constant, while the dislocation density ρ was gradually

increased. According to equation 4.8, it is obvious that, in figure 6.14a the logarithmic charac-

ter becomes increasingly pronounced with increasing dislocation density. Contrary, when the

dislocation density is held constant, simultaneously decreasing the crystal size, a clear linear

behaviour of the second order moment is seen in figure 6.14b. The experimentally determined

curves for the second order moments are shown in figure 6.15 calculated according to equation

4.7.

Thus, by comparing the experimental curve (figure 6.15) with the theoretical curves (figure

6.14), it is evident that dislocations are not only dominant in the undeformed sample due to its

logarithmic behaviour. Additionally, the increase in magnitude of M2 at higher deformations in

figure 6.15 is a strong indication that an increase in dislocation density occurs with proceeding

deformation.

An even better distinction between strain and size related broadening can be made by means

of the fourth order restricted moment (equation 4.9), where the difference between the logarith-

mic and linear development is much more striking. Here, similar to the second order restricted

moment, the theoretical function 4.9 was plotted by varying ρ and εF in figure 6.17a and 6.17b

respectively, strictly repeating the procedure with the fourth order restricted moment.



6.2. AMORPHOUS PHASE RIGIDITY AND DISLOCATION ACTIVITY 67

 0

 0.01

 0.02

 0.03

 0.04

 0.05

 0.06

 0  0.1  0.2  0.3  0.4  0.5  0.6  0.7  0.8  0.9

M
2
 (

1
/n

m
2
)

q (1/nm)

Dislocation characteristics

ρ

2*ρ

4*ρ

6*ρ

(a) Plot of equation 4.8 for different dislocation
densities. The limited crystal size εF was held
constant while the dislocation density ρ was con-
tinuously increased.

 0

 0.01

 0.02

 0.03

 0.04

 0.05

 0.06

 0  0.1  0.2  0.3  0.4  0.5  0.6  0.7  0.8  0.9

M
2
 (

1
/n

m
2
)

q (1/nm)

Size characteristics

εF
0.2*εF
0.1*εF

0.06*εF

(b) Plot of equation 4.8 for different crystallite
sizes. The dislocation density was held constant
while the crystallite size εF was continuously de-
creased.

Figure 6.14

 0

 0.01

 0.02

 0.03

 0.04

 0.05

 0.06

 0  0.1  0.2  0.3  0.4  0.5  0.6  0.7  0.8  0.9

M
2

 (
n

m
-2

)

q (nm
-1

)

(101) reflection of PE during in-situ deformation

ε=0
ε=0.05
ε=0.2

ε=0.29
ε=0.38
ε=0.5

ε=0.71
ε=1

Figure 6.15: Development of the second order moment for different true strains.

M4(q)

q2
=

q

3π2εF
+

Λ < ρ >

4π2
+

3Λ2 < ρ2 >

4π2q2
ln2(q/q1) (4.9)

By comparing the experimentally determined fourth order moments from figure 6.16 with

the theoretical plots in figure 6.17b, a size dominated line broadening, especially at deforma-

tions exceeding a true strain of 0.3 can definitely be excluded. Instead, by a comparison with

figure 6.17a, it can be assumed that line broadening is primarily determined by local strains

which originate from the presence of dislocations.

Based on the logarithmic behaviour of the second and fourth order restricted moments it
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Figure 6.17

can be assumed that dislocations are present at all stages of deformation. The increase in abso-

lute values of the M2 and M4 signal indicates at a multiplication of dislocations with increas-

ing strain. Therefore it can be expected that dislocations are involved in plastic deformation

processes in PE, similarly as in the α-phase of iPP. For a quantitative analysis of size and dis-

location structure parameters of PE, the BGR has to be minimized by at least two orders of

magnitudes. In this case, absolute values could be obtained in case of marginally deformed

samples. Possible routes in achieving this goal may contain the production of highly crystalline

PE samples. However, a reduction in relative intensity may be expected with increasing defor-

mation due to decreasing crystallinity as it was observed in similar in-situ experiments (section

6.2 and 6.1). Crystallinity in PE can be increased up to 90 % by using low molecular weight
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PE [139]. However, a disadvantage is its relative low strength. Alternatively, crystallinity of PE

can be increased up to 99 % by crystallization under high pressure [136, 138, 140]. By applying

this method not only crystallinity but also the lamellae thickness can be controlled to a certain

extend by obtaining chain-extended crystals [125].
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Chapter 7

Summary and Conclusions

This thesis aimed at the microstructural mechanisms involved in plastic deformation of three

types of semicrystalline polymers (PP, PET, PE). Special attention was paid to the occurrence

of dislocation based deformation mechanisms as these have significant consequences not only

to the microstructure and strength characteristics of the crystalline phase but also to those of the

amorphous phase via the interfaces (e.g. tie chains) acting as stress transmitters between the

two phases. In order to find out just this interplay between these phases,

1. annealing experiments on samples plastically compressed beyond the temperature of glass

transition, Tg, were performed. Both in-situ XRD investigations as well as “Multiple X-

ray line Profile Analysis” (MXPA) measurements were done, which is a special method

used for the quantification of dislocations also providing information on the coherent

crystalline domain size.

2. In parallel, particularly in order to clarify more details of the mechanisms involved,

DMTA investigations were done as they are sensitive to all kinds of molecular relax-

ations.

3. Plastic compression experiments were performed at temperatures below and beyond the

glass temperature, again in parallel to in-situ XRD and MXPA measurements.

The results for α-iPP comprised pronounced reductions of the initially high dislocation density

at temperatures of 10°C and 85°C, which could be related to the mechanical β- and α-relaxation,

respectively, observed in the DMTA analysis. As the first reduction of the dislocation density

at 10°C occurs just at the glass transition temperature Tg, it can be explained in terms of a soft-

ening of the amorphous phase, leading to a reduction in back-stresses on the crystallites thus

enhancing the mobility of piled-up dislocations and thus their annealing. The reason for the

marked decrease of the dislocation density at the α-transition at 85°C is attributed to a general

71
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annihilation process of dislocations. Here the whole activation energy of the process is provided

thermally, in contrast to the previous reduction of dislocation density where the annihilation is

assisted by the back-stresses, thus requiring less thermal energy. Considering the case of molec-

ular chain twists as a possible defect model, a potential annihilation mechanism is that twists

with a different algebraic sign cancel each other, or that they move through the crystal to the

amorphous phase, both mechanisms resulting in a reduction of the dislocation density.

In-situ XRD/XPA annealing studies were also performed in PET. Here, only one but significant

decrease in the dislocation density could be observed already at T = 25°C which is markedly

below the glass transition temperature. However, this result seems to be a consequence of the

poor measuring power of the Williamson-Hall method as this only evaluates peak widths instead

of full profile characteristics as done by the CMWP method [27, 103]. One can thus assume

that the annealing characteristics in PET at the glass transition temperature occurs similarly to

the case of PP. Nevertheless, it was found that PET showed a comparatively low dislocation

density after its deformation to a true strain of ε=0.6. The most probable explanation to this

is that the deformation temperature was well below the glass transition temperature. Here, the

lamellar crystals may have less degrees of rotation due to the rigidity of the amorphous phase,

thus decreasing the number of active crystalline slip systems and therefore also the number of

dislocations generated.

At least such a mechanism has been found in α-iPP by in-situ compression MXPA experiments

with compression being performed not only beyond but also below the glass transition tempera-

ture in order to significantly increase the rigidity of the amorphous phase. Indeed, a pronounced

increase in dislocation density was observed only during compression at room temperature,

well above Tg. The only marginal increase in dislocation density found at compression below

Tg is explained by the high rigidity of amorphous matrix at this temperature which restricts free

adjustment of the crystalline lamellae allowing for easy deformation and/or dislocation gener-

ation. Changes in CSD size were found to be different for deformation beyond and below Tg,

but much less significant than the differences in dislocation density evolution.

Last but not least, also PE was subject of investigations in this thesis. In order to perform in-

vestigations being analogous to those described above - in spite of the low number of Bragg

reflections in this material - the so-called “momentum method” was applied, for the first time

for a semicrystalline polymer. In principle this method allows to obtain the same physical pa-

rameters out of a single line profile, as MXPA does with at least four line profiles, provided that

the relative background does not exceed a value of 10−4 [107]. Although the latter condition

could not be fulfilled due to the multiphase nature of a semicrystalline polymer, a qualitative

discussion on the involved deformation mechanisms was still possible by comparing measured
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second and fourth order restricted moments with theoretically calculated ones. At least for the

case of PE, it was demonstrated that the logarithmic behaviour of the second and fourth order

restricted moments not only indicates the presence of dislocations, but also their multiplication

with increasing strain. At least it could be shown that exclusively applying the momentum XPA

method in PE proved the operation of dislocation-based deformation mechanisms herein.

Resume
The present thesis showed that in case of dislocation-mediated deformation mechanisms in

semicrystalline polymers, the amorphous phase can play a substantial role with respect to dis-

location dynamics. By increasing the mechanical rigidity of the amorphous phase, a change of

plastic deformation mechanisms occurs, passing from a dislocation-mediated crystallographic

slip to a mechanism operating by shear band production and/or microcracking. The rigidity of

the amorphous phase strongly affects the free rotation of the crystalline lamellae, which can re-

sult in an extensive generation or in an impediment of dislocation generation not only in PP, but

also in other semicrystalline polymers like PET and probably PE where dislocation-mediated

deformation mechanisms are active. The rigidity of the amorphous phase can be systemat-

ically changed by selective annealing experiments at increasing temperatures thus launching

increasing molecular relaxations. Therefore, it can be understood that dislocations increasingly

annihilate with increasing annealing temperature especially when the annihilation is assisted by

back stresses in the wake of the interface between the amorphous and crystalline phase.

Perspectives of the Thesis
Future investigations may include DMTA experiments of the γ-phase of PP. Plastic deforma-

tion in γ-iPP is dominated by interlamellar shear including shear band formation, and not by

dislocations [17, 48]. Hence, the α-relaxation observed in the mechanical loss spectra should be

considerably smaller in γ-iPP compared to α-iPP. Further, it should be investigated whether the

subpeaks of the α-relaxation can be related to specific dislocation types, e.g. screw and/or edge

dislocations which should have different activation energies due to their different line energies,

and which may vary in their fractions during varying plastic deformation [22]. By controlled

annealing of deformation induced dislocations or generation of dislocations at different tem-

peratures, the dislocation density, hence the crystallographic order and subsequently also the

physical properties may be controlled systematically. This may have some impact to mechani-

cal applications since the strength can be controlled by the number of mobile dislocations being

present in the material [16]. Moreover, on a longer term the control of dislocation generation

and mobilization may also be of significance for electronic applications in conductive/conju-

gated semicrystalline polymers.
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Chapter 8

Additional works

8.1 Influence of molecular weight on the γ-phase formation

in PP

The γ-phase of isotactic polypropylene is characterized by an unusual arrangement of the

macromolecular chains. Instead of being arranged in a parallel manner, like it is the case in

many other semicrystalline polymers, but also in the α-phase of the same material for exam-

ple, the chains are tilted by about 80° against each other. This particular chain packing leads

to increased critical resolved shear stresses, thus, impeding the lamellar crystals to deform by

the preferred crystallographic slip mechanisms, instead alternative mechanisms become active

(section 3.2). As a consequence, the necessary stress to initiate plastic deformation is increased,

resulting in a higher strength of the material by up to 60 % [17, 19, 48].

For this reason, understanding and finding parameters which influence or even facilitate the

crystallization of γ-iPP is of high interest. In this chapter it was investigated in how far the

molecular weight of the material under variation of crystallization temperature, time and pres-

sure has an impact on the γ-phase crystallization. In 1961, Addink et al. discovered an addi-

tional Bragg-reflection in X-ray powder patterns of low molecular weight PP [38, 141], which

could later be identified as an additional phase of PP, the γ-phase. Since its discovery γ-iPP

has attracted much attention, not only from scientific, but also from technological point of view,

because its exceptional chain packing prohibits any dislocation activity being present during

plastic deformation, resulting in a pronounced increase in yield stress of about 60 % compared

to the α-phase of the same material [17]. Common methods in obtaining large volume frac-

tions of γ-phase include high pressure crystallization (p > 200 MPa) [50, 142, 143], the use of

metallocene catalysts [144], very low molecular weight samples [44] or high molecular weight

samples with a controlled number of stereodefects [145].
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Since the influence of molecular weight (Mw) on the formation of γ-iPP was investigated,

three types of α-iPP obtained from “Borealis AG” (Austria) with different Mw were used: (a)

DM55Pharm with a Mw = 540 kg/mol and a melt flow rate (MFR) of 2.8 g/10min at 230 °C/2.16

kg (b) HD120MO with Mw = 350 kg/mol and MFR = 8 g/10min and (c) HF700SA with Mw =

240 kg/mol with MFR = 21 g/10min at 230 °C/2,16 kg. For simplicity, these materials will be

called DM, HD and HF respectively in the following. The γ-iPP samples were crystallized in

a custom built pressure cell, described in section 4.1, while the necessary pressure of 200MPa

was achieved by a “Shimadzu” ultimate testing machine.

Figure 8.1 shows the applied temperature and pressure program: (A) A pressure of 7 MPa was

applied which ensured on the one hand that eventual air inclusion escape upon melting and on

the other hand that a good thermal conductivity is established. This was followed by increasing

the temperature to 230°C for 5 min, well above the melting point of 165 °C peak temperature

obtained by DSC measurements. (B) Temperature was reduced to one of the three crystalliza-

tion temperatures of 170 °C, 190 °C and 210 °C, subsequently increasing the pressure to 200

MPa. All samples were crystallized for 30 min. (C) Finally, the temperature was reduced to

room temperature and the compression chamber was unloaded. The achieved cooling rate by

ventilators was about 5 °C/min, however, when approaching crystallization temperature, the

rate slightly decreased.

The temperature program is plotted over the theoretical phase diagram as calculated by Mezghani

and Phillips [146] (figure 8.2), which shows that crystallization is carried out in the γ-domain

for all crystallization temperatures.

Phase analysis was performed by WAXS measurements on a “GADDS D8” diffractometer

using CuKα radiation and a nickel filter, operating at 50 kV and 50 mA. The spot size of the

sample was 0.8 mm while measuring in reflection. A key step during phase analysis is to be

aware that the phases can be distributed inhomogeneously within the sample. This means, if a

diffraction pattern is recorded on a single spot on the sample surface, a higher γ-phase content

can be obtained compared to measuring the same sample in a transmission setup. However,

measuring in transmission, especially at large sample diameters, requires high energies such

as synchrotron radiation which is not always applicable. Hence, for a reliable determination

of the phase fractions, an oscillation alongside the whole sample height was performed during

simultaneous X-ray diffraction, which allowed to investigate a larger sample volume.

Figure 8.3 shows the diffraction patterns for the three tested PP types. The positions of the

Bragg-reflections in the α and γ-phase are very close to each other, except the (130) α-, and

the (117) γ-reflection, are well separated. In order to determine the amount of α and γ-phase

quantitatively, the diffraction patterns were separated by modelling its individual phases and
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Figure 8.1: Applied temperature program for the production of γ-iPP samples.

the background. All peaks were modelled using PearsonVII functions while the background

was modelled by a polynomial fifth order. Figure 8.4 shows the reflections being involved in a

PP diffraction pattern, a sample with almost equal amounts of α and γ-phase was chosen. The

γ-fraction Kγ was determined using the well known equation:

Kγ =
I(117)γ

I(117)γ + I(130)α

where I(117)γ and I(130)α are the integral intensities of the corresponding reflections.

Hence the remaining α-fraction is obtained by Kα = 1−Kγ .

The resulting γ-phase content for the investigated materials is shown in figure 8.5. The ac-

curacy of the diffraction measurements should be relatively high, however, taking into account

possible systematic errors during phase modelling, due to sample inhomogeneities or from the

background subtraction an error of 5% may be assumed. This would correspond to the point

size in figure 8.5. As expected, the initial amount of γ-phase in the as received material is

marginally, and does not exceed 20%. The highest γ-phase content was obtained at a crystal-

lization temperature of Tc=190 °C, where almost pure γ-modified material could be achieved

for all PP-types. Only at a molecular weight of Mw = 540 kg/mol a smaller amount of γ-phase

was obtained for temperatures of 210 °C and 170 °C. The lower γ-fraction at higher Mw’s in

general can be explained by the increasing length of macromolecules which complicate the ar-



78 CHAPTER 8. ADDITIONAL WORKS

Figure 8.2: Theoretical phase diagram for PP for temperature as a function of pressure [146].
The points A,B and C represent the crystallization procedure.

rangement of chains to its non-parallel structure. Especially in case of the lower temperature

experiment, chain diffusion is limited, so that a rearrangement to the orthorhombic crystal struc-

ture is hindered.

Crystallinity (Xc) obtained from WAXS data did not differ significantly in case of high pressure

crystallized samples, with Xc being in the range of 55 to 65 % (figure 8.6). However, Xc was

higher in the as received materials, decreasing after high pressure crystallization. The decrease

in Xc may result from the shorter crystallization time of 30 min compared to 60 min for the

sample crystallized under atmospheric pressure. A summary of all parameters is given in table

8.1.

PP with medium molecular weight of the type HD120MO turned out to be the most suitable

PP-type for crystallizing in the γ-modification, since a high γ-fraction was obtained almost

independent of crystallization temperature. Hence, HD-PP was additionally crystallized at 400

MPa for 30 min at Tc=190°C to investigate if an additional phase can be observed at pressures

clearly exceeding 200 MPa. While only 51 % of γ-fraction were obtained at a pressure of 100
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Figure 8.3: Diffraction patterns of high pressure crystallized PP samples with different molec-
ular weight for (a) DM55Pharm, (b) HD120MO and (c) HF700SA.
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Figure 8.4: WAXS pattern of iPP with similar amounts of α and γ-phase. Measured data (©),
fit (full line), α-phase (blue line), γ-phase (red line), background (green line), residuals (gray
line).

MPa, crystallization exclusively resulted in the γ-form at 200 MPa and above (figure 8.7 and

8.8). However, no additional phases could be observed crystallizing at a pressure of 400 MPa.

Crystallinity as determined from WAXS depicts a slight decrease reaching 200 MPa and stays

then relatively constant.

Summary

PP with three different molecular weights were tested in their capability to crystallize in the

γ-form with respect to different crystallization temperatures. PP of the type HD120MO with

a medium Mw of 350 kg/mol turned out to be most suitable, since pure γ-iPP was obtained

for all crystallization temperatures. However, applying a crystallization temperature of 190

°C resulted in high amounts of γ-fraction, not only for PP with medium Mw, but also for the

low and high Mw-type, Mw = 240 kg/mol and Mw = 540kg/mol respectively. Apparently, the

higher molecular weight hinders the rearrangement of macromolecules so that high amounts of

γ-phase cannot be achieved for all crystallization temperatures. Interestingly, pure γ-iPP was

obtained when crystallizing high Mw PP at Tc=190 °C while the γ-fraction was lowered at a

Tc of 170 °C and 210 °C. In case of Tc=170 °C, chain diffusion may not be high enough at this

temperature, however a similarly low amount of γ-phase was obtained at a higher temperature

of Tc=210 °C. Here, possibly the crystallization temperature is close to the melting temperature,

so that the smaller amount of γ-phase just formed during cooling to room temperature.
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Figure 8.7: Additional phase formation
could not be observed at a pressure of 400
MPa.
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Crystallization of PP (HD120MO) at 200
MPa and above, results in samples with
pure γ-phase modification.

Table 8.1: γ-fraction and crystallinity obtained by different processing conditions at 200 MPa

sample Mw(kg/mol) Tc (°C) Xc - X-ray (%) γ-fraction (%)
hf1 240 170 61 97
hf2 240 190 61.8 100
hf4 240 210 67 85

hd30 350 170 64.7 99
hd33 350 190 59.7 100
hd32 350 210 59.4 96
dm4 540 170 53 70
dm2 540 190 60.4 100
dm1 540 210 55 56
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8.2 Derivation of the Gibbs-Thomson equation for semi-crystalline

polymers

The Gibbs-Thomson equation [97, 147] is often used to determine the lamellar thickness λ by

measuring the melting temperature of the material (which depends on the lamella thickness),

provided that the surface energy σe, the enthalpy of melting for the crystalline phase ∆hf and

the equilibrium melting temperature T 0
m are known. For infinite large lamellar crystals, the melt-

ing temperature Tm approaches the equilibrium melting temperature T 0
m. In case of semicrys-

talline polymers, the Gibbs-Thomson equation can be derived by fundamental thermodynamic

concepts:

Figure 8.9: Schematic drawing of a lamellar crystal

∆G(t) = 2xy ·σe + (2λx+ 2λy) ·σ − xyλ · ∆Gf (8.1)

At the melting point Tm we have

∆G(Tm) = 0 (8.2)

In case of large lateral dimensions it can be assumed that:

1)

x ∼= y and
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2)

xy >> (λx+ λy)

Additionally it can be assumed that

σe >> σ (8.3)

Thus

∆G(Tm) = 2x2 ·σe − λx2 · ∆Gf

Combining 8.2 and 8.3 we receive

∆G(Tm) = 2x2 ·σe − λx2 · ∆Gf(Tm) = 0

∆Gf(Tm) =
2x2 ·σe
λx2

=
1

λ
2σe (8.4)

in case of an infinite large crystal at T 0
m we obtain

∆Gf (T
0
m) = ∆hf (T

0
m)− T 0

m · ∆Sf (T
0
m) = 0

∆Sf (T
0
m) =

∆hf (T
0
m)

T 0
m

(8.5)

In case of high melting temperatures ∆hf (Tm) = ∆hf (T
0
m) and ∆Sf (Tm) = ∆Sf (T

0
m),

thus

∆Gf (Tm) = ∆hf (T
0
m)− Tm · ∆Sf (T

0
m) = ∆hf (T

0
m)− Tm

∆hf (T
0
m)

T 0
m

= ∆hf (T
0
m)

(
1− Tm

T 0
m

)
Using equation 8.4 one obtains

2

λ
σe = ∆hf (T

0
m)

(
1− Tm

T 0
m

)
2σe

∆hf (T 0
m) ·λ

= 1− Tm
T 0
m(

1− 2σe
∆hf (T 0

m) ·λ

)
T 0
m = Tm (8.6)
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Appendix

Program codes

Listing 8.1: fit_PP.sh

1 # ! / b i n / bash

2
3 # g e n e r a t e s a * . f i t f i l e f o r f i t y k i n o r d e r t o f i t t h e i n d i v i d u a l peaks o f a

measured PP p a t t e r n

4
5 command −v x c l i p >/ dev / n u l l 2>&1 | | { echo −e >&2 " The program \ " x c l i p \ " i s

r e q u i r e d , p l e a s e i n s t a l l : \ n sudo ap t−g e t i n s t a l l x c l i p \ n A b o r t i n g . " ;

e x i t 1 ; } # check i f t h e program x c l i p i s i n s t a l l e d

6
7 i f [ [ $# != 1 ] ] ; t h e n

8 echo " Usage : $0 D a t a f i l e F i l e "

9 e x i t 1

10 f i

11
12
13 f i t y k f i l e = f i t _ P P . f i t

14 g n u p l o t f i l e = t o p l o t . gnu

15 wdir = ‘pwd ‘

16 # d a t a f i l e s = ( )

17 # d a t a f i l e s =( ‘ z e n i t y −− f i l e −s e l e c t i o n −−f i l e n a m e ="$pwd " −− t i t l e =" S e l e c t

d a t a F i l e s " ‘ )

18 d a t a f i l e s =$1

19
20
21 i f [ [ −e " ~ / . f i t y k / c o n f i g s / a g i P P _ c o l o r " ] ] ; t h e n # check i f f i t y k c o n f i g

f i l e e x i s t s

22 b r e a k

23 e l s e

24 cp $wdir / a g i P P _ c o l o r ~ / . f i t y k / c o n f i g s /

101
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25 f i

26
27 d e l t a _ b g n o d e s =0 .1

28 bgnodes = ( )

29
30
31
32 echo −e "@+ <’$1 ’ " >> $ f i t y k f i l e

33 echo −e "@0: d e l e t e ( y <100) " >> $ f i t y k f i l e # d e l e t e a l l d a t a p o i n t s l e s s t h a n

100"

34 echo −e "@0: p r i n t a l l : x , y > ’ $wdir / $1_temp ’ " >> $ f i t y k f i l e

35
36 c f i t y k −q $ f i t y k f i l e

37
38 mv $1_temp $1

39 rm $ f i t y k f i l e

40
41 exec 3>&1

42 exec 1> $ g n u p l o t f i l e

43
44 echo " s e t te rm wxt "

45 echo " s e t mouse d o u b l e c l i c k 0 "

46 echo " s e t mouse mouseformat \ " background node = %5.2 f , ( I n t e n s i t y =%10.2 f ) ,

s i n g l e c l i c k on backround t o use i t a s node \ " "

47 echo " s e t mouse c l i p b o a r d f o r m a t \ " %2.2 f \ " "

48 echo " p l o t \ " . / $1 \ " w l "

49
50 exec 1>&3 3>&−
51
52 g n u p l o t −p $ g n u p l o t f i l e

53 c l e a r

54 echo " Choose 2 t h e t a v a l u e s f o r t h e background−nodes by s i n g l e c l i c k i n g (

ENTER . . . n e x t node , ( c ) o n t i n u e , ( q ) u i t ) "

55
56 w h i l e t r u e ; do

57 r e a d −p " " node

58
59 i f [ " $node " == " q " ] ; t h e n

60 echo −e " Program c l o s e d "

61 e x i t 0

62 e l i f [ " $node " == " c " ] ; t h e n

63 echo −e " F o l l o w i n g background−nodes a r e used : ${ bgnodes [@] } "

64 b r e a k
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65 e l s e

66 node = ‘ x c l i p −o u t − s e l e c t i o n c ‘

67 bgnodes +=( $node )

68 f i

69 echo −e " Background nodes : ${ bgnodes [@] } "

70 done

71
72 #FIXME make p r e v i e v i n g n u p l o t by f i t t i n g p o l y n o m i a l

73
74 exec 3>&1

75 exec 1> $ f i t y k f i l e

76
77 echo −e " # Imp or t F i l e "

78 echo −e "@+ <’$1 ’ "

79
80 echo −e " # d e l e t e a l l d a t a p o i n t s l e s s t h a n 100 "

81 echo −e "@0: d e l e t e ( y <100) "

82
83 echo −e " # f i n d minimum of d a t a F i l e ( use on ly y v a l u e s l a r g e r t h a n 3000) "

84 echo −e " #@0: \ $minda t =min ( y i f x <14) "

85
86
87 echo −e " # s e t i n i t i a l ( peak )−p a r a m e t e r s "

88 echo −e " \ $hwhm=0.12 "

89 echo −e " \ $dx =0 .2 "

90 echo −e " \ $ x s c a l e =0 .9 "

91
92 echo −e "A = a and n o t a # d e s e l e c t a l l "

93
94 f o r i i n ${ bgnodes [@] } ; do

95 echo −e "A = a or ( $i−$ d e l t a _ b g n o d e s < x and x < $ i + $ d e l t a _ b g n o d e s ) "

96 done

97
98
99 echo −e " g u e s s Po lynomia l5 "

100
101 echo −e " f i t "

102
103 echo −e " # f i x background p a r a m e t e r s "

104 echo −e " \ $_1 = { \ $_1 } "

105 echo −e " \ $_2 = { \ $_2 } "

106 echo −e " \ $_3 = { \ $_3 } "

107 echo −e " \ $_4 = { \ $_4 } "
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108 echo −e " \ $_5 = { \ $_5 } "

109 echo −e " \ $_6 = { \ $_6 } "

110
111
112 echo −e " # g111 "

113 echo −e " \ $g111_x_max=argmax ( y i f x > 1 3 . 4 and x < 1 5 . 0 ) # f i n d t h e x v a l u e

o f t h e f i r s t peak maximum ( s h o u l d c o r r e s p o n d t o a110 or g111 ) and use

i t a s r e f e r e n c e p o s i t i o n "

114 echo −e " \ $g111_y_max=max ( y i f x > 1 3 . 4 and x < 1 5 . 0 ) "

115 echo −e "%g111 = P e a r s o n 7 ( h e i g h t =~{\ $g111_y_max * 0 . 8 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max } ) "

116 echo −e "F += %g111 "

117
118
119 echo −e " # a110 "

120 echo −e " \ $a110_y_max =\ $g111_y_max "

121 echo −e "%a110 = P e a r s o n 7 ( h e i g h t =~{\ $a110_y_max * 0 . 8 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 0 . 2 9 * \ $ x s c a l e } ) "

122 echo −e "F += %a110 "

123
124 echo −e " # g113 "

125 echo −e " \ $g113_y_max=max ( y i f x > \ $g111_x_max +1.21− \ $dx and x < \

$g111_x_max + 1 . 2 1 + \ $dx ) "

126 echo −e "%g113 = P e a r s o n 7 ( h e i g h t =~{\ $g113_y_max * 0 . 8 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 1 . 2 1 * \ $ x s c a l e } ) "

127 echo −e "F += %g113 "

128
129 echo −e " # g008 "

130 echo −e " \ $g008_y_max=max ( y i f x > \ $g111_x_max +2.87− \ $dx and x < \

$g111_x_max + 2 . 8 7 + \ $dx ) "

131 echo −e "%g008 = P e a r s o n 7 ( h e i g h t =~{\ $g008_y_max * 0 . 8 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 2 . 8 7 * \ $ x s c a l e } ) "

132 echo −e "F += %g008 "

133
134 echo −e " # a040 "

135 echo −e " \ $a040_y_max =\ $g008_y_max "

136 echo −e "%a040 = P e a r s o n 7 ( h e i g h t =~{\ $a040_y_max * 0 . 8 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 3 . 0 7 * \ $ x s c a l e } ) "

137 echo −e "F += %a040 "

138
139 echo −e " # a130 "

140 echo −e " \ $a130_y_max=max ( y i f x > \ $g111_x_max +4.7− \ $dx and x < \

$g111_x_max + 4 . 7 + \ $dx ) "
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141 echo −e "%a130 = P e a r s o n 7 ( h e i g h t =~{\ $a130_y_max * 0 . 8 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 4 . 7 0 * \ $ x s c a l e } ) "

142 echo −e "F += %a130 "

143
144 echo −e " # g117 "

145 echo −e " \ $g117_y_max=max ( y i f x > \ $g111_x_max +6.23− \ $dx and x < \

$g111_x_max + 6 . 2 3 + \ $dx ) "

146 echo −e "%g117 = P e a r s o n 7 ( h e i g h t =~{\ $g117_y_max * 0 . 8 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 6 . 2 3 * \ $ x s c a l e } ) "

147 echo −e "F += %g117 "

148
149 echo −e " # g202 "

150 echo −e " \ $g202_y_max=max ( y i f x > \ $g111_x_max +7.42− \ $dx and x < \

$g111_x_max + 7 . 4 2 + \ $dx ) "

151 echo −e "%g202 = P e a r s o n 7 ( h e i g h t =~{\ $g117_y_max * 0 . 4 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 7 . 4 2 * \ $ x s c a l e } ) "

152 echo −e "F += %g202 "

153
154 echo −e " # a111 "

155 echo −e " \ $a111_y_max =\ $g202_y_max "

156 echo −e "%a111 = P e a r s o n 7 ( h e i g h t =~{\ $a111_y_max * 0 . 4 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 7 . 4 5 * \ $ x s c a l e } ) "

157 echo −e "F += %a111 "

158
159 echo −e " #a13m1 "

160 echo −e " \ $a13m1_y_max =\ $g202_y_max "

161 echo −e "%a13m1 = P e a r s o n 7 ( h e i g h t =~{\ $a13m1_y_max * 0 . 4 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 7 . 9 7 * \ $ x s c a l e } ) "

162 echo −e "F += %a13m1 "

163
164 echo −e " # g026 "

165 echo −e " \ $g026_y_max =\ $g202_y_max "

166 echo −e "%g026 = P e a r s o n 7 ( h e i g h t =~{\ $g026_y_max * 0 . 6 } , hwhm=~{\$hwhm} ,

c e n t e r =~{\ $g111_x_max + 8 . 0 2 * \ $ x s c a l e } ) "

167 echo −e "F += %g026 "

168
169
170 echo −e "A = a or ( 1 . < x and x < 5 5 . ) "

171 echo −e " p l o t [ ] [ ] "

172
173
174 exec 1>&3 3>&−
175
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176 # s h o t w e l l . / a_g_iPP_PEAKS . png &

177 f i t y k −g a g i P P _ c o l o r $ f i t y k f i l e 2 >/ dev / n u l l

178
179 rm $ g n u p l o t f i l e $ f i t y k f i l e

Listing 8.2: peak_subtraction.sh

1 # ! / b i n / bash

2
3 # G e n e r a t e s a S c r i p t f o r f i t y k t o s u b t r a c t t h e h e r e e n t e r e d f u n c t i o n s from

t h e d a t a f i l e

4
5 f i t y k s c r i p t = subpeak . f i t

6 f i n a l p a t t e r n = e x p o r t _ $ 1

7 wdir = ‘pwd ‘ # working d i r e c t o r y

8
9

10 # check i f S c r i p t i s used r i g h t

11
12 i f [ [ $# != 2 ] ] ; t h e n

13 echo " Usage : $0 D a t a f i l e F i l e s e s s i o n . f i t −F i l e "

14 e x i t 1

15 f i

16
17
18 # check i f f i t y k s c r i p t does a l r e a d y e x i s t

19
20 i f [ ! −f . / $ f i t y k s c r i p t ] ; t h e n # i f f i l e subpeak does n o t e x i s t , t h e n . . .

21 t o u c h $ f i t y k s c r i p t # g e n e r a t e f i t y k s c r i p t w i th t h e f u n c t i o n s t o

s u b t r a c t

22 e l s e

23 echo " F i l e $ f i t y k s c r i p t does a l r e a d y e x i s t , o v e r w r i t e ? ( \ " y \ " f o r yes ) " ;

r e a d q u e s t i o n 1 ;

24 i f [ " $ q u e s t i o n 1 " == " y " ] ; t h e n

25 > $ f i t y k s c r i p t # empty t h e f i t y k s c r i p t

26 f i

27 f i

28
29
30 echo −e "@+ < ’ $1 ’ " >> $ f i t y k s c r i p t # i m p o r t d a t a

31 echo −e " exec ’ $2 ’ " >> $ f i t y k s c r i p t # e x e c u t e * s e s s i o n . f i t f i l e t o t h e

c o r r e s p o n d i n g d i f f p a t t e r n from $1

32
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33 p e a k a r r a y = ( ) # d e f i n e a r r a y

34
35 echo −e " Use P e a k l i s t ? ( ’ y ’ f o r yes ) " ; r e a d q u e s t i o n 2

36 #FIXME p u t t h e p e a k l i s t i n f i x e d f o l d e r and use i t i f yes i s p r e s s e d

37 i f [ " $ q u e s t i o n 2 " == " y " ] ; t h e n

38 # p e a k a r r a y =( ‘ c a t " $wdir / p e a k l i s t . d a t " ‘ ) #Use t h i s o p t i o n i f t h e

p e a k l i s t i s a l r e a d y i n t h e c u r r e n t f o l d e r

39 p e a k l i s t =( ‘ z e n i t y −− f i l e −s e l e c t i o n −−f i l e n a m e =" $pwd " −− t i t l e =" S e l e c t

d a t a F i l e s " ‘ )

40 # p e a k a r r a y =( ‘ c a t " $ p e a k l i s t " ‘ )

41 e l s e

42
43 w h i l e t r u e ; do

44
45 echo −n " E n t e r Peaknames t o s u b t r a c t and p r e s s ’ En te r ’ ( ’ c ’ f o r c o n t i n u e ,

’q ’ f o r e x i t Program ) : " ; r e a d Name ;

46 i f [ "$Name" == " c " ] ; t h e n # i f " c " i s p r e s s e d t h e program

e x i t s t h e i f l oop

47 echo −e " Peaks t o s u b t r a c t : \ n ‘ echo ${ p e a k a r r a y [@] } ‘ "

48 b r e a k

49 e l i f [ "$Name" == " q " ] ; t h e n #The program e x i t s when

p r e s s i n g q

50 echo −e " Program c l o s e d "

51 e x i t 0

52 e l s e

53 p e a k a r r a y +=($Name ) # add peakname t o t h e a r r a y

54 f i

55
56 done

57
58 f i

59
60
61 f o r i i n ${ p e a k a r r a y [@] } ; do

62 echo −e "Y=y−%$ i ( x ) \ n " >> $ f i t y k s c r i p t

63 echo −e " d e l e t e %$ i \ n " >> $ f i t y k s c r i p t

64 done

65
66 echo −e "@0: p r i n t a l l : x , y > ’ $wdir / $ f i n a l p a t t e r n ’ " >> $ f i t y k s c r i p t #

Ex po r t s u b t r a c t e d p r o f i l e t o working d i r e c t o r y

67 # echo −e "@0: p r i n t a l l : x , F ( x ) > ’ $wdir / $ f i n a l p a t t e r n ’ " >> $ f i t y k s c r i p t

# E xp or t t h e r e m a i n i n g ! !MODELLED PHASE ! !

68
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69 # f i t y k $ f i t y k s c r i p t 2 >/ dev / n u l l # o p p r e s s e r r o r messages

70 c f i t y k −q $ f i t y k s c r i p t

71
72
73 # p l o t t h e s u b t r a c t e d p r o f i l e w i th g n u p l o t

74 echo " p l o t \ " . / $1 \ " w p l c 2 t i t l e \ " d a t a \ " , \ " . / $1 \ " w l l c 2 n o t i t l e \ "

d a t a \ " , \ " . / $ f i n a l p a t t e r n \ " w l l c 1 t i t l e \ " modeled phase \ " " | g n u p l o t

−p

75
76 echo "−−−−−−−−"

77 echo "DONE . . . "

78
79 rm $ f i t y k s c r i p t

80
81 e x i t 0

Listing 8.3: prepare_peak_index.sh

1 # ! / b i n / bash

2
3
4 i f [ [ $# != 1 ] ] ; t h e n

5 echo " Usage : $0 F i t y k −*. peaks−F i l e "

6 e x i t 1

7 f i

8
9 # wdi r =pwd # working d i r e c t o r y

10 # f i l e n a m e =hd120mo25_e86ln

11
12 # t o u c h $1_NaN

13 sed −e " s / x / NaN / g " $1 > $1_NaN

14 mv $1_NaN $1

15 c a t $1 | g r ep %a > $1_phase_temp

16 c a t $1_phase_temp | c u t −f2 , 3 > $ 1 _ c e n t e r _ h e i g h t

17 c a t $1_phase_temp | c u t −d \ −f1 | c u t −c 3− > $1_hk l

18 p a s t e $ 1 _ c e n t e r _ h e i g h t $1_hk l > . / $ ( basename " $1 " . peaks ) . peak−i n d e x . d a t

19 rm $1_phase_temp $ 1 _ c e n t e r _ h e i g h t $1_hk l
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Listing 8.4: grep_fitparams_from_wh.sh

1 # ! / b i n / bash

2
3 # e x t r a c t c o n t r a s t f a c t o r s from t h e w i l l i a m s o n _ h a l l _ a n a l y s i s * . d a t f o r each

p r o f i l e and save them i n a s e p e r a t e f i l e f o r t h e use o f MBK

4 # Author : Ge ra ld P o l t

5 # V e r s i o n : 0 . 0 . 1

6 # usage : g r e p _ f i t p a r a m s _ f r o m _ w h < F i l e >

7
8
9 # e x t r a c t c o n t r a s t f a c t o r s from t h e w i l l i a m s o n _ h a l l _ a n a l y s i s * . d a t f o r each

p r o f i l e and save them i n a s e p e r a t e f i l e f o r t h e use o f M u l t i e v a l w i th

d e f o r m a t i o n s t e p s i n f i l e n a m e

10
11 i f [ [ $# != 1 ] ] ; t h e n #Check i f s c r i p t i s used r i g h t

12 echo " Usage : $0 F i l e "

13 e x i t 1

14 f i

15
16 # grep c o n t r a s t f i t p a r a m e t e r s a1−an ( $4−$n ) and save them i n temp f i l e :

17 c a t $1 | e g r e p −v " # | ^ $ " | awk ’BEGIN { FS=" " } { p r i n t " a1=" $4 , " a2=" $5 , "

a3=" $6 , " a4=" $7 , " a5=" $8 } ’ > $1 . tmp # | sed ’ s / e + / * 1 0 ^ / g ’

18
19 # grep f i r s t column ( d e f o r m a t i o n s t e p s ) s ave them i n p r o f i l e . t x t

20 c a t $1 | e g r e p −v " # | ^ $ " | awk ’BEGIN { FS=" " } { p r i n t $1 *100} ’ | bc >

p r o f i l e s . t x t

21
22 # d e c l a r e an a r r a y p r o f i l e s o u t o f f i l e p r o f i l e s . t x t

23 d e c l a r e −a p r o f i l e s

24 p r o f i l e s =( ‘ c a t " p r o f i l e s . t x t " ‘ )

25
26 FILE=$1 . tmp

27 # r e a d $FILE u s i n g t h e f i l e d e s c r i p t o r s

28 exec 3<&0

29 exec 0<$FILE

30
31 l =$ ( c a t p r o f i l e s . t x t | head −n 1) # f i r s t * temp f i l e w i l l be named a f t e r

t h e f i r s t d e f o r m a t i o n s t e p

32 v=1

33
34 w h i l e r e a d l i n e # r e a d one l i n e from t h e tmp f i l e

35 do
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36 echo $ l i n e >> $ l . temp # use $ l i n e v a r i a b l e t o p r o c e s s l i n e

37 l =$ ( ( ${ p r o f i l e s [0+ $v ] } ) ) # use second e l e m e n t from a r r a y "

p r o f i l e s " t o c r e a t e f i l e * . temp

38 v=$ ( ( $v + 1 ) )

39 done

40 exec 0<&3

41
42
43 rows=$ ( awk ’{ p r i n t NF} ’ ${ p r o f i l e s [ 0 ] } . temp | s o r t −nu ) # c o u n t number

o f rows from f i r s t * . temp f i l e ( can on ly be f i v e a c c o r d i n g t o c a t $1 . . .

44
45 # l i n e n u m b e r =$ ( c a t $1 . tmp | wc − l ) # c o u n t number o f l i n e s

46
47
48
49 echo −n " P l e a s e t y p e i n t h e Header−S t r i n g i n k l . _ : "

50 r e a d Header

51 echo −n " P l e a s e t y p e i n t h e T a i l−S t r i n g ( e . g . _ f i l e n a m e . d a t . i n i . f i x ) : "

52 r e a d T a i l

53
54
55 f o r j i n ‘ seq 1 1 $rows ‘ #make l i n e s t o rows f o r each f i l e

56 do f o r k i n ${ p r o f i l e s [@] }

57 do c a t $k . temp | c u t −d ’ ’ − f $ j | p a s t e −s >> $Header$ {k} $ T a i l # l i s t

* . temp f i l e | c u t row j and save t o Heade . . . p a s t e command

i s o p t i o n a l

58 done

59 done

60
61
62
63 rm * . temp $1 . tmp p r o f i l e s . t x t
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